
From phase structure to mechanical properties: How component selection 
controls the properties of an amphiphilic polymer conetwork

Hoai Maria Wolschner a,b, Amin Sadeghpour c,* , Chieh-Szu Huang d, Tina Künniger e,  
Bernhard Weisse f , Viviane Lutz-Bueno g , René M. Rossi a,b , Luciano F. Boesel a,**
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A B S T R A C T

Amphiphilic polymer conetworks (APCNs) are thin, flexible and breathable matrices with a heterogeneous nano- 
phase separated morphology, making them ideal candidates for applications such as wearable luminescent solar 
concentrators (LSCs) for sunlight harvesting. Such materials should possess a well-defined morphology, with 
domains at the nanoscale that allow the incorporation of luminophores at specific volumes. This improves the 
efficiency of Förster resonance energy transfer, a feature essential for state-of-the-art LSC systems. Although 
APCNs have been developed and investigated extensively over recent decades for different applications, we now 
focus on the specificities of using APCNs for LSCs, and how it influences the design process. We found that the 
phase ratio of an APCN strongly affects its transition temperature and hence, the extent of its influence on the 
mechanical properties at room temperature. Similarly, although the chemistry of the hydrophobic domain in
fluences the mechanical properties, the extent of these changes depends on the molecular weights of the pre
cursors. We also demonstrated that Dynamic Mechanical Thermal Analysis (DMTA) a suitable alternative method 
of investigate in the morphology and phase separation in APCNs for which the phase contrast is too low for small- 
angle neutron scattering (SANS) and small-angle X-ray scattering (SAXS). In-situ strain SAXS measurements 
indicated that the macroscopic deformation is reflected at the deformation of the nanoscale domains. Taken 
together, these results help to design APCNs with tunable morphologies and mechanical properties and suggest 
alternative characterization methods, which contribute to revealing the full property space of APCNs for ap
plications in energy harvesting and beyond.

1. Introduction

Amphiphilic polymer conetworks (APCNs) are formed from cova
lently crosslinked hydrophilic and hydrophobic polymer segments, 
resulting in the formation of distinct nanophase-separated domains. The 
biphasic architecture enables control over their selective swelling 
behavior in aqueous and hydrophobic media, mechanical strength and 

domain size [1,2]. This unique combination of properties has facilitated 
the expansion of APCNs into a broad range of application areas. The 
most widely established commercial application of APCNs is in soft 
contact lenses of silicone hydrogel, in which covalently linked hydro
philic and hydrophobic segments form nanophase-separated [3], opti
cally transparent networks that undergo moderate swelling in water 
while maintaining elasticity and providing a high level of oxygen 
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transport [4]. Zhang et al. [5] have reported the design of an 
anti-biofouling APCN for soft contact lenses, and other fields of appli
cation include drug delivery membranes [6–9], biosensors [10–12], 
biocatalysis [13,14], polymer electrolytes and energy devices [15–18]. 
APCNs are waterproof, breathable membranes, and are ideal for 
weather-protective clothing since they are puncture-resistant due to 
their elasticity and ability to swell in water, enabling self-sealing of the 
matrix [19].

Since the introduction of APCNs, several concepts have been devel
oped for their synthesis. There are three major types of synthesis strat
egy [2]: (i) free-radical-induced polymerization; (ii) sequential living 
polymerization; and (iii) chemical combination of preformed hydro
philic and hydrophobic chain segments. Several recent peer-reviewed 
studies on APCNs have emphasized that an understanding of their me
chanical and morphological properties is crucial in order to optimize 
their performance. Although the domain size can generally be tuned via 
crosslinking density, it is primarily governed in APCNs by the molecular 
weights and chain lengths of the hydrophilic and hydrophobic compo
nents [20]. Tsalikis et al. [21] carried out dissipative particle dynamics 
simulations to demonstrate that the morphology and mechanical prop
erties of APCNs vary strongly with composition, and that different 
network architectures lead to distinct nanostructures, with direct im
pacts of the mechanical behavior under strain. Velasquez et al. [22] 
reported notable enhancements in the Young's modulus and toughness 
of these materials through hierarchical reinforcement with cellulose 
nanocrystals and peptide segments. Furthermore, these improvements 
were found to depend on the phase ratio the APCN and less on the 
nanoscale morphology. Peptide hydrogen bonding aids in the cellulose 
nanocrystal dispersion and therefore reinforces the nanostructure. 
Apostolides et al. [23] highlighted that the tensile strain at break and the 
swelling capacity of APCNs arise from long-range ordered 
nanophase-separated domains.

Among the various APCN platforms that have been developed, sys
tems based on poly(dimethylsiloxane) (PDMS) as a hydrophobic phase 
and 2-hydroxyethylacrylate (HEA) as hydrophilic domain are of 
particular interest. PDMS provides flexibility, a high level of optical 
transparency (240-1100 nm), heat resistance, and biocompatibility, due 
to its chemical inertness. PDMS also enables cost-effective and rapid 
fabrication of complex microstructures [24]. Here, we present a method 
for easy and versatile functionalization of hydrophilic poly 
(2-hydroxyethylacrylate) linked by hydrophobic PDMS [25]. Such 
PHEA-l-PDMS APCNs are attractive candidates for optical applications, 
including luminescent solar concentrators (LSCs) [16–18]. In general, 
the refractive index of an LSC host matrix is ~1.5 [26], to ensure strong 
internal reflection of the emitted photons. PDMS elastomers have 
refractive indices of around 1.4 [27], while crosslinked PHEA networks 
have values of around 1.5 [28], yielding PHEA-l-PDMS APCNs with 
indices of close to 1.5.

An LSC consists of a transparent waveguide material in which 
luminophores are embedded. Through photoluminescence, photons that 
cannot be directly captured by the photovoltaic cell are converted into 
energies matching the maximum external quantum efficiency (EQE) of 
the respective solar cell, resulting in an overall improvement in solar 
energy harvesting. By integrating LSCs, the solar energy is harvested 
over a large area and concentrated onto a small area, thereby mini
mizing the numbers of photovoltaic cells required [29,30]. The power 
conversion efficiency in an LSC is reduced by reabsorption losses arising 
from the emitted photons being reabsorbed by dye molecules [31]. 
These losses can be reduced by increasing the Stokes shift between the 
absorption and emission spectra for the dyes, which can be done using 
luminophores, as they exhibit large Stokes shifts. However, the host 
material defines the philicity of the matrix and only luminophores with 
the same philicity can be applied simultaneously. The biphasic domain 
structure of an APCN facilitates the simultaneous loading of hydrophilic 
luminophores into PHEA domains and hydrophobic luminophores into 
adjacent PDMS domains. APCNs are excellent FRET matrices [16,18]. 

This enables the creation of Förster resonance energy transfer (FRET) 
pairs with large Stokes shift, which can be used to obtain LSCs with 
optimum performance by creating a nanophase-separated scaffold that 
enables control over the energy transfer [18]. FRET enhances the power 
conversion efficiency of a LSC by minimizing self-absorption losses [32]. 
FRET pairs within a critical FRET radius of 2 to 6 nm can be incorporated 
into APCNs, where 50% of the energy of the donor is transferred to the 
acceptor for efficient FRET-LSCs [32]. Domain size is a critical param
eter in APCNs used for FRET applications due to the strong distance 
dependence of FRET. Given that FRET efficiency scales inversely with 
the sixth power of the donor acceptor distance [33], even minor varia
tions in domain size or inter-distance lead to disproportionately large 
changes in the overall extent of energy transfer. While nano-phase 
separation with distances smaller than 10 nm is maintained, a key 
advantage of this system is its ability to accommodate luminophores of 
different philicities within the same matrix [16,18] to broaden the 
choice of suitable luminophores. In particular, FRET pairs can be 
selected that result in the largest possible Stokes shifts, thereby 
improving the performance of LSCs.

Enhanced control over the morphology and mechanical properties of 
APCNs is essential to meet the demands of specific applications. The 
research presented here is aligned with recent advances that have 
emphasized the importance of understanding the mechanical and 
morphological properties of APCNs in terms of optimizing their per
formance. The aim of this study is to investigate the morphology and 
mechanical properties of APCNs by tailoring the precursor ratios. It 
explores the impact of hydrophilic domain chemistry and molecular 
weights of the hydrophobic component to optimize APCNs for lumi
nescent solar concentrator applications, aiming to improve the effi
ciency of solar cells. The results will contribute to establishing design 
principles for APCNs for application in LSCs. The use of in situ-strain 
small-angle X-ray scattering (SAXS) allows for real-time tracking of 
deformation at both the nano level and the macromolecular scale. 
Alternative methods are also used to study APCNs for samples with low 
X-ray contrast in SAXS, low scattering length density difference in small- 
angle neutron scattering (SANS) or which are too brittle to prepare 
"dogbone" specimens suitable for tensile testing. Dynamic Mechanical 
Thermal Analysis (DMTA) data are used to confirm the biphasic network 
of APCNs based on distinct glass transition temperatures (Tg) for the 
hydrophilic and hydrophobic domains, thereby providing direct evi
dence of nanophase separation and microphase immiscibility, while 
simultaneously characterizing the temperature dependent storage 
modulus (E′) change.

2. Results and discussion

2.1. APCN synthesis

Hydrophobic and hydrophilic precursors are needed for the synthesis 
of APCNs (Fig. 1) In these experiments various commercially available 
substances were tested as hydrophobic precursors, including 
methacryloxypropyl-terminated poly(dimethylsiloxane) (PDMS) with 
molecular masses between 4500 [13,16–18,25,34–36] and 25, 
000 g mol− 1. The long-chain dimethyacrlyate crosslinker 1,12-Dodeca
nediol dimethacrylate (DDDMTA) was also used as an alternative pre
cursor with low molecular weight. Besides HEA [13,16–18,25,34–36], 
the influence of the hydrophilic precursor 2-hydroxymethylacrylate 
(HEMA) was investigated. Furthermore, the hydrophobic acrylate pen
tafluorophenyl acrylate (PFPA) (PFPA30_70PDMS50, S6) was investi
gated. The sample is listed in Table 1. PFPA was added, because its 
active ester groups react with hydrophilic dyes via nucleophilic ami
nolysis, which enables covalent bonding of the hydrophilic dyes in 
APCNs.

The protocol used for synthesis in these experiments was based on 
earlier studies [16,25,34]. The protecting group trimethylsilyl (TMS) 
was used to temporarily mask the hydrophilic character of the precursor 
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HEA by forming a trimethylsilyl ether (-OTMS) to ensure the homoge
neous mixing of the hydrophilic precursor HEA or HEMA and the hy
drophobic precursor. Deprotection was carried out by swelling the 
preAPCNs overnight in a HCl-acidified mixture of 50:50 wt% water and 
isopropanol, to remove HEA from the TMS-protection group.

2.2. Strain-induced morphological changes in APCNs

In-situ studies of the changes in the nanodomains were conducted by 
applying tensile stress to the APCN films while performing SAXS mea
surements. The samples were subjected to tensile loading at a speed of 
5 mm min− 1 and a strain rate of 3.33 × 10− 3 s− 1. An exemplary stress- 
strain curve is given in Fig. 2a with the respective patterns detected in 
2D. Stretching the specimen aligns the nanodomains, leading to the 
formation of anisotropic scattering patterns, which becomes evident in 
the ellipsoid 2D scattering patterns. Immediately following the breaking 

point at around 275 s or 90% strain, the domains are reshaped to their 
original aspect ratio, a finding that emphasizes the elasticity of the 
nanodomains in this particular APCN sample. Details are reported in 
section Figure S 1 to Figure S 4.

All the samples investigated here were transparent to visible light 
indicating the absence of macroscopic phase separation, although at the 
nanoscopic level, phase separation was evident in the scattering exper
iments. The presence of a correlation peak at around 0.5 nm− 1 confirms 
the domain-domain correlations at the nanoscale present in all samples 
(Fig. 2b and c and Figure S 2). In the experimental set up, the direction of 
tensile loading was aligned with the horizontal axis of the detector (qx), 
while the transverse direction was aligned with the vertical axis (qy). 
Stress was applied at room temperature (RT) and a circular-shaped 
correlation peak appeared in the 2D scattering image. When exposed 
to tensile stress, the APCN films gave rise to an ellipsoidal correlation 
peak in the 2D images, where the peak position was shifted towards 

Fig. 1. Synthesis of APCNs via photopolymerization using various hydrophobic and hydrophilic precursors to investigate their influence on the morphological and 
mechanical properties of the APCNs. As a hydrophobic precursor, either PDMS with different molecular weights or DDDMA were used. Other precursors such as TMS- 
HEA, TMS-HEMA or PFPA were investigated.

Table 1 
Composition of the APCN (with deprotection) and preAPCN (without deprotection) samples.

Sample 
No.

Sample namea Hydrophob. precursor 
Mw [g mol− 1]

PHEA 
(wt%)

PFPA 
(wt%)

PHEMA 
(wt%)

PDMS 
(wt%)

DDDMA 
(wt%)

Irgacure 651 
(wt%)

De- 
protection

X&Nb

S1 90PDMS50 ~5,000 10 - - 90 - 2 yes X
S2 87PDMS50 ~5,000 13 - - 87 - 2 yes X
S3 70PDMS50 ~5,000 30 - - 70 - 2 yes X, N
S4 63PDMS50 ~5,000 37 - - 63 - 2 yes X
S5 30PDMS50 ~5,000 70 - - 30 - 2 yes N
S6 PFPA30_70PDMS50 ~5,000 - 30 - 70 - 2 yes X
S7 PHEMA5_65PDMS50 ~5,000 30 - 5 65 - 2 yes X
S8 70PDMS4 ~500 30 - - 70 - 0.6 yes N
S9 50PDMS4 ~500 50 - - 50 - 0.6 yes N
S10 30PDMS4 ~500 70 - - 30 - 0.6 yes N
S11 70DDDMA ~338 30 - - - 70 0.6 yes N
S12 50DDDMA ~338 50 - - - 50 0.6 yes N
S13 30DDDMA ~338 70 - - - 30 0.6 yes N
S14 70PDMS125 ~10,000 30 - - 70 - 0.6 yes X
S15 70PDMS1000 ~25,000 30 - - 70 - 0.6 yes X
S16 70PDMS4no ~500 30 - - 70 - 0.6 no -
S17 70PDMS125no ~10,000 30 - - 70 - 0.6 no -
S18 70DDDMAno ~338 30 - - - 70 0.6 no -
S19 70PDMS50no ~5,000 30 - - 70 - 0.6 no -

a For samples denoted as "x hydrophobic precursor type", x indicates the amount of hydrophobic precursor assed. Unless otherwise specified, the rest consists of HEA 
to a total of 100 wt%, for example, 90PDMS50 contains 90 wt% PDMS50 and 10 wt% HEA. For samples named "other acrylate precursor y_x hydrophobic precursor 
type", y indicates the amount of the other acrylate precursor added, for example, PFPA30_70PDMS50 contains 30 wt% PFPA and 70 wt% of PDMS50.

b Morphology data derived from SAXS (X) or SANS (N).
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Fig. 2. Real-time strain dependent SAXS measurements to monitor dynamic changes in nanodomain deformation. a) A representative stress-strain curve and cor
responding 2D patterns and domain size for sample 70PDMS50 (S3) are depicted. b) SAXS patterns obtained at different time points and integrated azimuthally over 
a 30◦ horizontal sector (tensile direction) and c) in the vertical direction. d) Domain size changes during elongation in the horizontal (tensile loading) direction (dx). 
e) Domain size changes during elongation in the vertical direction (dy). f) Quantitative analysis of deformation induced anisotropy in sample 70PDMS50 (S3).
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lower qx values in the horizontal direction (Fig. 2b, Figure S 2 and 
Figure S 3) and higher qy values in the vertical direction (Fig. 2c, 
Figure S 2 and Figure S 3). A high q value corresponds to a large scat
tering angle, giving a smaller domain size, and vice versa. The ellipsoidal 
correlation peak in the scattering image indicates anisotropic deforma
tion of structures and their alignment in real space. As a result, during 
deformation of the nanodomains, the shape is altered to compensate for 
the imposed external stresses. Nanodomains become elongated along 
the horizontal tensile direction (Fig. 2d) and their size decreases in the 
vertical direction (Fig. 2e) during loading. In a study by Wiener et al. 
[37] in situ SANS was used to link macroscopic stress relaxation with 
nanostructural recovery in a supramolecular copolymer hydrogel. 
Following mechanical deformation of the samples, these authors 
observed the nanodomains to undergo a change in shape, which shifted 
the position of the scattering peak q. They attributed the stretching of 
the attached network chains to the generated retractive stress, under 
which nanodomains are reoriented for stress relaxation [37]. In the 
APCN samples considered here, it appears that a similar chain-driven 
nanodomain reorientation mechanism occurs. APCN films containing 
PFPA (Figure S 2h &k) displayed a broader peak width compared to 
those containing HEA (Figure S 2a-g, j) or a mixture of HEA and HEMA 
(Figure S 2i & l). According to the Scherrer equation, which associates 
the broadening of a correlation peak to the size of an ordered domain, 
this broadening suggests a short-range ordered arrangement of domains 
with weak correlation between. A broader peak indicates consistent 
spacing between the domains is not maintained over a great distance, 
implying a lower level of ordering for these acrylate phases compared to 
HEA. This could be attributed to the hydrophobic nature of PFPA, which 

may lead to a weaker phase separation compared to the much more 
hydrophilic HEA and HEMA precursors. To provide a quantitative 
measure of the deformation-induced structural changes, the anisotropy 
of the 2D SAXS patterns was evaluated by determining the domain 
aspect ratio dx/dy (Fig. 2f), which was plotted against stress. The aspect 
ratio was calculated from the ratio of the domain size changes dx during 
elongation in the horizontal direction (Fig. 2d) and domain size changes 
dy during elongation in the vertical direction (Fig. 2e). In the unde
formed state (0 MPa), the aspect ratio is 1, confirming a perfectly 
isotropic morphology. Under tensile deformation, a linear increase in 
aspect ratio is observed. This trend quantitatively reflects the progres
sive elongation and alignment of the domains along the tensile direction. 
At the maximum tensile stress of 0.77 MPa. The aspect ratio dx/dy rea
ches a value of ~1.6, indicating a highly oriented anisotropic domain. 
This quantitative evolution strongly correlates with the macroscopic 
mechanical behavior of the material, revealing that the tensile stress 
directly drives the nanoscale structural reorientation.

Mapping experiments were conducted by scanning a specimen held 
at 70% of its maximum elongation, using a step size of 0.5 mm. Mapping 
at different sample positions in the bulk revealed consistency in terms of 
domain size and ordering across the whole surface area of the specimens 
(13 mm × 3 mm, Fig. 3a & Figure S 5). The resulting changes in domain 
sizes in horizontal (tensile loading) (Fig. 3b) direction and vertical di
rection (Fig. 3c) are mapped in Fig. 3, showing nearly identical values 
across the scanned area. We confirm that for all investigated samples in 
Fig. 3 & Figure S 5 the structural integrity of APCNs is maintained at the 
nanoscale across the surface when they are subjected to a predetermined 
strain and held at that level, with no differences in regard to nanoscale 

Fig. 3. Mapping of the domain sizes of sample 70PDMS50 (S3): a) in the absence of applied stress, b) in the horizontal (tensile loading) direction, and c) in the 
vertical (the tensile load is perpendicular to the vertical direction) direction.
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reorganization. This points to a homogeneously distributed domain 
structure and domain response to tensile stress across the whole spec
imen, despite the random polymerization process.

Following confirmation of the nanostructure homogeneity, the focus 
of the experiments turned to the stress relaxation behavior of APCNs 
based on in situ strain SAXS experiments at 7% of maximum strain. 
Previous work by the current authors [18] has shown that HEA con
centrations of around 30 wt% give APCNs that are ideal for LSC appli
cations by achieving domain sizes around 10 nm. Hence, samples 
87PDMS50 (S2) (Fig. 4& b) and 70PDMS50 (S3) (Fig. 4c and d) were 
exposed to a stress of 0.56 MPa at a speed of 5 mm min− 1 until a strain of 
36% was reached (yellow area, I). The strain was held constant (red 
area, II) for a period of ~840 or ~2340 s (Fig. 4a and c). Immediately 
after the strain was applied, an exponential reduction in stress was 
observed. When a polymer is suddenly stretched, its chains become 
more ordered and aligned, which lowers the entropy [38]; over time, the 
stress continues to drop at a slower rate (red area, II), while the chains 
return toward a more disordered state by relaxing and recoiling. Finally, 
a plateau is reached, where no additional stress relaxation takes place, 
due to the crosslinked network structure that maintains stability without 
significant further relaxation. In these experiments, a plateau was not 
observed within the studied time frame. Sample 70PDMS50 (S3) showed 
greater step strain than sample 87PDMS50, with the APCN film under
going fast initial relaxation, followed by less contraction, in which the 
chains recover their equilibrium disordered state.

2.3. Effect of phase ratio

The morphology of an APCN can be tuned to the desired scale by 
adjusting the phase ratio [18,35]. In these experiments, the focus was on 
changing the phase ratio for several APCNs to tune the morphology of 
the nanodomains and to investigate the mechanical properties. The aim 
was to obtain controlled domain dimensions that would lead to high 
FRET efficiencies if two dyes were to be added. The data obtained here 
reveal distinct effects from hydrophilic and hydrophobic domains on the 
APCN morphology. The domain size describes the average 
center-to-center distance of nanophase-separated domains and was ob
tained from SAXS. The amount of HEA was varied around 30 wt%, 
which was found in our previous work [18] to be the best value for 
applications involving LSCs. An increase in the amount of the hydro
philic phase HEA led to an enlargement of the domain sizes (Fig. 5a), 
consistent with the findings reported by Fodor et al. [39] for poly 
(N-vinylimidazole)-l-poly(tetrahydrofuran) conetworks, Wilhelm et al. 
[40] for crosslinking the hydrophilic PHEA with the hydrophobic poly 
(2-(1-ethylpentyl)-2-oxazoline) (PEPOx) and Huang et al. [18] and 
Velasquez et al. [35] for PHEA-l-PDMS APCNs. At higher concentrations 
the compatibility of HEA with the hydrophobic phase PDMS decreased, 
thereby driving stronger phase separation, leading to larger domains 
and hence enlarged interdomain distances. Malo de Molina et al. 
observed an increase in domain sizes with higher content of the hy
drophilic 2-(dimethylamino)ethyl methacrylate (PDMAEMA), for block 

Fig. 4. Stress relaxation behavior of sample 87PDMS50 (S2) subjected to a tensile stress of 0.56 MPa until a strain of 36% was reached (yellow area). The strain was 
held constant (red area), and the resulting stress decay was monitored over a period of 850 s to observe the response at the macroscopic level. The strain was then 
retracted at a rate of 0.05 mm min− 1. b) Nanostructure of sample 87PDMS50 (S2) during elongation and stress relaxation simultaneously. c) Stress relaxation 
behavior of sample 70PDMS50 (S3) subjected to a tensile stress of 0.56 MPa until a strain of 36% was reached (yellow area). The strain was held constant (red area), 
and the resulting stress decay was monitored over a period of 2340 s to observe the material's response at the macroscopic level. d) Nanostructure of sample 
70PDMS50 (S3) during elongation and stress relaxation. (For interpretation of the references to colour in this figure legend, the reader is referred to the Web version 
of this article.)
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copolymer APCNs based on hydrophobic methyl methacrylate (MMA) 
monomer repeating units and the hydrophilic PDMAEMA monomer 
crosslinked by ethylene glycol dimethacrylate (EGDMA) [41].

A linear relationship was observed between the content of hydro
philic HEA and the inter domain spacing d (Figure S 6). Data were fitted 
using the equation d = a + b*x and we found that the factors a = 1.15 
and b = 0.12 gave the best R2 with R2 = 0.93, where the parameter x 
describes the amount of HEA added in wt%. Inter domain spacing scales 
linearly with total domain sizes, calculated as the sum of domain sizes of 
the hydrophilic domain and hydrophobic domain. Here, d = 5.83 +
0.19*x (R2 = 0.83, Figure S 6).

No continuous trend in the domain aspect ratio is observed when 
moving from sample 90PDMS50 (S1) to 63PDMS50 (S4) (Figure S 4). 
Instead, the sample 90PDMS50 (S1) remains almost completely 
isotropic throughout the entire tensile test. Whereas the samples 
87PDMS60 (S2) to 65PDMS50 (S4) all exhibit stress-induced anisotropy. 
Notably, within this latter group, sample 70PDMS50 (S3) displays a 
higher sensitivity to stress, with its aspect ratio increasing more steeply.

The effect of the phase ratio of APCNs on their mechanical properties 
was investigated by exposing samples 90PDMS50 (S1) to 30PDMS50 
(S5) (Table 1) to uniaxial tensile stress (Fig. 5b). Elongation at break 
increases as the amount of HEA in samples 90PDMS50 (S1) to 
70PDMS50 (S3) was raised to 30 wt% HEA. When HEA was added at 
70 wt%, the strain value showed a two-fold increase compared to lower 
added amounts of HEA ranging from 13 to 37 wt% (Table S 1). The 
decrease in stiffness was visible in a decrease in the tensile modulus at 
70 wt% of HEA. Tuning of the phase ratio did not seem to influence the 
tensile properties, except for the samples with a high amount of a single 

phase – either HEA or PDMS (sample 90PDMS50 and sample 
30PDMS50). The glass transition of PHEA is observed in literature at 
~37.5◦C [42,43] and the material was therefore expected to be in its 
glassy state. An increase in elongation at break and a decrease in tensile 
modulus was observed with an increasing proportion of HEA, especially 
at high HEA amounts; a result that is aligned with findings reported in 
the literature [35]. This indicates that tensile testing is not an ideal 
approach to investigating the influence of the phase ratio on the me
chanical properties in our systems, as has also been found previously for 
PHEA-l-PDMS APCNs [35]. Their high standard deviation values indi
cate significant variability across specimens, highlight challenges 
related to the method used to test the mechanical properties.

DMTA measurements were performed, which allowed for a study of 
the viscoelastic properties of polymers as a function of temperature, time 
and frequency thereby providing detailed insights into the mechanical 
behavior and transitions of the polymer samples. Due to the biphasic 
nature of APCNs, two distinct Tg values are expected. In the literature, 
the value of Tg for PDMS, determined from the tan δ peak with DMTA, 
has been reported as between − 125◦C and − 114◦C [44] for commercial 
silicone elastomers, and the value of Tg for PHEA has been determined as 
~37.5◦C [42,43] in the same way. Phase-separated, immiscible polymer 
blends exhibit two distinct values of Tg, whereas a single value for Tg 
indicates a homogenous phase arising from miscible polymers. DMTA 
data not only provide information about the mechanical properties of 
the material but also offers insight into its phase morphology. In these 
experiments, two peaks were observed in Eʺ and tan δ (Fig. 5c–e) for 
samples 90PDMS50 (S1) and 70PDMS50 (S3) (Table 1), thus proving 
that phase-separated domains were created at the nanoscale, since the 

Fig. 5. Domain sizes and individual domain sizes (PDMS shown in orange and HEA in blue) determined for APCNs with HEA weight ratios varying between 10 wt% 
(90PDMS50, S1) and 37 wt% (63PDMS50, S4). b) Uniaxial tensile testing of APCNs with different HEA ratios depicting elongation at break (purple), ultimate tensile 
strength (UTS) (green) and the tensile modulus (yellow). c) DMTA temperature sweep of 90PDMS50 (S1), 70PDMS50 (S3) and 30PDMS50 (S5) (from left to right) 
depicting the storage modulus E' (black), loss modulus E" (red) and tanδ (blue). (For interpretation of the references to colour in this figure legend, the reader is 
referred to the Web version of this article.)
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films were transparent, excluding separation at the macroscopic level.
The Tg of PDMS is aligns with the literature value of -117◦C [44] of 

− 117◦C. However, increasing amounts of the PHEA phase shifted the Tg 
toward lower temperatures. For sample 30PDMS50 (S5) Tg for PDMS 
was not visible in the temperature range − 130◦C to 75◦C; the peak 
position may have been shifted to below − 130◦C, outside the range 
measurable with DMTA used in these experiments. Petróczy et al. [45] 
used DSC to determine the glass transition of their nanophase-separated 
polystyrene-l-poly(dimethylsiloxane) (PS-l-PDMS) conetworks and 
observed a slight shift of approximately 4◦C towards higher Tg in PDMS 
as the amount was increased from 59 to 84%. In the present work, a 
temperature increase of 5◦C was observed when the amount of PDMS 
was increased from 70 wt% to 90 wt% (Fig. 5c and d). This shift is 
relatively small compared to the more pronounced decrease in Tg 
observed for the crosslinked PS component. Compared to the PS ho
mopolymer, Tg has been found to decrease by between 19◦C and 40◦C 
depending on the amount of PS added to the network [45]. In the current 
work, a similar shift was observed when using an increasing amount of 
HEA: a change in peak position towards higher temperatures (Fig. 5c–e) 
for Tg PHEA was noticeable for all samples. We observed that the Tg is 
reduced by 23◦C to 42◦C compared to the Tg for the homopolymer PHEA 
at ~37.5◦C [42], as the amount for PHEA was reduced from 70 wt% to 
10 wt%.

Segmental motion within the interphase leads to shifts and/or 
asymmetric broadening in Tg [46]. This is supported by the observation 
of a β-transition peak for PHEA; for samples 70PDMS50 (S3) and 
30PDMS50 (S5), this is visible between − 88◦C and − 84◦C. The β-tran
sition is a secondary relaxation process, appearing below the Tg that 
corresponds to the local motion of the polymer backbone; it is smaller 
than the large-scale motions of long chain segments that occur during 
the Tg [47]. Asandulesa et al. [48] found that in polar-nonpolar 

polysiloxane co-networks, β relaxation is favored by increasing the 
amount of polar groups. The β-transition may not be visible for the APCN 
sample 90PDMS50 (S1) tested here because the amount of the PHEA 
phase is probably too low. Another possible explanation is that the 
β-transition is hidden by the strong Tg peak for PDMS.

The domain size for PDMS shows only minor variations with a 
change in phase ratio, whereas for HEA, it increases more with higher 
HEA content (Fig. 5a). Fodor et al. [49] studied amphiphilic poly 
(N-vinylimidazole)-l-poly(tetrahydrofuran) (PVIm-l-PTHF) conetworks 
and demonstrated that the extent of the variation in Tg depends not only 
on the composition but also on the molecular weight of the PTHF 
component. This indicates a "scissors effect" where the macromolecular 
crosslinker functions as scissors and the glass transition temperature of 
the comonomer chain segments is solely determined by the length of the 
segment between consecutive crosslinking points Mc, rather than by the 
entire chain length. The value of Mc for the PHEA segments can be 
calculated as follows [2,48,49]: 

Mc
[
g mol− 1]=0.5

wt%HEA

wt%PDMS
MPDMS

[
g mol− 1] (1) 

Where wt%HEA and wt%PDMS represent the weight percentages of HEA 
and PDMS, and MPDMS is the average molecular weight of PDMS. The Mc 
values for 90PDMS50 (S1), 70PDMS50 (S3) and 30PDMS50 (S5) are 
278, 1071 and 5833 g mol− 1, respectively. The average molecular 
weight between crosslinks Mc is inversely proportional to the cross
linking density [50]: the more HEA is added, the lower the degree of 
crosslinking. This also explains the stress relaxation results (Fig. 4a and 
c). Consequently, sample 70PDMS50 (S3) (Fig. 4c) relaxes faster 
compared to 87PDMS50 (S2) (Fig. 4a), exhibiting a steeper initial drop 
in stress once the strain is held constant. This behavior is driven by 
differences in Mc values (Table 2), as the E-Modules of the samples at 

Fig. 6. Effect of the hydrophilic composition on morphology and mechanical properties. a) Influence of the hydrophilic component on domain size for samples 
70PDMS50 (S3), PFPA30_70PDMS50 (S6) and PHEMA5_65PDMS50 (S7). b) Elongation at break derived from SAXS- and tensile testing measurements for the same 
samples. c) DMTA temperature sweep of PFPA30_70PDMS50 (S6) depicting the storage modulus E' (black), loss modulus E" (red) and tanδ (blue). (For interpretation 
of the references to colour in this figure legend, the reader is referred to the Web version of this article.)
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room temperature are similar (Fig. 5b).
Schroeder and Roland [51] report that in end-linked PDMS networks 

the α dispersion broadens in response to an increase in crosslinking 
density. α dispersion represents segmental motion that occurs at Tg; as 
the crosslinking density increases, these movements become more 
restricted, which broadens the peak. This effect is in accordance with 
our findings. Sample 90PDMS50 (S1), with the highest crosslinking 
density, exhibited the greatest peak broadening, whereas sample 
30PDMS50 (S5) had the lowest crosslinking and a sharper peak. A 
higher degree of crosslinking also leads to a stiffer polymer and an 
increased modulus. The values of the E' at RT were ~250 MPa [43] for 
the homopolymer PHEA and 0.4 MPa for PDMS [52].

In accordance with the Flory-Fox equation [53], the value of Tg for a 
polymer changes with its molecular weight. A higher molecular weight 
reduces the free volume, which restricts chain motion and therefore 
increases Tg, making the polymer stiffer at lower temperatures. Ac
cording to the scissors effect, this would lead to a decrease in Tg, as 
observed here (Fig. 5e–c): while the Tg for PHEA remains below RT for 
all three samples, it lies above RT for the homopolymer. Hence, at RT, 
the material was in a rubber-like state, regardless of how much of the 
stiff HEA monomer was added, and the storage modulus for each of the 
samples S1, S3 and S5 is similar (Table S2). DMTA confirms that RT falls 
directly within the Tg region of the hydrophilic PHEA matrix. In this 
transitional regime, the polymer has not reached the stable rubbery 
plateau and resides on the steepest gradient of the E′ curve. Conse
quently, the mechanical properties exhibit an extreme sensitivity to the 
environment; minor fluctuations during tensile testing induce drastic 
shifts in molecular segmental mobility, translating directly into a sig
nificant experimental scatter in the tensile data (Fig. 5b).

The samples reach a rubbery plateau region at ~50◦C with E′ values 
between ~1.6 and 3.6 MPa. The glassy region of the storage modulus 
(shown in black in Table S2) between the Tg for PDMS and PHEA in
creases with the content of HEA. Only the influence of PHEA on the 
APCN film is visible here as it lies below the value of Tg for PHEA. The 
DMTA results confirm our initial hypothesis that increasing the HEA 
content of the conetwork leads to the formation of stiffer APCNs, but this 
effect appears only if HEA is in a glassy state. For instance, at − 50◦C, a 
300-fold increase in the storage modulus is obtained by increasing 
content of HEA by a factor of only seven times (Fig. 5c–e) and Table S2). 
The DMTA experiments and the presence of the "scissors effect" 
demonstrate that tensile testing is not ideal for assessing the influence of 
the phase ratio on the mechanical properties of these APCNs, as these 
measurements were performed at RT, which is above Tg for the PHEA in 
the APCNs due to the "scissors effect". Since both components are in a 
viscous state at RT, the quasi-static mechanical properties are deter
mined by a complex interplay between the individual mechanical 
properties, Mc, and domain size.

The findings obtained from tensile testing at RT (Fig. 5b) can be 
interpreted based on the "scissors effect" in polymer conetworks. The 
crosslinker serves as molecular scissors that disrupt chain mobility in the 
crosslinked network. It can be seen that with an increasing proportion of 
HEA, the average molecular weight between crosslinks Mc increases 
(Table 2); this leads to fewer crosslinks and hence a higher elongation at 
break with an increasing amount of HEA.

2.4. Effect of hydrophilic domain chemistry

Another essential aspect of APCNs is the influence of the hydrophilic 
and hydrophobic precursors on hydrophilic domain chemistry, hence on 
the morphology and mechanical properties of the overall APCN 
network. Wilhelm et al. [40] studied the hydrophilic acrylates N, 
N-dimethylacrylamide (DMA) and HEA, crosslinked by the hydrophobic 
PEPOx. Although DMA and HEA have similar molecular weights, the 
domain size for PHEA-l-PEPOx APCNs containing 70 wt% HEA was 
doubled compared to 70 wt% DMA in PDMA-l-PEPOx APCNs. Conse
quently, investigation of the effect of hydrophilic domain chemistry on 
the morphological and mechanical properties of APCNs is therefore 
crucial for optimization of these properties and materials design. The 
effect of hydrophilic composition on the domain size was investigated 
here using HEA (70PDMS50, S3), and a mixture of HEA and HEMA 
(PHEMA5_65PDMS50, S7) (Fig. 6a). The effect of a further acrylic 
component on the APCN network was also investigated using the hy
drophobic PFPA (PFPA30_70PDMS50, S6). In all three samples investi
gated here, the PDMS content was 70 wt%. The addition of hydrophobic 
PFPA to PDMS enlarged the domain size compared to the addition of 
HEA alone as the hydrophilic phase. When components are more 
compatible, and therefore better miscible, phase separation is weaker, 
resulting in smaller domains. This is consistent with the general prin
ciple in polymer physics that larger Flory-Huggins interaction parame
ters indicate poor miscibility and a greater tendency towards phase 
separation [54]. This describes the thermodynamic compatibility be
tween two polymer components and quantifies the excess free energy of 
mixing, which arises from the difference in interactions between like 
and unlike segments. HEA contains a hydrophilic hydroxyethyl group 
and an acrylate backbone, resulting in structural characteristics that are 
more similar to PDMS than those of the highly fluorinated PFPA. This 
similarity means that HEA can easily integrate with PDMS, leading to 
less pronounced phase separation and smaller domain sizes. For fluori
nated acrylate polymers, an increase in the enthalpy of mixing was 
observed for a higher number of fluorinated repeat units [55]. A higher 
enthalpy of mixing promotes phase separation, resulting in larger 
domain sizes, as the components prefer to minimize contact with each 
other. An increase in the inter domain distance was also observed upon 
the addition of a mixture of HEA and HEMA.

SAXS measurements were conducted to measure the nanoscale 
deformation of the domains, while for precise deformation measure
ments at the macroscale, values for the elongation at break were derived 
from uniaxial tensile testing, in which strain control was achieved via a 
laser extensometer. The results for samples containing 30 wt% HEA 
(70PDMS50, S3) (yellow) and 30 wt% PFPA (PFPA30_70PDMS50, S6) 
(turquoise) showed that the nanodomains and the bulk material 
deformed in a similar way (Fig. 6b). When a mixture of HEA and HEMA 
(PHEMA5_65PDMS50, S7) (green) was used for the hydrophilic phase, 
the elongation at the nanoscopic level did not translate directly to 
stretching at the macroscopic level (Fig. 6b). HEMA contains a methyl 
group attached to its backbone, which is responsible for the inter- and 
intrachain hydrogen bonds formed between polymeric hydroxyl groups 
[56]. This, together with the steric hindrance induced by the additional 
methyl group on the HEMA backbone, stiffens the hydrophilic phase and 
restricts the chain mobility, making the hydrophilic nanodomains less 
ductile. In contrast, when HEA is used alone as a hydrophilic phase, 
greater elongation is visible at the nanoscale due to its higher ductility. 
The macroscopic elongation at break depends more strongly on the 

Table 2 
Average molecular weights between crosslinking points Mc for PDMS precursors 
with different molecular weights and DDDMA.

Sample name Molecular weight of the  
hydrophobic phase [g mol− 1]

Mc HEA [g mol− 1]

70PDMS4 (S8) ~500 107
70PDMS50 (S3) ~5,000 1071
70PDMS125 (S14) ~10,000 2,143
70PDMS1000 (S15) ~25,000 5,357
70DDDMA (S11) 338 73
90PDMS50 (S1) ~5,000 278
87PDMS50 (S2) ~5,000 374
63PDMS50 (S4) ~5,000 1,468
30PDMS50 (S5) ~5,000 5,833
50PDMS4 (S9) ~500 250
30PDMS4 (S10) ~500 583
50DDDMA (S12) 338 169
30DDDMA (S13) 338 394
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global network structure than the elongation limits of individual nano
domains, giving it similar deformation values as when HEA (70PDMS50, 
S3) is used alone.

At equivalent stress levels, samples 70PDMS50 (S3) and PHE
MA5_65PDMS50 (S7) exhibit higher domain aspect ratios than sample 
PFPA30_70PDMS50 (S6), indicating greater development of structural 
anisotropy under tensile load (Figure S 4). Notably, utilizing a different 
acrylic component modifies the resulting domain aspect ratio. Despite 

the variation in their formulation, samples 70PDMS50 (S3) and PHE
MA5_65PDMS50 (S7) display similar nanoscale deformation behavior. 
This is directly attributed to their composition, as sample S3 contains 
30 wt% of HEA, whereas sample S7 incorporates only 5 wt% of PHEMA.

At RT the values of the median storage modulus are similar when 
HEA (70PDMS50, S3) (Fig. 6c) or PFPA (PFPA30_70PDMS50, S6) 
(Fig. 6c) (Table S2) are added. This is due to the "scissors effect" (Section 
2.3), which is evident from a pronounced temperature shift in Tg for 

Fig. 7. Inter distances and individual domain sizes for APCNs containing PDMS with different molecular weights of between 5,000 g mol− 1 and 25,000 g mol− 1 

derived from static SAXS, where all samples contain 30 wt% HEA and 70 wt% of the respective PDMS. Value PDMS50, which has the same composition as our sample 
70PDMS50 (S3) was taken from literature [18]. b) SANS results for APCNs containing varying amounts of PDMS50 as the hydrophobic phase. c) SANS results for 
APCNs containing varying amounts of PDMS4 as the hydrophobic phase. d) SANS results for APCNs containing varying amounts of DDDMA as the hydrophobic 
phase. e) Kratky plots for APCNs containing varying amounts of PDMS4 as the hydrophobic phase. f) Kratky plots for APCNs containing varying amounts of DDDMA 
as the hydrophobic phase. g) Inter distances and the individual domain sizes for APCNs containing PDMS50 and PDMS4, derived from SANS.
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PFPA. The temperature decreased by 9◦C relative to the Tg of the ho
mopolymer (Tg PFPA = 55◦C [57]). At RT, the material behaves like an 
elastic rubber, and adding either HEA or PFPA does not influence the 
storage modulus (Fig. 6c). At − 50◦C, below Tg for HEA and PFPA, a 
higher value for the median storage modulus is found for the sample 
comprising HEA. HEA contains hydroxyl groups, which can form strong 
hydrogen bonds. These reduce molecular mobility by restricting the 
movement of the chains in the network and increasing the binding en
ergy, thereby increasing the stiffness [58–60]. No β-transition was 
observed for PFPA30_70PDMS50 (S6), unlike for sample 70PDMS50 
(S3). The difference between the samples was solely the 30 wt% content 
of hydrophobic PFPA in sample PFPA30_70PDMS50 (S6) versus 30 wt% 
of hydrophilic HEA in sample 70PDMS50 (S3). These results are sup
ported by a report in the literature for polysiloxane polar-nonpolar 
conetworks [48]; where the authors found that a higher polar group 
content promoted the occurrence of secondary β-relaxation.

2.5. Effect of hydrophobic domain chemistry

Experiments were also carried out to explore the influence of the 
hydrophobic component on the polymeric network. PDMS precursors 
with higher molecular weight were selected, and their influence on the 
inter distance was measured (Fig. 7). The inter distance is defined as the 
average distance between the centers of nanophase-separated domains. 
First, the impact of the molecular weight Mw on the domain size was 
investigated. Fig. 7a, shows the results for samples containing 30 wt% 
HEA and 70 wt% PDMS with increasing Mw. When Mw is increased from 
~5000 g mol− 1 in 70PDMS50 (S3, Table 1) to 10,000 g mol− 1 in 
70PDMS125 (S14, Table 1) the inter distance also doubles from ~10 nm 
to ~23 nm, as can be seen from Fig. 7.

In a prior study of block copolymer APCNs based on hydrophobic 
methyl methacrylate (MMA) monomer repeating units and hydrophilic 
PDMAEMA monomer crosslinked by EGDMA, the distance remained 
unchanged regardless of the size of the hydrophobic domains [41]. The 
authors attributed this to the placement of EGDMA within the center of 
the linking PDMAEMA block, which reduces its extension, resulting in a 
partial attachment of PDMAEMA blocks to hydrophobic domains. 
Furthermore, they proposed that the similar spacing between hydro
phobic domains arises because the MMA blocks are half the length of the 
PDMAEMA blocks, yielding comparable inter domain distances that 
compensate for structural differences in the block architecture. In the 
APCN system studied here, however, this behavior could not be 
observed, as the hydrophobic PDMS precursor is substantially longer, 
giving rise to a more complex dependence within the network archi
tecture. Fodor et al. [49] synthesized PVlm-l-PTHF APCNs using a 
PTHFDMA crosslinker with varying molecular weights of between 2,170 
and 10,030 g mol− 1 and reported that a higher molecular weight pro
duced larger inter domain sizes compared to short chain macro
monomers. This was attributed to the higher molecular weight 
crosslinker PTHFDMA, which reduces crosslink density compared to low 
molecular weight analogs, thereby enhancing polymer segment 
mobility. In this article, it is proposed that this mechanism also applies 
to the PHEA-l-PDMS APCN network considered here.

Following the exploration of the impact of PDMS with higher Mw on 
the APCN network, experiments were conducted to examine the influ
ence of hydrophobic components with low molecular weight, using 
PDMS4 (~380 to 550 g mol− 1) and DDDMA (338 g mol− 1). For these 
precursors, the SAXS measurements did not give a scattering profile with 
features indicative of a biphasic structure. This lack of contrast is 
attributed to the similarity in the electron densities of the hydrophilic 
HEA and the hydrophobic PDMS4 with those of the samples (70PDMS4 
(S8), 50PDMS4 (S9) and 30PDMS4 (S10)) and DDDMA with samples 
(70DDDMA (S11), 50DDDMA (S12) and 30DDDMA (S13)). PDMS4 has 
around one to two repeating -Si(CH3)2)O- dimethylsiloxane units, and 
the composition is dominated by CH2 groups, making it chemically 
similar to HEA. The same issue affects DDDMA, as it consists mainly of 

hydrocarbon groups. Another hypothesis was that phase separation was 
absent. To investigate our hypothesis, SANS measurements of films 
soaked in D2O were performed. Since the contrast in neutron scattering 
arises from the nuclear scattering length density, rather than from 
electron density, the scattering contrast is enhanced by swelling the 
sample with D2O and the background incoherence is reduced. This se
lective swelling enhances the neutron contrast between the swollen 
hydrophilic domains and the hydrophobic domains, enabling visuali
zation of the nanophase-separated morphology. As a reference, the 
samples S3 (70PDMS50) and S5 (30PDMS50) were measured (Fig. 7b) to 
compare the determined inter distance values (Fig. 7g) with those 
derived from SAXS (Fig. 5a). Focusing on sample S3 (70PDMS50), a 
notable discrepancy is observed between the inter-domain spacings 
(Fig. 7a) derived from dry-state SAXS (~10.5 nm) and hydrated-state 
SANS (13 nm) (Fig. 7g). While this 19% increase in d-spacing is tradi
tionally attributed to network expansion, a purely isotropic physical 
displacement of the domain centers would require a near-doubling of 
the local network volume. This geometrically overpredicts the more 
modest matrix expansion constrained by the gravimetric swelling data 
(Fig. 8a). Instead, this variance highlights a profound shift in the scat
tering contrast landscape between the two techniques. In the dry state, 
SAXS resolves the electron density contrast of the phase-separated PHEA 
domain cores, remaining largely insensitive to the diffuse, mixed poly
mer interphase between PHEA and PDMS domains. Upon hydration, 
D2O selectively imbibes into the hydrophilic regions, including the fuzzy 
PHEA/PDMS boundary zones. The exceptionally high neutron scattering 
length density (SLD) of D2O strongly weights this boundary, effectively 
broadening the interfacial concentration profile. In phase-separated 
networks, such an increase in the diffuse interfacial width shifts the 
dominant thermodynamic fluctuation wavelength (q*) toward lower 
scattering angles [61]. Consequently, the SANS-derived value of 13 nm 
represents (Fig. 7g) an apparent structural spacing, skewed by the 
heavily contrasted, expanded boundaries of the hydrated channels, 
rather than a commensurate physical separation of the underlying co
valent crosslinks. For sample S8 (70PDMS4), containing only 30 wt% of 
the hydrophilic component HEA, no clear peak was measured (Fig. 7c), a 
finding that is attributed to the poor swelling of the hydrophilic domains 
in D2O (see Fig. 8 and associated discussion below). With higher 
amounts of the hydrophilic phase, a clear SANS peak appears (Fig. 7c) 
with inter distances of 13 nm for sample S9 (50PDMS4) and 26 nm for 
sample S10 (30PDMS4). Samples containing PDMS4 and PDMS50 as the 
hydrophobic phase showed a shift towards lower q values with higher 
amounts of the HEA phase (Fig. 7c) with larger inter distances (Fig. 7g). 
This result aligns with those described above (Fig. 5a). Malo de Molina 
et al. [41] showed that increasing the fraction of the hydrophilic 
PDMAEMA monomer repeating units decreased, the q values in the 
SANS profile, resulting in an increase in inter distance. For all the 
samples tested here, a higher HEA content resulted in visibly increased 
inter domain spacing (Fig. 7g), indicating a clear phase separation. With 
PDMS50, distinct SANS features were detected at 30 wt% of HEA 
(Fig. 7b). A result that may be linked to the lower average molecular 
weight between crosslinks Mc for S8 (70PDMS4) compared to S3 
(70PDMS50) (Table 2); resulting in a higher crosslinking degree for 
PDMS4, which could restrict the penetration of D2O into the network, 
leading to a lower scattering contrast and weaker scattering intensities. 
In contrast to the samples containing PDMS4, no correlation peak qmax 
was detected within the measured range for samples containing DDDMA 
(Fig. 7d). To highlight the structural features of the signal, Kratky plots (I 
(q) q2 vs q) of samples containing PDMS4 (Fig. 7e) and DDDMA (Fig. 7f) 
were generated, in which we note the formation of broad peaks. Note 
that Kratky-plots typically exhibit a slight shift toward higher q 
compared to plots of I vs q. Kratky plot for sample 70PDMS4 (S8) 
(Fig. 7e) exhibits a more pronounced peak that was previously subtle in 
the SANS plot (Fig. 7c). This aligns with the structural trend, in which an 
increase in the HEA component leads to a decrease in the q-value. 
Analysis via Kratky plots suggests that in sample 30DDDMA (S13), the 
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high level of HEA is associated with a weak correlation at approximately 
q = 0.45 nm− 1 (Fig. 7d). As the DDDMA fraction increases, this distance 
likely shifts to even smaller dimensions (high q) due to the higher 
density of short-chain crosslinks. This indicates that DDDMA creates a 
tightly interwoven, nearly homogeneous molecular mesh rather than the 
discrete nanophase-separated domains observed with longer PDMS 
precursors. The lack of distinct SAXS features for these samples further 
support this 'molecular composite' model, where the short length of the 
DDDMA spacer (approx. q = 1.85 nm) prevents the aggregation of HEA 
into larger, periodic domains, like for PDMS.

These complementary SAXS and SANS analyses provide direct evi
dence of the selective accessibility of the hydrophilic HEA phase to 
aqueous solvents. While the SAXS data show that increasing HEA leads 
to larger inter distances, SANS with D2O swelling confirms that these 
hydrophilic domains are sufficiently interconnected for water to pene
trate, and to maintain a homogeneous pattern with a clear inter-domain 
distance. The linear relationship between HEA content and domain 
spacing (Figure S 6) is not simply a dry-state geometric effect, as 
observed in SAXS, but reflects a functional hydrophilic channel system.

APCNs undergo swelling in both solvents owing to their amphiphilic 
nanostructure [25,35]. To characterize this behavior and to corroborate 
the SANS analysis and discussion above, swelling tests were conducted. 
The membranes were swollen in either water or anhydrous toluene to 
prove the amphiphilic nature of the membranes. As reference, samples 
90PDMS50 (S1) to 30PDMS50 (S5) were swollen in both environments 
for comparison (Fig. 8a). In the aqueous medium, the degree of swelling 
increased with HEA content, whereas the degree of swelling decreased 
with increasing HEA content in anhydrous toluene. As expected, the 
films exhibited a higher degree of swelling in water with a higher 
amount of the hydrophilic phase and less in the hydrophobic anhydrous 
toluene. This result is supported by the Mc values for samples 90PDMS50 
(S1) to 30PDMS50 (S5) (Table 2), which decreased with lower HEA 
concentrations, consistent with an increase in crosslinking density 
within the network. A lower Mc corresponds to a higher crosslinking 
density, which restricts the polymer network's ability to swell. The same 
behavior was observed for the samples with PDMS4 (Fig. 8b) and 
DDDMA (Fig. 8c) as the hydrophobic phase. However, for the samples 
containing PDMS4 and DDDMA, the degree of swelling was less pro
nounced, as the Mc values of the HEA segments are low for these samples 
compared to those containing PDMS50 with higher molecular weight 
(Table 2). This aligns with the molecular weights of the hydrophobic 
precursors used in this study. These findings corroborate the SANS re
sults, the low Mc (<250) and low Mw (<500 g mol− 1) for PDMS4 explain 
both the lack of scattering contrast and minimal swelling observed, 
directly corroborating the hypothesis. A similar behavior was observed 
for the DDDMA samples. In contrast to PDMS4 (Fig. 8b), the swelling 
degree of the DDDMA (Fig. 8c) samples in toluene and water remained 

more uniform across all tested composition ratios, regardless of the 
phase ratio. We attribute this to a tightly interwoven mesh for APCNs 
containing DDDMA, which is supported by the suppressed scattering 
features in the SANS data for DDDMA (Fig. 7d).

The Young's modulus was measured via atomic force microscopy 
(AFM), since the samples were too fragile to be shaped into dogbone 
geometries for conventional tensile tests. The AFM force volume mode 
was used to determine the modulus, using randomly selected spots with 
approximately 400 measurements per spot. In AFM, the applied force 
and resulting deformation are mainly confined to a very small region 
close to the surface by a very sharp tip, which presses locally on the 
surface. This produces mostly compressive, highly localized deforma
tion and the probed volume is therefore small near the surface zone. In 
DMTA, oscillatory tensile deformation is applied to the bulk sample. 
Consequently, AFM modulus values are not interchangeable with those 
from DMTA data or quasi-static tensile data. When the molecular weight 
of the hydrophobic precursor is increased from ~500 to 10,000 g mol− 1 

(70PDMS4 (S8), 70PDMS50 (S3), 70PDMS125 (S14)), the weighted 
mean modulus decreases (Table 3 and Figure S 7). This is in accordance 
with the Mc values (Table 2), which increase with the molecular weight 
of PDMS, an effect that is linked to a decrease in crosslinking density. A 
lower crosslinking density results in a lower elastic modulus, as fewer 
crosslinks allow for greater chain mobility and reduce the network's 
stiffness. Sample 70DDDMA (S11) has a higher weighted mean modulus 
than samples containing PDMS precursors with higher molecular weight 
(PDMS50 and PDMS125). This is reflected in the Mc value of 73 g mol− 1, 
which is closer to the value for PDMS4 (Table 2); accordingly, the 
modules are in a similar range (~102 MPa). Consistent with our findings 
from tensile testing, the data obtained via AFM measurements demon
strate the challenges of determining mechanical properties at room 
temperature, which is reflected in the high standard deviations. The 
wide statistical spread in the elastic modulus stems from the AFM tip 
interaction (tip radius: 2 to 12 nm), which is highly comparable to the 
characteristic nanoscale domain size of the APCNs. Random scanning 
across the alternating stiff hydrophilic and soft hydrophobic domains 
inevitably results in high standard deviations, as the AFM probe captures 
localized variations in phase composition [62].

DMTA was used to assess APCN phase separation, as alternative 
method to SAXS, by detecting two distinct Tg values, thus confirming 
successful nanophase separation between hydrophilic and hydrophobic 
domains. Samples 70PDMS4 (S8), 70PDMS125 (S14) and 70DDDMA 
(S11) were therefore deprotected as described. For samples 70PDMS4no 
(S16), 70PDMS125no (S17), 70DDDMAno (S18) and 70PDMS50no 
(S19), no deprotection was carried out (Fig. 9). These samples are 
referred to as preAPCNs. The samples containing hydrophobic pre
cursors with low molecular weight, i.e., PDMS4 (Fig. 9b) or DDDMA 
(Fig. 9e), only showed one Tg without deprotection within the measured 

Fig. 8. Results of gravimetric swelling experiments with APCNs swollen in hydrophilic and hydrophobic environments. a) Samples 90PDMS50 (S1) to 30PDMS50 
(S5) swollen in water and anhydrous toluene. b) Samples 70PDMS4 (S8) to 30PDMS4 (S10) swollen in water and anhydrous toluene. c) Samples 70DDDMA (S11) to 
30DDDMA (S13) swollen in water and anhydrous toluene.
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Table 3 
Weighted mean modules obtained with AFM force volume and respective skewness values.

Sample name Weighted Mean Modulus [MPa] Skewness [] Molecular weight of the hydrophobic  
phase [g mol− 1]

Tg for the hydrophobic  
phase [◦C]

Tg for HEA [◦C] Mc HEA [g mol− 1]

70PDMS4 (S8) 337 ± 391 0 ~500 - 77 107
70PDMS50 (S3) 9.3 ± 5.5 0 ~5000 − 122 2 1071
70PDMS125 (S14) 1.9 ± 2.3 0 ~10,000 − 117 11 2143
70DDDMA (S11) 167 ± 134 0 338 - 87 73

Fig. 9. DMTA curves of the different samples depicting storage modulus (E′, black), loss modulus (E″, red) and loss factor (tan δ, blue). a) Sample 70PDMS4 (S8). b) 
Sample 70PDMS4no (S16) was not deprotected during the work up. c) Sample 70PDMS125 (S14). d) Sample 70PDMS125no (S17) was not deprotected during the 
work up. e) Sample 70DDDMA (S11). f) Sample 70DDDMAno (S18) was not deprotected during the work up. g) Sample 70PDMS50no (S19) was not deprotected 
during the work up. (For interpretation of the references to colour in this figure legend, the reader is referred to the Web version of this article.)
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temperature range. Furthermore, the β-transition was only visible in 
phase-separated networks (Figs. 5d and 9c).

Samples containing PDMS50 or PDMS125 with molecular weights of 
5000 or 10,000 g mol− 1 exhibited two values of Tg within the measured 
temperature range, both with (Figs. 5d) and Fig. 9c) and without 
deprotection (Fig. 9g and d). This result is supported by literature [63], 
showing that Tg reaches a plateau towards − 123◦C for PDMS with 
molecular weights higher than 6000 g mol− 1. Fox and Flory [53] 
assumed that chain ends provided additional mobility due to excess free 
volume. A lower molecular weight elevates the concentration of chain 
ends, increasing the free volume and reducing Tg. For PDMS with lower 
molecular weight (Fig. 9a) Tg shifts to lower temperatures as it transi
tions from a macromolecule to a molecular liquid, making it not 
accessible with our DMTA device. According to literature, the value is 
probably around − 140◦C [63,64]. The same behavior was observed for 
DDDMA (Fig. 9e) as a hydrophobic precursor, although the Tg for the 
homopolymer (Tg DDDMA = − 37◦C [65]) is higher than for the PDMS 
homopolymer.

For the samples without deprotection, the presence of a single, in
termediate Tg was expected, consistent with a miscible system. How
ever, for 70PDMS125no (S17) (Fig. 9d) and 70PDMS50no (S19) 
(Fig. 9g), two Tg values were observed for the PDMS phase (− 119◦C and 
− 114◦C, respectively) and probably a mixture of PDMS and the p(TMS- 
HEA) (− 45◦C and − 52◦C, respectively), given that the Tg occurs be
tween the respective homopolymers. For the preAPCN samples, 
70PDMS50no (S19) (Fig. 9g) and 70PDMS125no (S17) (Fig. 9d), the 
second Tg peak was ~55◦C lower than for the equivalent samples after 
deprotection, which supports the hyporthesis that this is not the pure Tg 
of PHEA, but rather a mixture of PDMS and p(TMS-HEA). The preAPCNs 
prepared with low molecular weight hydrophobic precursors (Fig. 9b) 
exhibited the same behavior as their high molecular weight counterparts 
(Fig. 9d & g), displaying Tg at 36◦C and 57◦C, respectively. These values 
fall between the Tg of PDMS or Tg of DDDMA and the Tg of PHEA 
(Fig. 9e). The Tg for the low molecular weight hydrophobic precursors 
(Fig. 9e) is likely not visible within our experimental temperature range, 
as demonstrated by the higher molecular weight PDMS precursors 
(Figs. 5d & 9c). The hydrophobic precursors with low molecular weight 
(Fig. 9a and e) exhibited higher values for the Tg of PHEA. The molecular 
weight between crosslinks (Mc) correlates negatively with Tg. As Mc 
decreases, the resulting increase in density imposes restriction on chain 
mobility, leading to an elevated Tg. For PDMS4 the temperature shift 
was ~40◦C higher (Fig. 9a). For DDDMA (Fig. 9g) the temperature was 
~50◦C higher than Tg for the PHEA homopolymer.

As stated earlier, E′ at – 50◦C was used for comparison across all 
samples with adjusted crosslinking densities to determine the influence 
of the hydrophobic component on the mechanical properties of the 
respective APCN network. For samples containing PDMS50 or PDMS125 
E′ at − 90◦C were used due to the low Tg of TMS-PHEA. The modulus was 
higher for samples containing PDMS4 as the hydrophobic precursor 
(~2.5 GPa, Table S 3), compared to samples containing either PDMS50 
(~200 MPa, Table S 2) or PDMS125 (100-400 MPa, Table S 3). For 
PDMS50 and PDMS125, the modulus values were on the same order of 
magnitude. Kouakou et al. [66] investigated linear telechelic PDMS 
precursors with molar masses of between 1,000 and 10,000 g mol− 1 

using nano-indentation. For masses of between 2,000 and 10, 
000 g mol− 1, the modules were on the same order of magnitude, a result 
that is aligned with the findings presented here. For PDMS with 1, 
000 g mol− 1, these authors found that the modulus was one order of 
magnitude higher; this is again supported by our results, as the hydro
phobic precursors PDMS4 and DDDMA, which both have molecular 
weights <1,000 g mol− 1, where also found to have higher storage 
moduli than the hydrophobic precursor with higher molecular weight. 
AFM measurements confirmed the same trend for the modulus as 
observed with DMTA at RT.

3. Conclusion

In summary, we conducted the factors that affect the morphological 
and mechanical properties of amphiphilic polymer conetworks (APCNs) 
for energy harvesting applications. APCN samples have shown that the 
nanostructural integrity is maintained across the surface when they are 
subjected to a defined strain, without exhibiting nanoscale reorganiza
tion, indicating a homogeneously distributed domain structure, despite 
the free radical copolymerization process. From in-situ strain SAXS 
measurements, it was found that the domains adapt to anisotropic 
deformation through morphological reorganization to compensate for 
the applied stresses. Macroscopic shape changes are therefore mirrored 
at the nanoscale, where nanodomains are elongated along the tensile 
axis and contracted in the perpendicular direction during loading. The 
nanodomains recover their initial aspect ratio upon strain release, rep
resenting elastic behavior. This makes it highly suitable for integration 
into wearables.

Our results revealed that domain sizes increased due to the interplay 
between hydrophilic and hydrophobic precursors within the hydrophilic 
domain chemistry. A higher PHEA content was associated with an in
crease in Mc, resulting in a lower degree of crosslinking and, attributed 
to the "scissors effect", in Tg. This finding was supported by our tensile 
testing results, which demonstrated higher elongation at break with a 
greater HEA content.

Interestingly, the mechanical properties (e.g., stiffness) remained 
unaffected by the phase ratio. DMTA measurements revealed that this 
was due to the APCN network was already in a rubbery state at room 
temperature. Furthermore, our findings establish DMTA as a viable 
alternative for characterizing biphasic systems in terms of successful 
phase separation. In-situ strain SAXS measurements further indicated 
that domains adapt to anisotropic deformation through morphological 
reorganization to compensate for the applied stresses. Thus, macro
scopic shape changes are mirrored at the nanoscale, The selection and 
ratio of hydrophobic precursors had a significant impact on both the 
mechanical and morphological properties of our APCN system. Hydro
phobic precursors with a molecular weight of 5,000 g mol− 1 proved 
optimal for FRET applications, yielding the desired inter distances. 
Within the molecular weight range of 5,000 to 10,000 g mol− 1, the 
modulus remained comparable, enabling the fabrication of flexible 
APCN membranes suitable for integration into wearable solar energy 
harvesting devices.

These insights are crucial for designing APCN architectures with 
precise control over phase separated hydrophilic and hydrophobic 
nanodomains. Such control could enable more efficient LSC systems 
which facilitate the development of optimized wearable LSCs for solar 
energy harvesting.

4. Experimental

4.1. Materials

Methacryloxypropyl-terminated poly(dimethylsiloxane) (PDMS, 
CAS 58130-03-3) with different viscosities of 50-90 cSt (PDMS50, 
4,500–5,500 g mol− 1), 4-6 cSt (PDMS4, 380-550 g mol− 1), 125-250 cSt 
(PDMS125, 10,000 g mol− 1) and 1,000 cSt (PDSM1,000, 
25,000 g mol− 1) was purchased from abcr GmbH. 1,12-Dodecanediol 
dimethacrylate (DDDMA, CAS 72829-09-5) and Pentafluorophenyl 
acrylate (PFPA, CAS 71195-85-2) were acquired from TCI Europe N.V. 
The UV initiator 2,2-Dimethoxy-2-phenylacetophenone (Irgacure 651, 
CAS 24650-42-8) and all solvents were purchased from Sigma-Aldrich. 
Although commercially available, 2-((Trimethylsilyl)oxy)ethyl acrylate 
(TMS-HEA, CAS 18269-99-3) was synthesized according to previously 
reported procedures [34,67] and stored under argon at 4◦C prior to use. 
Methacryloxytrimethylsilane (TMS-HEMA, CAS 17407-09-9) was 
synthesized.
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4.2. Synthesis of APCNs

Different APCNs (Table 1) with varying phase ratios and different 
hydrophilic and hydrophobic precursors were synthesized. The hydro
philic precursors (TMS-HEA or a mixture of TMS-HEA with TMS-HEMA) 
were added to the hydrophobic precursors PDMS (~500 to 
25,000 g mol− 1) or DDDMA with the initiator Irgacure 651. The acrylate 
PFPA was also tested. All samples were vortexed using a Vortex 3 shaker 
(IKA). PreAPCN films were fabricated between two glass microscopy 
slides using Tesa film stripes to achieve film thicknesses of around 
200 μm, with a UVASPOT 400/T (Hoenle AG, Germany) applied for 
3 min per side to polymerize the film. Following this, the films were 
swollen in acetone to detach the preAPCNs from the glass slides and then 
swollen in THF for 30 min to swell the hydrophobic phase as well. To 
remove the TMS group and create a biphasic network, the films were 
placed in a mixture of 1:1 H2O: isopropanol acidified with HCl over
night. The APCN films were then swollen for 2h in THF for washing and 
to remove any residuals.

4.3. In-situ-strain-small angle X-ray scattering (SAXS)

Since conventional SAXS equipment was used during tensile testing, 
long exposure times were required to achieve good signal-to-noise ra
tios. The specimens were held at constant strain during the data acqui
sition process. Due to the viscoelastic behavior of both phases, both 
elongation and recovery took place during this time frame. The high flux 
of synchrotron radiation allowed one spectrum to be obtained within 1 s, 
meaning that real-time measurements could be made of the macroscopic 
mechanical properties and nanoscale deformations via SAXS. In-situ- 
strain-SAXS measurements were carried out using beamline I22 at Dia
mond Light Source Ltd (Didcot, Oxfordshire, UK). The instrument was 
equipped with 2 M Pilatus 2D detector (Dectris, Switzerland) and 
operated with an X-ray energy of 12.4 keV, enabling measurements of q 
values between 0.07 and 2 nm− 1, where q is the magnitude of the 
scattering vector and is defined by q = 4π

λ sin(2θ), and 2θ is the scattering 
angle. Serial SAXS images were recorded, each with an exposure time of 
1s whereas a waiting time of 0.01s between each image were applied.

Whilst recording the serial SAXS images, the samples were subjected 
to tensile loading using a tensile stage TS 600 (Anton Paar GmbH, Graz, 
Austria) with a speed of 5 mm min− 1 and a strain rate of 3.33 × 10− 3 s− 1. 
For stress relaxation measurements the material was initially subjected 
to a stress of 0.56 MPa at a speed of 5 mm min− 1 until a strain of 36% 
was reached. The rectangular sample was then held at this fixed strain 
while the stress decay was monitored. The APCN nanostructure during 
elongation and stress relaxation was simultaneously characterized by 
SAXS. This test measures how the stress gradually decreased over time 
while the APCNs were held at a constant strain. All samples were cut into 
rectangular strips of 5 mm width and 25 mm length.

The domain separations in APCNs could be well recognized by 
appearance of a ring in 2D SAXS patterns. In out APCN samples, the ring 
appeared around 0.2-0.8 nm− 1. As the sample is subjected to tensile 
stress, nanoscale deformation resulted in the transformation of the 
isotropic scattering ring into an ellipsoidal pattern, indicating aniso
tropic nanodomain formation. To quantitatively characterize these de
formations, 1D SAXS profiles were extracted by azimuthal integration of 
the 2D patterns over 30◦ in the horizontal and vertical directions. In
tegrations performed on the left/right and top/bottom sides were 
averaged to improve statistics of 1D data. The scattering ring now ap
pears as a peak in 1D profile which was fitted using a Lorentzian peak 
function combined with a Porod decay term, following the approach 
reported in our previous study [68].

The peak characteristics (peak position and peak broadness) were 
extracted to calculate the interdomain distance and domain sizes at both 
the vertical and horizontal directions; for unstretched samples, the peak 
positions at both directions are identical.

The sizes of the individual domains were calculated using Bragg 
equation nλ = 2dsin(θ), where n describes the order of the correlation 
peak, λ the wavelength of the incident X-ray beam, d the domain size 
and θ the scattering angle. The ddomain size values were derived from the 
peak widths using the Scherrer equation dinter distance = κλ

β cos θ, where κ is 
the shape factor, λ the X-ray wavelength, β the full width at half 
maximum (FWHM) and θ the Bragg angle.

The density of PDMS was taken as 0.98 g cm− 3, and the density of 
HEA was set to 1.083 g cm− 3. 

dPDMS =
dinter distance

1 +

(

ω%HEA∗ρPDMS

((100− ω%HEA)∗ρHEA)
1 /3

) (1) 

The mapping experiments were performed by scanning a specimen 
that was stretched and held at 70% of its maximum elongation. The scan 
was conducted over an area of 13 × 3 mm2 with a step size of 0.5 mm, 
resulting in a 6×26 measurement grid. Domain sizes in both the vertical 
and horizontal directions were then determined for each individual 
exposure by fitting the 1D SAXS as described above.

4.4. Tensile testing

Tensile tests following DIN 53505:2017-03 for MP00649 specimens 
were performed (except for sample 70PDMS50 (S3)) using a biaxial 
testing machine 4 × 100 N from ZwickRoell operated in uniaxial mode 
(class 1). The strain was measured with a video-extensometer with a 
resolution of 1 μm. The following mechanical properties were deter
mined: tensile strength, Youngs's modulus, and elongation at break. A 
pre-load of 0.05 N and a speed of 1 mm min− 1 were applied. Reports in 
the literature [35] indicate that the mechanical properties show little to 
no dependency on strain rate in APCNs containing HEA and PDMS, even 
at higher strain rates of up to 500 mm min− 1. Dogbone shaped speci
mens following DIN 53504:2009-10 were punched out from a mem
brane using a custom-made die, with nominal sample thicknesses of 
~0.2 mm.

4.5. Dynamic Mechanical Thermal Analysis (DMTA)

In DMTA, the main parameters measured are the storage modulus E′, 
which represents the elastic (stored) energy in the material and thus 
indicating the polymer's stiffness. The Tg could be determined from the 
peaks in Eʺ (red, Fig. 5c–e) and tan δ (blue, Fig. 5c–e). In an APCN, more 
energy is dissipated as the molecular motion increases, as indicated by 
peaks in the loss modulus Eʺ and loss factor tan δ. A drop in the Eʹ in
dicates the reduction in the stiffness of the material and its flexibility. In 
direct comparison to differential scanning calorimetry (DSC) the glass 
transitions derived from DMTA offer superior resolution. DSC measures 
the heat flux of a material during transitions. The resolution in DSCs can 
therefore be limited to detect transitions since the change in specific 
heat is lower [25,35] compared to the change in the mechanical 
behavior of the material as measured by DMTA. Dynamic temperature 
ramp tests were performed using the DMTA RSA III device (TA In
struments, New Castle, USA) in the tensile mode. The loss modulus Eʺ 
represents the viscous energy, which is lost as heat. The loss factor tan δ 
describes the ratio of the loss modulus to the storage modulus E'ʹ/E′ and 
gives information about the relative degree of energy dissipation or 
damping (the polymer's ability to absorb energy). For samples 
90PDMS50 (S1) to PFPA30_70PDMS50 (S6), tests were conducted over a 
temperature range of − 135◦C to 70◦C or 100◦C. A cooling rate of 5◦C 
min− 1 was applied when cooling down from room temperature to 
− 135◦C. Afterwards, a ramp rate of 2◦C min− 1 was set. The strain was 
set to 0.1% for temperatures when cooling down from room temperature 
to − 135◦C. Subsequently, a strain of 0.5% was applied when heating up 
to − 10◦C. Afterwards a strain of 1% was set until the end. For all samples 
the frequency was maintained at 1Hz.
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Each sample was cut into rectangular films with dimensions of 
~20 mm in length and ~6 mm in width.

4.6. Static Small angle X-ray scattering (SAXS)

Static SAXS measurements were performed on a Bruker NanoStar 
(Bruker AXS GmbH, Karlsruhe, Germany) at the Center for X-ray Ana
lytics at Empa St. Gallen, Switzerland. X-rays were generated with a 
micro-focused Cu source (wavelength Cu K α = 1.5406 Å). Scattering 
patterns were collected using a 2D MikroGap technology-based detector 
(VÅNTEC-500 2D) featuring 2048 x 2048 pixels with a size of 
68 × 68 μm per pixel, together with a custom-built semi-transparent 
beam stop. The sample-to-detector distance was 107 cm. Measurements 
were performed at room temperature under a moderate vacuum of 
10− 2 mbar to minimize air scattering. SAXS data were analyzed using 
Sasfit software [69]. Fitting of the q values for the samples was carried 
out using a spinodal decomposing form factor and a 3D Hard Sphere 
structure factor. The scattering curve I (q) can be approximated with the 
following expression: 

I(q)= Imax

(
1 + γ

2

)
χ2

γ
2 + χ2 + γ

(2) 

where χ = q/qmax. The position of the correlation peak at qmax provides 
information about the size of the scattering structures and provides 
structural information of the scattering objects γ. γ is equal to 2D, where 
D represents the dimensionality of the scattering object. The fitted peak 
maxima in nm− 1 were converted to inter distances d using the formula 
d = 2π/q. The respective sizes of the domains were calculated using 
equation (1).

4.7. Small-angle neutron scattering (SANS)

SANS measurements were carried out at SINQ (PSI) using the SANS- 
LLB instrument. Detector distances of 2.5, 6 and 18.3 m were used to 
cover a range of q-values from 0.025 to 0.25 nm with a neutron wave
length of λ = 0.6 nm. Solid films were loaded in Hellma QS110 cells with 
a 1 mm pathlength and soaked with deuterated solvent before the 
exposure to neutrons. The ambient temperature was 25◦C. The scat
tering patterns were corrected for transmission, sample thickness, and 
dark and flat field and the intensity was brought to absolute scale using 
water for calibration.

4.8. Swelling measurements

All samples were dried in a VTR-5036 (Heraeus AG) vacuum drying 
oven at 60◦C overnight to ensure complete moisture removal. The 1 × 1 
cm samples were swollen in either distilled water or anhydrous toluene 
overnight at room temperature. The degree of swelling sgrav was calcu
lated through gravimetric swelling tests, based on the assumption that 
each phase absorbed only the solvent with matching hydrophilicity. 

Sgrav =
1
n
∑n

i=1

(
mi,swollen

/
mi,dry

)
(3) 

4.9. Atomic force microscopy (AFM)

Elastic moduli were determined using AFM measurements on a 
Bruker Dimension with an ICON head (Bruker Corporation, Billerica, 
US) with ScanAsyst AIR probes (0.4 N/m, 70 kHz, Bruker Probes) in the 
force Volume Mode [70]. The samples were fixed onto an aluminum 
plate with double sided tape and a random spot was selected for each 
sample, for which 400 measurements were taken. The 
Johnson-Kendall-Roberts (JKR) contact mechanics model was used as a 
modulus fit model to analyze the acquired force curves.
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