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ABSTRACT
To enhance efficiency and reduce CO2 emissions in applications such as jet-engines, gas 
turbines, and nuclear powerplants, alloys that withstand high temperatures are essential. 
High entropy alloys (HEA) containing refractory elements offer superior high-temperature 
properties. One of these refractory high entropy alloys (RHEAs) is AlMo0.5NbTa0.5TiZr. 
There are challenges when manufacturing these compositionally complex alloys using 
conventional techniques since they have elements with very high (Nb, Ta, Mo), high (Zr, 
Ti) and lower (Al) melting temperatures, creating mixing and homogeneity issues in 
alloy preparation. The Fray-Farthing-Chen (FFC) Cambridge process directly creates 
RHEA’s powders without melting, but these feedstocks require a suitable consolidation 
technique. In this work field-assisted sintering technique (FAST), a novel rapid sintering 
technique, was used to make parts from powder of this alloy produced in solid-state. 
Among the process parameters the consolidation temperature had a more profound 
effect on density. From studied temperatures 1400 °C with a dwell time of 15 minutes 
produced the highest density level. Such a manufacturing route, occurring at 
temperatures lower than traditional casting, increases sustainability, and produces a 
homogeneous microstructure leading to parts with uniform properties and enhanced 
in-service performance.

1.  Introduction

There is a growing demand for advanced materials to work under extreme conditions including high 
temperature and corrosive environments. High entropy alloys (HEAs) are novel alloys with multiple, 
often 5 or more, main elements. Certain HEAs that contain refractory elements are known for exhib-
iting excellent properties at elevated temperatures when compared to Ni-super alloys (Senkov et  al., 
2010; 2018). Conventional refractory alloys show significant reduction in their strength at temperature 
above 800 °C (Senkov et  al., 2018). However, refractory high entropy alloys (RHEAs) such as 
AlMo0.5NbTa0.5TiZr, strengthened by B2 solid solution (an ordered structure based on body-centred 
cubic -BCC- phase), have shown lower reduction in their high temperature properties at 1000 °C and 
above (Senkov et  al., 2018). High strength at elevated temperatures, makes AlMo0.5NbTa0.5TiZr alloys 
attractive for fuel cladding where a peak temperature (NRC Draft REGULATORY GUIDE DG-1263,1263, 
2014) can reach 1200 °C.

It has been shown by Khan et  al. (2024) that RHEAs such as (TiNbZr)89(AlTa)11 show pronounced 
strain-rate sensitivity. They have also demonstrated enhancements in yield and ultimate compression 
strengths at strain rates reaching up to 3.0 × 103/s. Enhancements in mechanical properties were 
attributed not only to the activation of dislocation mechanisms, but also to the formation of the B2 
phase and Al3Zr5 precipitates, which significantly increased the alloy’s strength at high strain rates 
(Khan et  al., 2024) (yield strength of 1300 MPa at 3.0 × 103/s).

Broad microstructural space of HEAs offers a significant opportunity for the development of diverse 
hierarchical microstructures and consequently, enhanced mechanical properties. For example, Wang 
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et  al. (2024) used controlled thermomechanical processing (cold rolling and intermediate- temperature 
annealing) in Al0.3CoCrFeNi HEA to engineer a heterogeneous microstructure of heterogeneous grains, 
twins, dislocations and B2 precipitates to enhance fatigue property. Their work shows that hierarchi-
cally heterogeneous microstructure presents greater flexibility in tunning fatigue properties of HEAs. 
Their microstructurally engineered HEA demonstrated an excellent fatigue resistance, achieving a 
fatigue ratio of approximately 0.31 at a stress ratio of 0.1, which is reported to exceed that of most 
HEA alloys documented (Wang et  al., 2024).

RHEAs have the potential to achieve ultrahigh hardness through sever plastic deformation. This 
has been demonstrated for ZrHfNbTaW alloy (Dangwal & Edalati, 2025) which synthesised by arc 
melting into dual BCC phases and deformed by high-pressure torsion (HPT). HPT transformed the 
structure to a single-phase BCC, achieving an exceptional hardness of 860 HV. The authors credited 
this increase in hardness to the synergistic effects of significant lattice distortion, solution hardening, 
grain-boundary hardening, and dislocation hardening (Dangwal & Edalati, 2025).

To predict the formation and stability of single-phase HEAs and consequently propose novel alloys 
for specific applications, combinatorial algorithms and computational techniques have been developed, 
including Alloy Search and Predict (ASAP) (King et  al., 2016). ASAP has recently been used to 
identify and develop RHEA candidates including VNbCrMo (Ferreirós et  al., 2023) for nuclear appli-
cations and Zr35Ti35Nb20V5Al5 with low-density, high specific strength and high ductility potentially 
for aerospace and nuclear applications (Yousefian et  al., 2025). Both these alloys were produced in 
the lab using electric arc melting. However, improved mechanical properties of Zr35Ti35Nb20V5Al5 
were achieved using deformation processing (cold rolling) alongside recrystallisation treatments. The 
recrystallised Zr35Ti35Nb20V5Al5 showed high tensile strength and ductility with the strongest (annealed 
at 800 °C for 30 mins) having a 0.2% proof yield strength of 1030 MPa and the most ductile (annealed 
at 900 °C 30 mins) having a ductility of 11.6% (Yousefian et  al., 2025).

Some HEAs, also known as compositionally complex alloys (CCAs), have shown better corrosion 
behaviour when compared to conventional cladding alloys (Senkov et  al., 2018). Hence, as agreed by 
the world experts who attended Nuclear Energy Agency (NEA) workshop in 2021 (Nuclear Energy 
Agency, 2023) and investigated by other researchers (Moschetti et  al., 2022), HEAs are a promising 
option for advanced nuclear applications as bulk structural materials or coatings. However, they also 
believe “the deployment of HEAs will require the development of reliable manufacturing processes 
to ensure their advanced properties” (Nuclear Energy Agency, 2023). Furthermore, excellent 
high-temperature properties (e.g. high strength at elevated temperatures), and competitive oxidation 
resistance (Senkov et  al., 2014; 2016), make them potential candidates for aerospace, as well as nuclear 
power plant applications.

Arc-melting of RHEA’s is the conventional route which has been used so far to study and develop 
novel RHEA compositions (Chen & Zhuo, 2023). Currently, it is not possible to scale up the pro-
cess readily to manufacture RHEAs in an industrial scale using this conventional route. On the 
other hand, the production of RHEAs with powder metallurgy has the potential to produce a fine, 
equiaxed structure with no elemental segregation unlike casting (Xiong et  al., 2023; Zhang 
et  al., 2024).

In addition to that, near net shaped components can be manufactured from the powder metallurgy 
route. At first, the RHEA powders were generally alloyed through mechanical alloying (MA) and 
then subsequently subjected to Field Assisted Sintering (FAST), also known as spark plasma sintering 
(SPS). Mechanical alloying produces fine and uniformly alloyed powders. FAST process produces ultra 
fine grains within a short processing time and hence it is the most common method for the sintering 
of RHEA powders. The parts produced by FAST possess superior hardness and yield strength than 
their as-cast counterparts due to the fine dispersion of secondary phases (Martin et  al., 2024). Weston 
et  al. (2015) produced a 250 mm disc with 26 mm thickness utilising a large-scale FAST, demonstrating 
the ability of the process to produce industrial-scale parts.

The powders for the FAST process are generally obtained by mechanical alloying of powders pro-
duced through the gas-atomisation process. As an alternative method of powder production, the 
Fray-Farthing-Chen (FFC) Cambridge process was developed in 1997 (Chen, 2013). In this process, 
a TiO2 ore was directly converted into a pure Ti metal by utilising electro-chemical reduction in a 
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molten calcium chloride bath. More details regarding the history, background, and details of the FFC 
Cambridge process can be found in (Chen, 2013; Chen & Fray, 2020).

The FFC Cambridge process enables the direct production of the alloy powders from their con-
stitutive ores with accurate elemental concentrations. Traditionally, the pure metal must be extracted 
from its ore. Then this pure metal is alloyed in a vacuum arc melter (melting route) or alloyed 
through ball milling before subjecting the powder to compaction and sintering (powder metallurgy 
route). The FFC Cambridge process alloys the metal directly from their ore thus reducing a two-step 
stage (extraction and alloying) into a single step.

In addition to this, since the FFC Cambridge process involves a solid state electro-chemical process 
it eliminates the need for melting. This advantage is invaluable when manufacturing alloys consisting 
of metals with extremely high melting points like Tantalum, Molybdenum and Niobium which possess 
melting points above 2000 °C. In addition to this, by reducing the number of steps in the manufac-
turing process and by utilising a solid-state process which requires less energy compared to the 
melting route, the CO2 emissions can be substantially lowered. These advantages are particularly 
realised when manufacturing alloys with complex compositions, such as high-entropy alloys (HEAs).

Thus, the FFC Cambridge process offers a competitive advantage over other processes in terms of 
cost, time, energy efficiency, environmental impact, and alloy design flexibility. Therefore, by utilising 
the appropriate manufacturing routes and tailoring the microstructure to desired properties, these 
powders can be used for applications in aerospace and nuclear industries. In this paper, for the first 
time the production of RHEAs manufactured by the powders produced from the FFC Cambridge 
process is reported. The powder was subjected to the FAST process, where the role of the process 
parameters on the density, microstructure and properties is discussed.

2.  Experimental

2.1.  Materials

The general class of documented lightweight RHEAs, incorporating the AlMoNbTaTiZr system, which 
exhibits promising strength at elevated temperatures (Senkov et  al., 2018), were selected for investi-
gation, to demonstrate the viability of the solid-state electro de-oxidation technology of producing 
powders in volume. A criticism of these materials is that no clear route to scale is apparent. More 
traditional melt routes would encounter challenges in combining elements such as tantalum and 
aluminium, due to their disparate densities (a density difference of 14 g/cm3 at room temperature) 
and melting temperatures (a melting temperature difference of 2336 °C).

To integrate molybdenum, the electro de-oxidation technique was adopted. In this process, oxida-
tion state of the oxide, through initial selection or via reaction with other raw materials, can influence 
retention in the final alloy. The feedstock preparation conditions also directly influence the retention 
of elements in the final alloy (Bhagat et  al., 2008). This has resulted in a lower molybdenum content 
in the HEA powder than intended, which will be addressed in future development activity.

The RHEA alloy (AlMoNbTaTiZr) used in this study was supplied by Metalysis Ltd and was pro-
duced using the FFC Cambridge process. The chemical composition of the powder, as determined 
by X-ray fluorescence (XRF) spectroscopy using samples from three distinct containers, is presented 
in Table 1. The data revealed the presence of minor impurities (including Ca, Cl, Hf, Si and Ni). 
Calcium and chlorine are introduced during the electrochemical reduction process; however, the other 
elements are present by being carried through from the starting metal oxides, which can be eliminated 
by sourcing feedstocks of certain purities. The powder size distribution was studied using the laser 

Table 1. T he average chemical composition of the powder determined from three XRF measurements with their 
standard deviation (Std.Dev.).
Elements Al Mo Nb Ta Ti Zr Ca Cl Hf Si Ni Fe

Ave. (Wt.%) 5.20 2.00 30.90 26.00 11.28 23.13 0.08 0.03 0.43 0.81 0.01 0.13
Std.Dev. 0.09 0.04 0.15 0.04 0.10 0.01 0.00 0.01 0.01 0.03 0.00 0.01
Target (Wt.%) 6.79 12.07 23.37 22.76 12.05 22.96
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diffraction technique through the Anton Paar PSA 990 particle size analyser. The finding of this part 
of the study is given in the results section under the “Powder characteristics” section.

2.2.  Consolidation process

The powder was compacted and consolidated using an FCT Systeme GmbH Type HP D25 FAST 
furnace, based in the Henry Royce Institute at the University of Sheffield. To produce each test 
coupon, approximately 5.81 g of powder was placed between two graphite punches inside a 20 mm 
internal diameter graphite ring die. Initially, a 5 kN contact load was applied through hydraulic rams 
before evacuating the chamber to reach pressures below 0.01 mbar. An optical pyrometer measured 
and controlled the temperature, located about 5 mm from the centre of the upper sample surface. 
The samples, discs of 20 mm diameter by 2.5 mm thickness, were FAST-processed under various dwell 
temperatures, isothermal holding times at the sintering temperature, and heating and cooling rates.

A 50 MPa pressure was applied to all samples, with temperature and pressure rising together until 
reaching a peak, held for 15- or 30-min. Loading decreased while temperature reduced following a 
specific path. See Figure 1 for cycles. Process conditions, and their relative density are summarised 
in Table 2. Two reasonably high-density conditions (S5 and S7) were selected for replication to con-
firm reproducibility.

The relative density was derived as the physical volumetric density divided by the theoretical 
density. The volumetric density of the bulk samples was calculated by physical measurements, and 

Figure 1. A  typical heating and loading cycle in the FAST machine used here.

Table 2. T he FAST consolidation conditions for each sample (uncontrolled cooling rate is approximately 200 °C/min), 
and their relative density.
Sample Temperature (°C) Holding Time (min) Heating Rate (°C/min) Cooling Rate (°C/min) Relative Density (%)

S1 800 30 100 Uncontrolled 51.11
S2 1000 30 100 Uncontrolled 72.57
S3 1200 15 100 Uncontrolled 93.53
S4 1200 30 100 Uncontrolled 95.06
S5 1400 15 100 Uncontrolled 98.12
S6 1400 15 100 Uncontrolled 97.82
S7 1400 30 100 Uncontrolled 96.08
S8 1400 30 100 Uncontrolled 96.08
S9 1500 15 100 Uncontrolled 95.47
S10 1400 15 30 30 95.26
S11 1400 15 30 50 96.28
S12 1400 15 100 30 98.02
S13 1500 15 100 30 97.61
S14 1500 15 100 100 97.51
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the theoretical density of the alloy was calculated as 7.23 g/cm3, using the concentration dependent 
rule of mixtures equation given below (Eq. 1) where ci, Ai and ρi are the atomic fraction, atomic 
weight and density of element i, respectively (Senkov et  al., 2010):

	 ρ
ρmix

i i

i i i

c A

c A
=

∑
∑ /
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2.3.  Characterisation of FAST -processed samples

For microstructural characterisation the samples were prepared using standard metallographic techniques. 
Initially, the samples were grinded using SiC papers and subsequently polished by 9 μm, 3 μm polycrys-
talline diamond suspensions followed by fine polishing using 0.06-micron colloidal silica solution. The 
identification of porosities was carried out under the Nikon Eclipse LV150NL optical microscope.

X-ray diffraction (XRD) experiments were conducted using a Bruker D8 Advanced Diffractometer 
between 20° and 90° with Cu Kα radiation (λ = 0.154 nm) operating at 40 kV voltage with a current 
of 40 mA and a step size of 0.020. A Zeiss Scanning electron microscope (SEM), Sigma 500 VP, 
equipped with energy dispersive spectroscopy (EDS) was used to study microstructure and map ele-
mental distributions. Microhardness of samples was measured with Vickers technique using a Struers 
D80 Durascan-70 per ASTM E384 (ASTM E384-22, 2022), applying a 200-gf load for 15 seconds. 
The spacings between the indents were at least 3 times the diameter of the indenter and a minimum 
of 5 indentations was performed per sample.

3.  Results and discussion

3.1.  Powder characteristics

The volume weighted size distribution in Figure 2 shows mostly 20 μm diameter particles. Figure 2 
shows Dv (10), Dv (50), Dv (90) diameters where 10%, 50% and 90% of particles fall below. The 
average mean size volume of the three samples is determined as 23.92 μm using the software which 
uses Eq. 2 (Technical Note TN156 2021)  based on ASTM E799 standard (ASTM E 799-03,03, 2020).
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Figure 2. T he volume weighted particle size distribution across different sizes.
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where D[4,3] and Di are the mean diameter over volume (Murty et  al.) and the diameter of ith 
particle, respectively. More information on the software and the equation is found in (Technical Note, 
XXXXTechnical Note TN156 2021). The span of powder distribution shows the distribution width 
of the particles between Dv (10) and Dv (90). The span is calculated as 2.57 μm using Eq. 3 (Technical 
Note TN156 2021. Higher the span, higher is the distribution of particles across different sizes. When 
the span is closer to zero the particle size becomes homogeneous. The required powder particle span 
can vary for each manufacturing process. In this work, the span was situated between a narrow and 
broad particle size distribution range.

	 Span
D D

D
=

−
90 10

50

	 (3)

The X-ray diffraction pattern of the powder (Figure 3) indicated the presence of a BCC phase 
and Al3Zr5 intermetallic. Figure 4 represents the SEM secondary electron (SE) images of powder 
taken at different magnifications. The low magnification image reveals irregularly sized particles, 
while the high magnification image depicts agglomerated fine particles.

Figure 3. T he XRD pattern of the powder.

Figure 4. S EM images of the raw powder a) Low magnification b) High magnification.
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3.2.  FAST

3.2.1.  Chemical composition
To analyse the influence of processing on the chemical composition, the chemical composition of the 
samples processed by FAST were confirmed by XRF, which are summarised in Table 3. From Table 3, 
no significant differences were seen between the raw powder used and the FAST samples.

3.2.2.  The role of the process conditions on the density of the parts
Figure 5 plots the trend of relative density with increasing temperature for a regime consisting of 
heating rate of 100 °C/min, dwell time of 30 minutes, followed by uncontrolled cooling with an 
approximate cooling rate of 200 °C/min. The slope of the curve changes noticeably at 1200 °C. Between 
800 °C to 1200 °C, the slope of the curve measures as 0.109; however, between 1200 °C to 1400 °C 
this slope is reduced to 0.015. These values demonstrate that up to 1200 °C the temperature plays a 
critical role in increasing the density, compared to temperatures beyond 1200 °C where the rate of 
densification decreases.

The effect of holding time on the relative density can be studied from Table 2. At 1200 °C, a longer 
holding time increases the relative density (S4 versus S3). In contrast to this, at 1400 °C, a longer 
holding time decreased the relative density of the samples by 1.5% (S7 versus S5). To confirm this 
result, the samples were reproduced, and similarly ~1% reduction was observed (S8 versus S6). The 

Table 3. T he chemical composition of the uncontrolled cooling samples (cooling rate of ≈ 200 °C/min) manufactured 
by the FAST process along with the powder.
Sample / Mass% S1 S2 S3 S4 S5 S7 S9 Powder
Al 7.035 6.726 4.887 7.059 6.900 6.707 6.679 5.203
Si 0.755 0.724 0.835 0.879 0.750 0.839 0.769 0.811
Cl 0.049 0.0360 0.154 0.026 0.058 0.020 0.031 0.029
Ca 0.109 0.054 0.117 0.176 0.146 0.119 0.069 0.080
Ti 10.994 10.712 10.828 11.724 11.314 11.269 10.510 11.277
Fe 0.146 0.127 0.135 0.137 0.135 0.156 0.108 0.128
Zr 22.840 22.460 23.428 22.462 22.774 22.307 22.491 23.125
Nb 29.921 30.221 30.834 29.694 29.653 29.847 30.172 30.903
Mo 1.741 2.103 2.067 1.836 1.933 2.052 2.012 1.995
Hf 0.504 0.523 0.470 0.496 0.427 0.453 0.496 0.432
Ta 25.905 26.315 26.077 25.510 25.912 26.204 26.664 26.002

Figure 5. T he evolution of relative density with respect to temperature for a regime consisting of heating rate of 100 °C/
min, dwell time of 30 minutes, followed by uncontrolled cooling with an approximate cooling rate of 200 °C/min (uncon-
trolled cooling).
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pores are usually located along the grain boundaries (as seen under SEM), and they migrate together 
with the grain boundaries. At higher temperatures, an increase in the holding time provides sufficient 
activation energy for the pores to migrate and coalesce with each other. The decrease in relative 
density observed might be due to the coalescence and growth of pores during such prolonged holding 
periods.

Sample S10 was manufactured with a heating rate of 30 °C/min compared with S12 with a heating 
rate of 100 °C/min. From Table 2, it can be shown that a faster heating rate enhanced the density. 
This is because slower heating rates allow more time for pore migration and coalescence. This may 
be down to the rapid heating rate bypassing the traditional initial stages of sintering where a network 
of interconnected pores is created and then broken up, trapping closed pores within the material. At 
high heating rates, the particles quickly become very soft and thus deform rapidly under the applied 
load. Particle deformation and rearrangement to fill voids could drastically reduce the trapped porosity 
within the material. Similar to the observation here, when sintering W-Fe-Ni powders, Hu et  al. 
(2013) found that processing at lower sintering temperatures (<1200 °C), with slower heating rates 
increased the density, whereas higher sintering temperatures (>1200 °C) and higher heating rates 
densified the samples.

This study didn’t investigate the effect of heating rates on densification; however, Hu et  al. (2013) 
examined the role of heating rates at lower and higher temperatures on densification and measured 
the activation energies for the kinetics of densification. Their findings showed that mechanisms gov-
erning densifications for lower heating rates (below 100 °C/min) are influenced by grain growth 
occurring due to surface diffusion. Conversely, at higher temperatures (>1200 °C) and higher heating 
rates (above 100 °C/min), solution–reprecipitation and Ni-enhanced W grain boundary diffusion 
contribute significantly to densification, while grain-growth is minimised.

When analysing the equipment data, under this work, it was found that during uncontrolled cool-
ing, high cooling rates of approximately 200 °C/min were developed. Overall, to identify the most 
optimum cooling rate, a few different cooling rates were examined. These conditions include cooling 
rates of 30, 100 and 200 °C/min (uncontrolled cooling) for two different dwell temperatures of 1400 
and 1500 °C, at a fixed heating rate of 100 °C/min. From these experiments, a cooling rate of 30 °C/
min gives the most optimum relative density (Table 2).

The optical micrographs in Figure 6 shows the reduction of porosity with increasing sintering 
temperature. This is in accordance with other FAST parameter studies (Cavaliere et  al., 2019; 
Guillon et  al., 2014). In Figure 6d and e, no significant difference is seen in the amount of porosity 
when increasing the holding time from 15 to 30 minutes. Thus, in general, the contribution of 
temperature to the improvement of relative density is significantly higher compared to the other 
FAST parameters.

Understanding of powder densification is critical in controlling the microstructure. The densifica-
tion curves of all the samples are represented in Figure 7a and b. Relative density during FAST for 
each sample is obtained based on the final density determined by physical measurements and the 
displacement of the ram recorded during the experiment where the mass is constant.

The effect of heating rate on the densification rate is presented in Figure 7b. On this Figure, the 
legend 1400/30/30 indicates that the alloy was sintered at 1400 °C with a heating and cooling rates 
of 30 and 30 °C/min. Although, a slower heating rate has shown a slightly lower densification rate, 
the differences in the final density are minimal.

Figure 8 provides a comparison of relative density variation and temperature with time for two 
different samples with different heating rates a) 100 °C/min and b) 30 °C/min with the same sintering 
temperature (1400 °C) and the same cooling rate (30 °C/min).

Figures 7 and 8 demonstrate that during all the studied conditions the increase in relative density 
follow a sigmoidal trend.

From Figure 8, it can be inferred that there are three stages of densification: I) Initial stage, where 
no densification occurred during heating; II) Rapid densification stage, where high densification rates 
are observed. During this stage, the densification begins here at approximately 760 °C for both con-
ditions; III) Final stage, where little or no densification occurs during holding at high temperature. 
Both images (8a and 8b) show that during the second stage a major part of the densification occurs, 
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when the temperature increases gradually in a controlled manner. When the maximum temperature 
is reached, the rate of densification slows down.

The alloy with a slower heating rate (shown in Figure 8b) showed gradual increase in density at 
the final stages but the alloy with a faster heating rate (shown in Figure 8a) showed little to no 
improvement in density at this stage. Interestingly, although the heating rates were different for both 
conditions, the onset of rapid densification for both alloys occurred at 760 °C. This reemphasises the 
significance of sintering temperature on the densification process.

Other workers utilising SPS on commercial atomised copper powder (Diouf & Molinari, 2012) and 
Ti–6Al–4V powders reinforced with TiN and TiCN (Falodun et  al., 2019) observed an initial increase 
in density before the rapid densification stage. This effect was attributed to the particle rearrangement 

Figure 6. O ptical micrographs of the FAST samples with increasing temperature (a to f ) a) 1000 °C/30 min, b) 
1200 °C/15 min, c) 1200 °C/30 min, d) 1400 °C/15 min, e) 1400 °C/30 min f ) 1500 °C/15 min.
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during the initial densification stage. However, such a particle rearrangement effect, demonstrated by 
an initial sharp increase in density and their initial data can be collected by the SPS machine, was 
absent during the densification of this RHEA.

During powder densification, particle rearrangement refers to the movement of powder particles 
within the pressurised container which increases the density of the compact. This mechanism of 
densification is usually succeeded by the diffusion stage where densification occurs by neck formation 
and growth between powder particles promoting volume diffusion and grain boundary diffusion.

The absence of this particle rearrangement stage is due to the interatomic forces such as Van der 
Waals forces and surface tension between the powder particles due to their irregular morphology. 
This can also be attributed to the initial agglomeration of these powders. All these effects can be 
seen in the microstructure of the powder before pressing as seen in Figure 4. This means that the 
final microstructure is directly a product of the initial arrangement of the powder which could affect 

Figure 7.  Density variations during the FAST with respect to time a) Samples with a heating rate 100 °C/min and uncon-
trolled cooling. Legend shows the sintering temperature (°C) and the dwell time (min), respectively. b) Last 5 samples 
with different heating and cooling rates. Legend shows the sintering temperature, heating rate and the cooling rate  
(°C/min), respectively, all had 15 min dwell time.
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the microstructure and its properties. This also means that the main densification mechanism oper-
ating under FAST is based on volume diffusion and grain boundary diffusion through neck formation 
and growth between individual powder particles.

3.3.  X-ray diffraction

X-ray diffraction (XRD) analysis was employed to identify the phases present in each FAST sample, 
with the corresponding diffraction patterns presented in Figure 9. Irrespective of the processing 
conditions, all samples exhibited the presence of two primary phases: a body-centred cubic (BCC) 
phase and a hexagonal Al–Zr intermetallic phase, identified as Al3Zr5. Other researchers have reported 
formation of Al3Zr5 when annealing AlMoNbTaTiZr alloys at about 1200 °C (Whitfield et  al., 2021a, 

Figure 8.  Variation of relative density and temperature with respect to time for samples sintered at 1400 °C and a 
cooling rate of 30 °C/min, samples with a heating rate of 30 °C/min (a) and 100 °C/min (b), depicting three stages of 
densification.
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2021b). Similar phase constituents were also observed in the as-received powders, indicating that no 
phase transformations occurred during the FAST process. This suggests that the role of FAST in this 
context was limited to densification rather than altering the phase constitution. Notably, the intensity 
of the BCC diffraction peaks increased significantly in samples sintered at temperatures exceeding 
1400 °C, correlating with the achievement of higher densification levels.

3.4.  Microstructural observation

Figure 10 displays the SEM-BSE images for the samples manufactured at 1400 and 1500 °C with 
varying holding time, heating and cooling rates. This figure shows a mixture of bright and dark 
phases in the microstructure of all samples.

The bright phase was found as the primary matrix phase exhibiting continuity. The grains had a 
granular nature and was homogenous throughout the microstructure. The dark phase had a blocky, 
angular, and irregular morphology and was partially connected in some areas.

The chemical composition of the bright and dark phases was determined by energy dispersive 
spectroscopy (EDS) through point scan technique, which is tabulated in Table 4. For the analysis 

Figure 9.  XRD plots of the samples manufactured at different FAST conditions a) The label below each plot indicates 
the sintering temperature (°C) and the holding time (min). All the samples had a constant heating rate of 100 °C/min 
and a constant cooling rate of 30 °C/min. b) The label below each plot indicates the sintering temperature (°C), the 
heating rate, and the cooling rate (°C/min), all with a constant holding time of 15 minutes.
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undertaken here, at least 5 points were chosen for each phase in the samples. From the EDS data, 
it can be inferred that the bright phase contains mainly Nb, Ti, Al and Ta with some Mo and Zr 
present. Thus, the bright phase is the BCC phase containing Nb, Ti, Al, and Ta in its crystal lattice. 
The dark phase has Zr and Al as the dominant elements followed by Nb and Ti in equal 
proportions.

Figure 10. S EM-BSE images of the samples with maximum FAST density sintered at 1400 and 1500 °C a) S5 b) S7 c) S9 
d) S10 e) S11 f ) S12 g) S13 h) S14 (Processing details are given in Table 2).
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To further illustrate this, EDS line scans were taken across the interface of these two phases in 
S7 as shown in Figure 11. When moving across the interface: 1) The amount of Nb, Ta and Ti 
remained rather constant. 2) The level of Zr dropped drastically in the bright phase. 3) The level of 
Al also dropped in the dark phase but not as much as Zr. To support these conclusions, an EDS 
elemental map was also constructed as shown in Figure 12, where darker region contains more 
Zr and Al.

Figure 13 shows high magnification BSE-SEM micrographs of the samples sintered at 1400 and 
1500 °C with 15 minutes holding time. In both images, it seems that the bright phase was overlaid 
upon the dark phase. Interestingly, blocks/globules of the dark phases with size of about 1 to 2 μm 
were noted in the microstructure. In addition to that, micropores with sizes less than 1 μm were also 
observed in the microstructure.

Previous works Senkov et  al. (2014; 2016; 2018) show the presence of a BCC/B2 phase in alloys 
with similar chemical compositions prepared by the vacuum arc melting route. However, in the alloys 
studied here no such short-range ordering of BCC and B2 phases were seen.

3.5.  Hardness

Hardness testing was conducted exclusively on samples sintered at 1400 °C and 1500 °C, owing to 
their relatively low porosity compared to those processed at other temperatures. The microhardness 

Table 4.  Elemental composition of the bright (B) and dark (D) phases for the samples sintered at 1400 °C and 1500 °C 
(Processing details are given in Table 2).

Element S5 S7 S9 S10 S11 S12 S13 S14

Al B 17.5 ± 0.9 20.0 ± 0.8 21.1 ± 0.9 17.2 ± 1.1 18.3 ± 1.6 15.8 ± 1.0 18.6 ± 0.2 19.5 ± 1.0
D 33.0 ± 1.4 30.1 ± 0.8 30.0 ± 0.5 29.3 ± 1.8 30.7 ± 1.9 30.6 ± 0.4 29.7 ± 1.2 29.7 ± 0.7

Mo B 1.5 ± 0.5 1.3 ± 0.5 1.8 ± 0.5 2.8 ± 0.7 1.5 ± 0.5 2.7 ± 0.3 2.0 ± 0.4 1.8 ± 0.2
D

Nb B 29.6 ± 0.9 30.8 ± 1.6 28.3 ± 1.1 30.3 ± 1.6 28.0 ± 1.9 30.3 ± 1.4 28.5 ± 0.7 27.8 ± 0.8
D 15.4 ± 1.3 17.6 ± 3.8 17.5 ± 1.0 16.2 ± 1.0 15.7 ± 2.5 17.2 ± 0.3 17.7 ± 1.3 17.5 ± 0.7

Ta B 22.1 ± 2.5 16.4 ± 1.3 15.2 ± 0.3 17.6 ± 1.4 15.4 ± 1.3 16.6 ± 0.9 16.2 ± 0.4 16.9 ± 0.7
D 6.9 ± 0.6 7.8 ± 4.2 7.9 ± 0.6 7.2 ± 0.9 7.2 ± 0.4 7.2 ± 0.3 8.7 ± 1.4 8.4 ± 0.4

Ti B 23.3 ± 2.5 25.1 ± 1.9 26.1 ± 1.6 27.0 ± 1.5 29.3 ± 1.1 26.3 ± 1.0 28.2 ± 0.4 26.6 ± 1.5
D 14.8 ± 1.0 15.4 ± 0.4 14.7 ± 0.7 15.5 ± 1.7 15.2 ± 1.3 14.1 ± 0.3 15.9 ± 1.6 14.8 ± 0.4

Zr B 6.0 ± 0.8 6.4 ± 0.4 7.5 ± 0.3 5.1 ± 0.8 7.6 ± 2.3 8.3 ± 3.9 6.5 ± 0.4 8.2 ± 1.7
D 29.7 ± 0.9 29.1 ± 1.0 29.8 ± 2.0 31.7 ± 1.6 31.2 ± 2.0 31.1 ± 0.3 27.8 ± 3.2 29.7 ± 0.9

Figure 11.  EDS line scans of the FAST sample sintered at 1400 °C for 30 min (S7).
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results for samples S5 to S14 are listed in Table 5 and presented in a bar chart in Figure 14. The 
measured hardness values ranged from approximately 6.50 to 6.94  GPa. Variations in heating rate, 
cooling rate, and dwell time, as outlined in Table 2, did not result in significant differences in 

Figure 12.  EDS elemental maps of the FAST sample sintered at 1400 °C (S11).

Figure 13.  High magnification BSE-SEM micrographs of the samples a) sintered at 1400 °C (S12) b) sintered at 1500 °C 
(S14) (Processing details are given in Table 2).
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hardness. This observation is consistent with the lack of notable microstructural changes among 
samples processed at 1400 °C and 1500 °C under the different parameter sets; nevertheless, it appears 
that increased cooling rates have resulted in higher hardness values. This phenomenon may be linked 
to the formation of a greater number of intermetallic compounds, necessitating further analysis of 
phase formation.

Although the effect of cooling rate on the densification was not quantified in this work, it is 
important to highlight that, as indicated by the findings presented in Table 5, increased cooling rates 
result in elevated hardness values in the FAST-processed samples.

For comparison, similar alloys synthesized via vacuum arc melting have been reported to exhibit 
hardness values in the range of 5.0 to 5.8  GPa (Senkov et  al., 2018). The relatively higher hardness 
observed in the current study may be attributed to the finer and more homogeneous distribution of 
phases, along with an increased fraction of the intermetallic hexagonal phase of Al3Zr5.

4.  Conclusions

1.	 This work used an AlMoNbTaTiZr RHEA powder produced via a solid-state powder route 
(FFC Cambridge process), for the first time, to sustainably manufacture samples that could 
potentially be used for high temperature applications. To assess samples integrity and optimise 
the processing conditions, microstructural observation and microhardness testing were under-
taken and reported here.

Table 5.  Vickers Hardness of the samples processed at 1400 and 1500 °C. Samples S5 to S9 were cooled in an uncon-
trolled manner with an uneven cooling rate of nearly 200 °C/min (uncontrolled cooling).

Sample Temperature (°C) Holding Time (min)
Heating Rate  

(°C/min)
Cooling Rate  

(°C/min)
Hardness (HV0.2)

GPa

S5 1400 15 100 Uncontrolled 6.62 ± 0.76
S7 1400 30 100 Uncontrolled 6.82 ± 0.46
S9 1500 15 100 Uncontrolled 6.94 ± 0.48
S 10 1400 15 30 30 6.87 ± 0.29
S 11 1400 15 30 50 6.50 ± 0.26
S 12 1400 15 100 30 6.57 ± 0.30
S 13 1500 15 100 30 6.59 ± 0.20
S 14 1500 15 100 100 6.79 ± 0.47

Figure 14.  Hardness of FAST processed AlMoNbTaTiZr alloy samples at different processing conditions.
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2.	 The studied AlMoNbTaTiZr RHEA powder consolidated using FAST technique had the max-
imum density when processed at temperatures above 1400 °C, above which there was minimal 
reduction or no change to the relative density.

3.	 XRF investigation in powder format and after FAST showed no loss of elements and no 
oxygen entrapment during the sintering process. This demonstrates the potential of FAST to 
manufacture samples with minimal contamination from the FFC Cambridge RHEA 
powder.

4.	 Among the process parameters, i.e. processing temperature, holding or isothermal dwell time 
at temperature, heating and cooling rates, the consolidation temperature had a more profound 
effect on density.

5.	 When the material was processed at consolidation temperatures above 1400 °C a microstructure 
of BCC matrix and hexagonal intermetallic precipitates of Al3Zr5 was formed.

6.	 Overall, this study found that a sintering temperature of 1400 °C, a dwell time of 15 minutes, 
a heating rate of 100 °C/min and a cooling rate of 30 °C/min were the optimum operating 
conditions to produce a fine and dense consolidated part.
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