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Abstract: 

In this paper, the property degradation micromechanism of Al-5.10Cu-0.65Mg-0.8Mn 

(wt%) alloy induced by 0.5 wt% Fe minor addition was revealed by atomic-scale 

scanning transmission electron microscopy and energy dispersive X-ray spectroscopy 

coupled with first-principles calculations. The results show that the Fe minor addition 

to the Al-Cu-Mg-Mn alloy leads to a slightly decreased Al grain size and formation of 

coarse Al7Cu2Fe constituent particles. Fe tends to segregate into the T-phase dispersoids, 

θ'- and S-phase precipitates by preferentially occupying Cu or Mn sites in these phase 

structures. The apparent Fe segregation contributes to an increase in stiffness of the T 

phase and S phase but decreased stiffness of the θ' phase. Formation of the coarse 

Al7Cu2Fe constituent particles and decreased stiffness of main precipitates θ' containing 

Fe result in the degraded strength of the Al-Cu-Mg-Mn-Fe alloy. Further study reveals 

that corrosion resistance degradation of the Al-Cu-Mg-Mn-Fe alloy is associated with 

the increased width of precipitation free zones and consecutive grain boundary 

precipitates. The obtained results have significant implications for the usage of recycled 

mailto:sbwang0617@ynu.edu.cn


Al alloys and the potential design strategies of high-performance alloys containing Fe. 

Keywords: Al-Cu-Mg-Mn alloys; Fe minor addition; Property degradation; 
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1. Introduction 

Age-hardening aluminum (Al) alloys are the priority materials for lightweight 

engineering [1, 2]. 2××× series (Al-Cu-Mg-Mn) alloys achieve a dominant position in 

aerospace materials due to high specific strength (strength/density) and formability, 

good heat resistance, and superior damage tolerance [3, 4]. The applications for which 

such materials are used include the aircraft fuselage and lower wing skin structures. At 

present, one of the challenges to the sustainability of the Al industry is to increase the 

usage of recycled material for the sake of energy saving and environmental protection. 

However, a high content of impurity Fe usually exists in the recycled Al alloys, and it 

will accumulate during recycling. Normally, the maximum Fe content in the Al-Cu-Mg-

Mn alloys is usually limited to 0.15 wt% or less than 0.10 wt% for general purpose use 

[5]. Therefore, the research focus has been on developing high-performance Al-Cu-Mg-

Mn alloys with a high tolerance of Fe content. Understanding the effect of Fe on age-

hardening behavior, properties, and associated microstructure is an important way to 

regulate alloy properties. 

In Al-Cu-Mg-Mn alloys, the main alloying element Cu with a maximum solubility 

of 5.65 wt% in Al forms θ (Al2Cu) constituent phase during solidification [6]. Another 

main alloying element Mg with a maximum solubility of ~6 wt% in Al is often used in 

combination with Cu, forming the S (Al2CuMg) constituent phase. Fe is usually 

considered an impurity elements in Al-Cu-Mg alloys [7]. The extra constituent phases 



of Al7Cu2Fe and Al6(Fe,Cu) will form when the content of Fe in Al-Cu-Mg alloys 

reaches up to 0.1 wt%. The Al7Cu2Fe and Al6(Fe,Cu) constituent phases are generally 

insoluble during homogenization and solid solution because of the low solubility of Fe 

(~0.05 wt% at 655 °C) in the Al matrix [8]. In contrast, the θ-Al2Cu and S-Al2CuMg 

constituent phases can be dissolved during heat treatment by virtue of the high solubility 

of Cu and Mg in Al. Normally, the coarse constituent particles with sizes ranging from 

one to several tens of micrometers are deleterious for the mechanical properties since 

they are the sources of crack initiation and corrosion without substantial contribution 

to the yield strength of the alloys.  

As an important microalloying element, the Mn addition to Al-Cu-Mg alloys forms 

rod-like Al20Cu2Mn3 (so-called T phase) dispersoids during long-term homogenization, 

which strongly refine grain size by resistance to recrystallization and grain growth [9, 

10]. The thermally stable T-phase dispersoids have sizes in the range of 0.02–0.5 μm, 

which are much smaller than constituent particles [8]. Research has shown that the 0.4-

1.0 wt% Mn added to Al–Cu alloys is able to compensate for the negative effect of Fe 

because Mn can transfer the Fe-rich constituent particles from the needle-like β-Fe 

phase to the less harmful Chinese script of α-Fe (Al15(Fe, Mn)3(Si, Cu)2) [11, 12]. 

Atomic-scale segregation of Cu at defect sites of the T-phase dispersoids will lead to 

the preferential dissolution of the adjacent zones inside the particle during corrosion 

[13]. The S phase with T-phase inclusions is more prone to corrosion than those free of 

T-phase dispersoids because of the preferential decomposition of Al20Cu2Mn3 prior to 

the S-phase dissolution [14]. 



In Al-Cu-Mg alloys, decomposition of the supersaturated solid solution (SSSS) 

during aging treatment results in the formation of hardening nanoprecipitates that are 

typically metastable and cannot exist outside the Al lattice. For the Al-Cu-Mg alloys 

with high Mg content, such as the Al–4.57Cu–1.34Mg (wt.%) 2024 alloy, lath-like or 

rod-like S-phase (Al2CuMg) precipitates [15, 16] and one-dimensional (1D) Guinier–

Preston–Bagaryatsky (GPB) zones [17, 18] form upon aging. However, plate-like θ′ 

phase (Al2Cu) precipitates from the Al matrix along with S precipitates and GPB zones 

during aging of the Al-Cu-Mg alloys with relatively low Mg content, such as the Al–

5.10Cu–0.65Mg-0.80Mn (wt.%) alloy investigated in the present study [19-21]. The σ 

phase (Al5Cu6Mg2, Pm3), which forms a thin cubic shape, is an important strengthening 

precipitate in creep-resistant Al-Cu-Mg-Si/Ag alloys [22, 23]. This phase has also been 

observed in Si/Ag-free compositions of over-aged Al–4.0Cu–0.3Mg (wt.%) alloy at 

200 ℃ [22]. It is widely known that the formation of coarse Cu-rich Fe-phases and 

theresulting decrease in the amount of precipitates due to reduced effective Cu content 

of the alloys available for hardening will lead to reduced ultimate tensile strength and 

elongation [5, 11]. A Sc-Fe-Si co-segregated θ′-Al2Cu/matrix interface by tuning solute 

repositioning to greatly suppress the coarsening of θ′ was revealed in an Al-Cu alloy 

with minor Sc, Fe, and Si addition [24]. Investigation of an Al-Cu-Fe alloy shows that 

the presence of Mg promotes the formation of S precipitates related to the improvement 

of high-temperature mechanical properties [25]. 

Despite these investigations, systematically assessing the effect of Fe 

microalloying on the microstructure (especially at atomic scale) and properties of Al-



Cu-Mg-Mn alloys is still needed for the development of high-performance Al alloys 

containing Fe. In the present work, atomic scale high-angle annular dark-filed imaging 

(HAADF) and energy dispersive X-ray spectroscopy (EDS) in scanning transmission 

electron microscopy (STEM) and first-principles calculations were coupled to unveil 

the effect of 0.5 wt% Fe minor addition on the microstructure and mechanical properties 

of the Al-5.1Cu-0.65Mg-0.8Mn (wt%) alloy. The results show that the Fe minor 

addition strongly influences the coarse constituent particles, dispersoids and 

nanoprecipitates of the Al-Cu-Mg-Mn alloy, thereby contributing to the degradation of 

the mechanical and corrosion properties. The achieved results provide a detailed insight 

into the interactions among minor Fe and microstructure and properties, which facilitate 

guidance for the effective utilization of recycled Al alloys 

 

2. Materials and methods 

2.1 Alloy sample preparation 

Two different Al-5.1Cu-0.65Mg-0.8Mn (wt%) alloy ingots with and without 0.50 

wt% Fe microalloying were prepared using high-purity (99.99%) aluminum and related 

master alloys as raw materials. The compositions of alloy ingots analyzed by the 

titrimetric method are shown in Table 1. Here, two alloys without and with Fe 

microalloying are abbreviated as AlCuMgMn and AlCuMgMnFe in the context for 

convenience. The Al alloy ingots were homogenized at 480 ℃ for 24 h, then subjected 

to multiple passes of hot rolling at 400 ℃ with 75% reduction and cold rolling at room 

temperature with 25% reduction, which finally produced 3 mm-thick alloy plates. Small 



pieces of plate samples with the dimension of 10 mm × 10 mm × 3 mm by wire cutting 

were solutionized at 500 ℃ for 1 h followed by quick water quenching to room 

temperature. To avoid natural aging, the quenched samples were immediately 

transferred to an oil bath at 180 ℃ for artificial aging with a time period of 0 - 120 h. 

Table 1 Compositions of the alloys studied (wt%) 

Alloys Cu Mg Mn Fe Al 

AlCuMgMn 5.10 0.65 0.80 0 Bal. 

AlCuMgMnFe 5.10 0.65 0.80 0.50 Bal. 

2.2 Microstructure characterization 

STEM-HAADF observation was carried out using a double aberration-corrected 

Spectra 300 X-FEG TEM (Thermo Fisher Scientific Inc., USA) operating at 300 kV 

with a probe convergence angle of 25.2 mrad and a collection angle range of 50 - 200 

mrad. To reduce knock-on displacement damage [26] and increase X-ray counts [27], 

STEM-EDS elemental mappings of the region of interest were acquired by a Super-X 

G2 detection system attached to the Spectra 300 TEM at a lower acceleration voltage 

of 200 kV. The samples for STEM observation were prepared in similar ways to those 

presented in the reference [2]. 

The size distributions of Al grains in two different peak-aged samples were 

characterized by a Symmetry electron backscattered diffraction system (EBSD, Oxford 

Instruments, UK) installed on the Amber scanning electron microscope (SEM, Tescan 

company, Czech). The samples for EBSD measurements were prepared by 



electropolishing using a similar electrolytic solution and temperature to that of twin-jet 

electropolishing. The morphology and compositions of coarse constituent particles in 

the samples were respectively characterized with a Gemini SEM500 SEM (ZEISS, 

Germany) at 5 kV of operating voltage and the attached XFlash 6I100 EDS detector 

(Bruker, Germany) at 15 kV. 

 

2.3 Property tests 

The Vickers hardness of the samples with different aging time was measured by 

HVS-1000Z hardness tester (Shanghai Zhongyan Inc., China) to evaluate the age-

hardening response of two alloy samples. At least ten measurements were conducted to 

obtain an average hardness value for each aging sample. Room-temperature tensile tests 

of peak-aged samples with dog-bone shape (2 mm in thickness and 25 mm in gauge 

length) were carried out at a constant strain rate of 1 mm/min by an AGX-V Electronic 

Universal Tensile Testing Machine (Shimadzu Inc., Japan). A total of three 

measurements were used to verify the tensile properties of each sample. The 

intergranular corrosion (IGC) susceptibility of the peak-aged alloy samples was 

evaluated by immersion tests with a corrosion solution of 0.33 mol/L H2O2 and 1.0 

mol/L NaCl, a corrosion time of 6 h and a constant corrosion temperature of 35 ℃. 

The electrochemical corrosion behaviors of two peak-aged alloy samples were 

investigated using the three-electrode system of CHI660E electrochemical workstation 

(Chenhua instruments, China) with saturated calomel electrode (SCE) as the reference 

electrode, platinum plate electrode as the auxiliary electrode, and alloy sample (10 mm 



× 10 mm ×3 mm in size) as the working electrode. During the electrochemical test, 

stable open circuit potential (OCP) was confirmed by scanning of 30 min with a drift 

rate of 1 mV/min and a time per point of 1 s. The electrochemical polarization was 

tested at a scanning rate of 0.2 mV/s in the range of -1 V to 1 V. 

 

2.4 First-principles calculations 

First-principles calculations within the density functional theory (DFT) approach 

were carried out using the Cambridge Serial Total Energy Package (CASTEP) program. 

The generalized-gradient approximation (GGA) – Perdew-Burke-Ernzerhof (PBE) 

correlational function and plane–wave ultra-soft pseudo-potentials (USP) were 

considered during calculations [28]. The formation enthalpies (ΔH) defined in 

kJ/mol·atom of the atomic models were calculated after geometry optimization [29]. A 

cutoff of 280 eV for the USP is sufficient to achieve a precision higher than 0.1 kJ mol-

1 in the Al-Cu-Mg-Mn-Fe system based on the energy convergence tests. The elastic 

constants were predicted according to the change in energy induced by applying small 

elastic strains to the undeformed unit cell lattice with the equilibrium atomic 

configuration [30-32].  

 

3. Results and discussion 

3.1 Size distribution of Al grains in the alloys 

The size distribution of Al gains is one of the important microstructural parameters 

strengthening Al alloys due to the grain boundary impediment effect on the lattice 



dislocation [33]. For that reason, EBSD experiments were conducted on the peak-aged 

AlCuMgMn and AlCuMgMnFe alloys to characterize the size difference of Al grains 

induced by the micro-addition of Fe. Fig. 1a shows a representative inverse pole figure 

(IPF) map of the AlCuMgMn alloy. Colour code representing different crystal 

orientations of Al grains is shown in the inset of Fig. 1a. Apparently, the peak-aged 

AlCuMgMn alloy displays fully recrystallized and randomly oriented Al grains. The 

corresponding statistical result shows that the average grain size (d
—

) of Al is ~35 μm, as 

shown in Fig. 1b.  

Figs. 1c and d show representative IPF maps and corresponding size distribution 

of Al grains in the peak-aged AlCuMgMnFe alloy, respectively. Similar to the 

AlCuMgMn alloy, the AlCuMgMnFe alloy is also composed of fully recrystallized and 

randomly oriented Al grains (Fig. 1c and inset). However, the Al grain size of 

AlCuMgMnFe alloy is universally smaller than that of AlCuMgMn alloy. Specifically, 

the average Al grain size of AlCuMgMnFe alloy is estimated to be ~30 μm on the basis 

of statistical measurements (Fig. 1d). Therefore, the micro-addition of 0.5wt% Fe has 

a potential effect of refining the Al grains of the AlCuMgMn alloy. Identically, results 

by Zhao et al. in a study of Al-Cu alloy with small Fe addition also indicate that higher 

Fe content results in a smaller Al grain size [25]. Studying the effect of 0.3wt% Sc-

0.2wt% Fe coaddition on the grain structures of Al-2.5wt% Cu alloy, Gao et al. also 

found the reduced Al grain size of the Al-Cu-Sc-Fe alloy compared to that of Al-Cu 

alloy [34]. They also suggested that the presence of minor Fe is in favor of eliminating 

(Cu, Sc)-rich W-phases in the Al-Cu-Sc alloy and promoting Al3Sc precipitation during 



homogenization. 

 

Fig. 1. Grain microstructure of Al in the peak-aged AlCuMgMn (88 h/180 ℃, a and b) 

and AlCuMgMnFe (64 h/180 ℃, c and d) alloys. (a) and (c) are the representative IPF 

maps collected using EBSD, and (b) and (d) are the corresponding statistical grain size 

distributions. Stereographic triangles given in the insets of (a) and (c) are the 

corresponding colour code for the IPF maps. 

 

3.2 Coarse constituent particles 

The constituent phases (or intermetallic particles), which are nominally larger than 

1 μm in size, normally have an adverse effect on the mechanical properties due to their 

potential sites as sources of crack initiation, crack growth, and localized corrosion 

without significantly enhancing the yield strength of the alloys [8, 35]. It is, 

therefore,essential to study the effect of Fe microalloying on the constituent phases of 



AlCuMgMn alloy. In the peak-aged AlCuMgMn alloy, some coarse constituent 

particles with a size of around 3.4 μm are observed inside the Al matrix (Fig. 2a). The 

number density of constituent particles is measured to be 778/mm2. The area shown in 

(a) was further probed by SEM-EDS mapping with elemental maps shown for Al, Cu, 

Mg, Mn, and Fe (Figs. 2b-f). In the case of Fe, Mn-containing Al-Cu-Mg alloys, it has 

also been reported that typical constituent particles include Al2Cu, Al2CuMg, Al6Mn, 

Al7Cu2Fe and α-Fe [8, 25, 36, 37]. According to the EDS elemental mapping analyses, 

it can be found that the constituent particles in the peak-aged AlCuMgMn alloy consist 

mainly of Al2Cu particles with a small amount of α-Fe and Cu-containing Al6Mn and 

Al2CuMg. Here, it should be mentioned that the formation of α-Fe is associated with 

the Fe impurity remaining in the master alloys used for the melting of alloys. Fig. 2g 

and inset provide the EDS spectrum of the elemental mappings and corresponding 

chemical composition, respectively, demonstrating a very small amount of Fe in the 

AlCuMgMn alloy. 

In the case of peak-aged AlCuMgMnFe alloy, there are increased size (~4.8 μm) 

and number density (1334/mm2) of coarse constituent particles as compared to those of 

AlCuMgMn alloy, as shown in Fig. 2h. Figs. 2i-m show the EDS elemental mappings 

of Al, Cu, Mg, Mn, and Fe, respectively. Detailed analyses indicate that the constituent 

particles are mainly composed of Al7Cu2Fe containing Mn. It has also been reported 

that Mn may substitute for Fe in some constituents [38, 39]. Additionally, a small 

proportion of Al6(Mn, Fe) can be found in the alloys. Fig. 2n and inset show the EDS 

spectrum of the elemental mappings and corresponding chemical composition, 



respectively, both of which confirm the existence of Fe in the studied AlCuMgMnFe 

alloy. In brief, it can be concluded that 0.5wt% Fe microalloying of the AlCuMgMn 

alloy helps transform the Al2Cu constituent particles into Mn-containing Al7Cu2Fe 

constituent particles with increased size and number density. 

 

Fig. 2. SEM-EDS mapping analyses of coarse constituent particles in the peak-aged 

AlCuMgMn alloy (a-g) and AlCuMgMnFe alloy (h-n), showing the changes in phase 

types, shape, size and NA after Fe microalloying. (a) and (h) SEM images. (b-f) and (i-

m) EDS mappings of the areas shown in (a) and (h), respectively. (g) and (n) EDS 

spectra and corresponding element contents (insets) collected at the areas shown in (a) 

and (h), respectively. 



 

3.3 Compositional characteristics of dispersoids and nanoprecipitates 

In addition to the micrometer-size constituent particles, the effect of minor Fe on 

the hardening particles at the nanometer scale in two different peak-aged alloys was 

also evaluated by HAADF-STEM images, as shown in Fig. 3. Atomcially resolved 

HAADF image shows that five types of nano-size particles exist in the peak-aged 

AlCuMgMn alloy, namely plate-like θ′-phase precipitates (Fig. 3a), lath-like S 

precipitates (Fig. 3b), cubic σ precipitates (Fig. 3c), needle-like GPB zones (Fig. 3c) 

and T-phase dispersoids (Fig. 3d). High-magnification HAADF image (Fig. 3e) shows 

that two ends of one S-phase precipitate are connected with two isolated θ′-phase 

precipitates. Strong strain fields in the front of two ends of the S-phase precipitate 

trigger θ′ precipitates to nucleate, forming an interconnected θ′-S complex [16, 19]. 

Besides the θ′-S complex, the densely distributed GPB zones with a truncation size of 

several nanometers are distinguishable in the alloy. 

 Fig. 3f is a low-magnification HAADF image overviewing the major 

microstructure of nano-size hardening particles. The nano-particles are distinct 

according to their size, morphology, and orientation. Rather obviously, many rod-like 

T-phase dispersoids with an average diameter of ~120 nm and average length of ~290 

nm exist within the Al matrix. Besides, much finer θ′- and S-phase itprecipitates form 

in between the T-phase dispersoids. Of note is that the amount of the θ′ precipitates is 

dominant over that of the S-phase precipitates within the same observation area. Most 

S-phase precipitates coexist with θ′ precipitates in the manner of θ′-S complex. The 



observation result also indicates that the amount of the σ-phase precipitates is 

significantly lower compared to other nano-size particles in the peak-aged AlCuMgMn 

alloy. The possible reason is that the σ-phase precipitates are only easy to form in the 

over-aged Al-Cu-Mg alloys under high-temperature (≥ 200 ℃) aging [22]. The present 

observed nanoprecipitates in the peak-aged AlCuMgMn alloy are generally consistent 

with previous experimental observations in similar alloy samples [19]. 

Similar to the peak-aged AlCuMgMn alloy, the θ′-phase precipitates (Fig. 3g), S-

θ′ complex (Fig. 3h), σ-phase precipitates (Fig. 3i), GPB zones (inset in Fig. 3i) and T-

phase dispersoids (Fig. 3j) are also identified to coexist in the peak-aged AlCuMgMnFe 

alloy. Other additional nano-size particles are not identified in the peak-aged 

AlCuMgMnFe alloy. A low-magnification HAADF image (Fig. 3k) and careful 

measurement indicate that these nano-size particles maintain identical shape, size, and 

distribution to those in the peak-aged AlCuMgMn alloy. In view of the above 

observations, it is concluded that the 0.5wt% Fe microalloying of the AlCuMgMn alloy 

does not evidently affect the configurations of T-phase dispersoids and peak-aged 

nanoprecipitates. The currently observed Fe effect is contrary to other microalloying 

elements such as Si, Cd, Ag, and Sc, which produce a significant influence on the 

precipitate microstructure in the peak-aged Al-Cu-Mg alloys [2, 19, 40-42]. For 

example, Han et al. observed that the addition of Sc can significantly suppress the 

formation of the peak-aged θ'- and S-phase precipitates but help stabilize the GPB zones 

during aging at 180 °C [19]. The insufficient vacancies and dragging effect of Sc to Cu 

in the Al-Cu-Mg-Sc alloy are expected to be the reason for the Sc-modified precipitate 



microstructure during thermal aging. 

 

Fig. 3. HAADF images of nano-size particles in the peak-aged AlCuMgMn (a-f) and 

AlCuMgMnFe (g-l) alloys. (a, g), (b, h), (c, i) and (d, j) Atomic-scale θ′ precipitates, θ′-

S complex, σ precipitates and T-phase dispersoids, respectively. Insets in (d) and (j) are 

corresponding morphology. Inset in (i) is atomic-scale GPB zone. (e and k) High-

magnification images showing the coexistence of θ′-S complex and GPB zones. (f and 

l) Low-magnification images showing the overviews of nano-size particles. 

 

The characteristics of T-phase (Al20Cu2Mn3) dispersoids in the peak-aged Al-Cu-

Mg-Fe alloy were analyzed using STEM-HAADF and -EDS elemental mapping, as 

shown in Fig. 4. Fig. 4a shows a high-magnification HAADF image of a rod-shape T-



phase dispersoid viewed end-on. Figs. 4b-f show the corresponding EDS elemental 

mappings of Al, Cu, Mg, Mn and Fe. It is noted that the T-phase dispersoid is rich in 

Mg and Fe in addition to the nominal Al, Cu, and Mn. Fig. 4g shows the corresponding 

EDS spectrum of the elemental mappings, demonstrating the Fe enrichment in the T-

phase dispersoid. Atomic-scale HAADF observation reveals that the rod-phase T-phase 

dispersoid is decorated by S-phase precipitates at prior T-Al interfaces, as shown in Fig. 

4h. This explains that there are apparent Mg signals in the T-phase dispersoids shown 

in Fig. 4d. Unlike the S-phase precipitates, no θ′-phase precipitates are detected at the 

T-Al interface. It is well known that the T-phase dispersoids usually form during 

homogenization. During subsequent artificial aging, the S precipitates were prone to 

nucleate at T/Al interfaces with specific orientation relationships [43, 44]. In 

comparison with the S phases normally precipitated from the Al matrix, it is more 

difficult for the segregated S precipitates at T/Al interfaces to coarsen during over-aging 

due to the depleted Cu and Mg solutes in the surrounding matrix by S precipitation.  

Fig. 4i shows another high-magnification HAADF image of a rod-shaped T-phase 

dispersoid viewed side-on. As expected, many S-phase precipitates are clearly observed 

to be decorated around the T-phase dispersoids. Figs. 4j-n portrays the corresponding 

elemental distributions of (i), from which one can see that the T-phase dispersoid is 

mainly composed of Al, Cu, and Mn. In addition, it was found that the adhered 

nanoparticles consist of Al, Cu, and Mg, which fall in line with the composition of S-

phase precipitates. Consistently, there is an apparent Fe distribution (Fig. 4n) at the T-

phase area in addition to the Al, Cu, and Mn. Fig. 4o shows EDS spectrum 



corresponding to the elemental mappings, where the characteristic Fe peak visible in 

addition to the peaks of Al, Cu, Mg, and Mn, again demonstrates the Fe enrichment in 

the T-phase particle. Fig. 4p displays the schematic of the T-/S-phase aggregates on the 

basis of the above observation, where apparent Fe enrichment is found in the T-phase 

dispersoids. As far as we are aware, there have been few reports to date on the Fe-

enriched T-phase dispersoids, which is crucial to deepen the understanding of Fe 

microalloying for Al alloy applications.  

 

Fig. 4. Feature of T-phase dispersoids in the peak-aged AlCuMgMnFe alloy. (a - h) 

HAADF image of a T-phase dispersoid viewed end-on, corresponding EDS mappings, 

EDS spectrum and atomic-resolution HAADF image of S-phase precipitates around the 

T-phase dispersoids. (i - o) HAADF image of a side-on T-phase dispersoid decorated 

with some S-phase precipitates, corresponding EDS mappings and EDS spectrum. (p) 



Schematic of the Fe-rich T-phase dispersoids decorating with S-phase precipitates. 

 

To further identify the specific occupation of Fe in the T-phase dispersoids, 

atomically resolved EDS elemental mappings were operated at a low accelerating 

voltage of 200 kV. In practice, it is difficult for us to obtain the clear elemental mappings 

of [010]-oriented T-phase dispersoids at the atomic scale due to serious knock-on 

displacement damage during long-time EDS signal collection. In contrast, the structure 

damage was alleviated for the T-phase dispersoids along [101] at the same acquisition 

conditions. The possible reason is that more channels exist in the T-phase atomic 

structure along [101] orientation compared to [010] orientation, reducing the 

probability of interaction between the electron beam and the atoms in the sample. 

Fig. 5a shows the clear atomic structure of a [101]-oriented T-phase dispersoid 

formed in the peak-aged AlCuMgMnFe alloy, from which one can see a similar atomic 

configuration of the T-phase with previous report [9]. Figs. 5b-f are the atomic-

resolution EDS mappings of Al, Cu, Mg, Mn, and Fe, respectively, showing that the T 

phase is rich in Al, Cu, and Mn but deficient in Mg. Also, it is easy to find some discrete 

dots associating with Fe signals inside the structure (Fig. 5f), which demonstrate Fe 

occupation at some special sites of the structure. The superimposed Cu map and 

HAADF image (Fig. 5g) show that the brightest dots in the HAADF image correspond 

to Cu sites. Other atomic columns at the perimeter of Cu sites are associated with Mn 

or Mn/Cu mixture. The displayed superposition of the Fe map, Mn map and HAADF 

image (Fig. 5h) directly signifies the partial Fe occupation at the original Cu or Mn sites. 



It is reasonable to observe the bright contrast at the Cu sites replaced by partial Fe in 

the HAADF image due to larger atomic number of Fe than those of Al and Mn. Fig. 5i 

shows an EDS spectrum acquired from the area shown in the HAADF image. The 

quantified EDS spectrum shows that the content of Fe in the T-phase dispersoid can 

reach up to 1.01 at.%, furtherverifying the existence of Fe in the T-phase dispersoids in 

addition to the Al, Cu, and Mn.  

The first principles formation enthalpies were then calculated to check the 

different Fe occupations in the T-phase structures suggested by atomic resolution EDS 

elemental mappings, as shown in Fig. 5j. Calculation results show that the pure T-phase 

structure has a ΔH of -25.5 kJ/mol·atom. In the case of the Cu replaced with Fe, two 

inequivalent positions of Cu respectively occupied by Fe in the structure were 

considered. Models T-Cu(1)Fe and T-Cu(2)Fe have relatively lower ΔH of -31.5 

kJ/mol ·atom and -33.8 kJ/mol ·atom, respectively, which indicate that the Cu sites 

(partially) replaced with Fe in T-phase structure is energetically favourable. In the case 

of the Mn replaced with Fe, three unequivalent Mn positions respectively occupied by 

Fe in the structure were constructed. The ΔH of -26.2 kJ/mol·atom, -27.1 kJ/mol·atom 

and -27.4 kJ/mol·atom were identified for the models T-Mn(1)Fe, T-Mn(2)Fe and T-

Mn(3)Fe, respectively. These three different models exhibit lower ΔH than the pure T-

phase structure, implying an energetically favorable process for the Mn sites replaced 

with Fe in the structure. Similar to early works [5, 12, 25], the Fe atoms are prone to 

replace the Mn atoms of the Mn-bearing phases in the Fe-containing Al-Cu-Mg-Mn 

alloys. In short, the present calculation results well support the Fe enrichment in the T-



phase dispersoids identified by EDS elemental mapping analysis.  

 

Fig. 5. Atomic-resolution STEM-EDS mappings of one [101]-oriented T-phase 

dispersoid and energy calculations of several Fe-modified structure models of T phase 

along [010]. (a - i) HAADF image, corresponding elemental maps, superimposed map 

of Mn and Fe showing the Fe occupation at Mn sites in the T-phase structure, 

superimposed map of Cu and Fe showing Fe occupation at Cu, and EDS spectrum. (j) 

ΔH of the T-phase with Cu and Mn sites substituted by Fe atoms. 

 

In addition to the T-phase dispersoids, composition characteristics of two principle 

strengthening precipitates of θ′ and S in the peak-aged AlCuMgMnFe alloy were also 

examined by the atomic scale STEM-EDS and first principles energy calculations. The 

θ′ precipitates were first analyzed, as shown in Fig. 6. Fig. 6a shows an atomic-



resolution HAADF image of a mature θ′ precipitate, which is featured with rhombic Cu 

lattice when viewed along the [100]θ′ direction. Figs. 6b-d present EDS mappings of 

the elements Al, Cu, and Fe from the area shown in (a). It is seen that the θ′ precipitate 

is mainly composed of Al and Cu (Figs. 6b and c). Interestingly, some sparse Fe 

occupations are also observed in the θ′ (Fig. 6d), which is different from the apparent 

Fe enrichment in the T-phase dispersoids shown in Fig. 5. Superimposed HAADF 

image and Cu map clearly shows the brightest dots in the HAADF image belong to Cu 

occupation, as shown in Fig. 6e. Further occupation analysis from the superimposed 

HAADF image and Fe map gives that the Fe could occupy at the original Cu sites in 

the θ′ structure, as shown in Fig. 6f. Fig. 6g shows a EDS spectrum corresponding to 

the EDS mapping area, in which a weak Fe peak is visible among the peaks of Al, Cu, 

and Mg. The quantified result of the EDS spectrum shows that there is a very low Fe 

content of around 0.10 at.% in the θ′ precipitates.  

The unusual Fe dopping at original Cu sites of the above-observed θ′ precipitates 

was then explained by the formation enthalpy calculations with supercells of 1×1×2 θ' 

unit cells. Fig. 6h shows the ΔH as a function of different ratios of Cu substituted by Fe 

in the θ′-phase model (termed as θ′-xCuFe in the following text). The ΔH of θ' phase 

structure is calculated to be -20.9 kJ/mol·atom, which shows a good agreement with the 

value -17.4 kJ/mol·atom from the reference [45]. The θ′ structure show a rapid ΔH 

decrease with the increase of the CuFe ratio to 50% and afterwards, the ΔH remains 

almost unchanged when the CuFe ratio reaches 75%. The decreased ΔH of θ′ structure 

as substitution ratio of CuFe increases before 75% indicates that the partial substitution 



of Cu in θ′ by Fe is energetically favourable, thus a spontaneous process during thermal 

aging. 

Similarly, substituting Au for Cu in θ′ also contributes to an almost linear decrease 

of ΔH with the amount of Au addition to θ′ [45]. However, the ΔH of θ′-xCuFe increases 

during substitution ratios ranging from 75% to 100%. This indicates high-ratio Cu 

substitution by Fe is energetically forbidden, which well explains the full occupation of 

Fe at only several Cu sites in the θ′ revealed by the Fe mapping shown in Fig. 6h. As 

far as we know, there is currently limited research on the role of Fe atoms in θ′. 

 

Fig. 6. STEM-EDS analysis of a θ′ precipitate in the peak-aged AlCuMgMnFe alloy. (a) 

Atomic resolution HAADF image. (b - d) Corresponding EDS mappings of Al, Cu, and 

Fe. (e) Superimposed map of (a) and (c), showing that the brightest dots in the HAADF 

images are primarily composed of Cu. (g) Superimposed map of (a) and (f), 



highlighting that Fe fully occupies the some Cu sites in the θ′. (i) EDS spectrum of the 

area in (a). (j) ΔH of the θ′ structures with different substitution ratios of CuFe. 

 

Next, the composition characteristics of S precipitates in the AlCuMgMnFe alloy 

were also analyzed by atomic-resolution STEM-EDS elemental mapping and first 

principles energy calculations, as shown in Fig. 7. Fig. 7a shows an atomic-resolution 

HAADF image of two rod-shape S-phase precipitates in contact with one end of plate-

like θʹ precipitates in the peak-aged AlCuMgMnFe alloy. Figs. 7b-e show the 

corresponding elemental mappings of Al, Cu, Mg and Fe, respectively. It is seen that 

Al, Cu, and Mg elements are uniformly distributed throughout the S precipitates. 

However, a clear signal of Fe can be found in the Fe mappings, which implies the Fe 

enrichment in the S precipitates (Fig. 7e). Fig. 7f is the superimposed image of the 

HAADF image (a) and Cu elemental mapping (c), showing the primary Cu occupation 

at the brightest sites in the HAADF image of S precipitates. The superimposed image 

of Cu elemental mapping (c) and Fe elemental mapping (e) suggests the partial Cu sites 

occupied by Fe atoms in the S-phase structure, as shown in Fig. 7g. Similarly, Sha et al. 

found that there is also a preferential substitution for original Cu sites by Si in the S-

phase precipitates in the peak-aged 2024 alloy by atomic probe technology [46]. Fig. 

7h provides a corresponding EDS spectrum line of elemental mappings in which a weak 

characteristic peak of Fe is identified. The quantified analysis shows that the Fe 

concentration in the peak-aged S precipitates is around 0.13 at.%, as shown in the inset 

of Fig. 7h. It is worth noting that the simultaneously acquired EDS elemental mappings 



of the θ′ precipitate contacted with S-phase precipitate are also found to have Fe doping, 

which is consistent with the observation from Fig. 6. 

To further substantiate the enrichment of Fe in the S-phase precipitates, the Fe 

concentration of the S-phase precipitates in the largely overaged (120 h of aging) 

AlCuMgMnFe alloy was analyzed again using STEM-EDS, as shown in Figs. 7i-n. Fig. 

7i shows an atomic-resolution HAADF image of S-phase precipitates and Figs. 7j – m 

are corresponding elemental mappings of Al, Cu, Mg, and Fe. Similar to the peak-aged 

S-phase precipitates, the overaged S-phase precipitates also contain a certain amount of 

Fe, as shown in Figs. 7m and n. Detailed analyses indicate that the over-aged S-phase 

precipitate has a concentration of 0.21 at.% (inset in Fig. 7n), which is higher than that 

of peak-aged S precipitate. In other words, there is a continuous increase in Fe content 

inside the S-phase precipitate with the prolongation of aging time.  

Fig. 7g clearly shows that the Cu sites in the S-phase precipitates tend to be 

replaced with Fe, forming Fe-containing S precipitates during aging. Hence, the first-

principles energy calculations were conducted on the S phase with different Cu content 

substituted by Fe, as shown in Fig. 7o. Regarding the pure S-phase structure without Fe 

occupation, the calculated ΔH is -20.7 kJ/mol·atom, which lies within previous study 

[47]. The ΔH decreases progressively with the gradual substitution of Cu by Fe, from 

initial -20.7 kJ/mol·atom of pure S phase to -22.4 kJ/mol·atom of S-0.8CuFe structure. 

The ΔH decreases a lot to -24.7 kJ/mol·atom as full substitution of Cu by Fe occurs in 

the S-phase structure. This finding strongly suggests that the Cu atoms inside S-phase 

precipitates can be substituted with Fe atoms. Also, the more Fe replaces Cu in the S 



structure, the more favorable the energy is. In practice, it is difficult to observe 100% 

substitution of Cu by Fe in S-phase precipitates due to the limited diffusion rate and 

concentration of Fe atom in the Al matrix. 

 

Fig. 7. Atomic-resolution STEM-EDS analysis of S precipitates in the AlCuMgMnFe 

alloy and energy calculations. (a - i) HAADF image of a peak-aged S precipitate, 

corresponding EDS elemental mappings of Al, Cu, Mg and Fe, superimposed image of 

(a) and (c), superimposed image of (a) and (f) and EDS spectrum, respectively. (j) ΔH 

of the S-phase structures with different substitution ratios of CuFe. (k - p) HAADF 



image of an over-aged S precipitate, corresponding EDS elemental mappings of Al, Cu, 

Mg and Fe, and EDS spectrum, respectively. 

 

3.4 Mechanical properties of relevant Fe-containing phases 

The STEM-EDS at atomic scale and first principles energy calculations presented 

above have unambiguously demonstrated the Fe-containing secondary phases in the 

AlCuMgMnFe alloy. It is known that the secondary phases play a crucial role in the 

total strengthening of Al alloys; the mechanical properties of Fe-containing T-phase 

dispersoids, θ′- and S-phase precipitates are therefore predicted by the first-principles 

calculations of elastic constants. Table 2 summaries the elastic constants of T-, θ′- and 

S-phase structures and their corresponding Fe-modified structures. The key mechanical 

parameters of bulk modulus (B), shear modulus (G) and Young’s modulus (E) for their 

different phase structures can be achieved on the basis of the known elastic constants, 

as shown in Fig. 8.  

 

Table 2 Elastic constants of relevant phases in the alloys (unit: GPa) 

Configuration C11 C12 C13 C22 C23 C33 C44 C55 C66 

T phase 166 63 52 185 62 179 26 43 55 

T-Cu(2)Fe 219 50 63 215 53 222 33 79 50 

T-Mn(3)Fe 161 74 56 177 75 165 34 52 57 

S phase 123 67 43 115 42 153 27 71 31 

S-100CuFe 94 53 73 134 55 139 53 87 78 



θ' phase 210 37 58 — — 179 82 — 45 

θ'-75CuFe 165 75 63 — — 145 51 — 58 

 

The T-phase structure yields the values of 98 GPa, 48 GPa, 0.490, and 124 GPa 

for the B, G, G/B, and E, respectively. For the substituted Cu (by Fe) case, the stable T-

Cu(2)Fe structure has higher B (110 GPa), G (65 GPa), G/B (0.591), and E (163 GPa). 

Whereas for the substituted Mn (by Fe) case, the stable T-Mn(3)Fe structure has almost 

similar B (101 GPa), G (48 GPa), G/B (0.475) and E (125 GPa) with T-phase structure. 

It is important to note that the first-principles calculations for the substituted Mn case 

(by Fe) are not much different from those for the T-phase, so we mainly focus on the 

case of substituted Cu (by Fe). The higher the G/B value is, the more brittle the structure 

behaves, considering that the B and G are respectively associated with the materials’ 

fracture and plastic deformation. This means that the T-phase will become brittle after 

Fe segregation occurs. In addition, larger E value of Fe-containing T-phase indicates 

higher stiffness than that of pure T-phase. 

In the case of the S phase, it is found that the Fe-containing S-100CuFe structure 

has higher B (81 GPa), G (56 GPa), G/B (0.691), and E (137 GPa) than the pure S-phase 

structure. That is to say, the S-phase exhibits reduced ductility but increased stiffness 

after being substituted by Fe, allogenous to the T-phase structure. Conversely, relatively 

low B (98 GPa), G (50 GPa), G/B (0.510), and E (128 GPa) are observed for the θ′-

75CuFe structure compared with those of the pure θ′ structure. This means that the 

ductility of the θ′-phase is increased, but the stiffness is decreased after the substitution 



of Fe, in contrast to the decrease in ductility of the S-and T-phases after being 

substituted by Fe. 

 

 

Fig. 8. Calculated mechanical parameters, i.e., bulk modulus B, shear modulus G, 

Young’s modulus E and G/B ratio of the relevant phases in the alloys. 

 

The mechanical stability of the Fe-containing T-, θ′- and S-phases were further 

evaluated using Born’s criteria. For an orthorhombic crystal system (T- and S-phases), 

the Born criterion of mechanical stabilities are [48] 

C11 > 0; C22 > 0; C33 > 0; C44 > 0; C55 > 0; C66 > 0 

C11 + C22 + C33 + 2(C12 + C13 + C23) > 0 

C11 + C22 - 2C12 > 0 

C11 + C33 - 2C13 > 0 

C22 + C33 - 2C23 > 0. 



For a tetragonal crystal system (θ′ phase), the Born criterion of mechanical 

stabilities are [49] 

C11 > │C12│ 

C33(C11 + C12) > 2(C13)
2 

C44 > 0 

C66 > 0. 

From our calculated elastic constants as listed in Table 2, the above Born criteria 

of the mechanical stable are clearly satisfied, indicating the Fe-containing T-, θ′- and S-

phases are mechanically stable.  

 

3.5 Mechanical and corrosion properties 

The hardening response of the two different alloys aged at 180 ℃ was first 

analyzed according to the age-hardening curves, as shown in 9a. It is observed that the 

hardness of the AlCuMgMn and AlCuMgMnFe alloys changes continuously with the 

time of artificial aging, and both alloys exhibit two age-hardening peaks. The first age-

hardening peak of the AlCuMgMn alloy was completed at 26 h with a hardness of 133.9 

HV, while the AlCuMgMnFe alloy completed the first age-hardening peak at 20 h with 

a hardness of 113.5 HV. The second stage of age hardening is relatively slow, with the 

AlCuMgMn and AlCuMgMnFe alloys reaching peak hardness of 138.6 HV at 88 h and 

121.8 HV at 64 h, respectively. In the later stage of aging, the hardness of the 

AlCuMgMn alloy decreases rapidly, while a relatively slight decrease in the hardness 

occurs for the AlCuMgMnFe alloy. The microaddition of 0.5 wt% Fe decreases the 



aging hardening of the AlCuMgMn alloy. 

Fig. 9b shows the engineering stress-strain curves and corresponding property 

parameters (inset) of the peak-aged AlCuMgMn and AlCuMgMnFe alloys. As can be 

seen, the yield strength (YS), ultimate tensile strength (UTS) and elongation (EL) of 

AlCuMgMn alloy at room temperature are 244 MPa, 362 MPa and 11.7%, respectively. 

The AlCuMgMn alloy with 0.5 wt% Fe addition shows decreased YS (172 MPa) and 

UTS (335 MPa) but increased EL (14.5%) value than the alloy without Fe addition. The 

calculation result indicates lower Young’s modulus E, bulk modulus B and shear 

modulus G of main precipitates of Fe-containing θ' than those of pure θ' (Fig. 8), thereby 

contributing to the reduced strength of AlCuMgMnFe alloy relative to the AlCuMgMn 

alloy. The increase in EL of AlCuMgMnFe alloy is mainly because the main hardening 

precipitates of Fe-containing θ' show an improved ductility relative to the pure θ' phase 

in AlCuMgMn alloy, as shown in Fig. 8. Another possible reason is that the addition of 

Fe refines the Al grain size [42], as shown in Fig. 1. Meanwhile, the coarse Al7Cu2Fe 

constituents in the peak-aged AlCuMgMnFe alloy are heavily enriched with Cu solute 

atoms, which impair the precipitation hardening effect due to the considerable solute 

expenditure. Therefore, it can be concluded that there is an adverse effect of 0.5 wt% 

Fe on the age hardening and mechanical properties of AlCuMgMn alloy. Similarly, 

previous works also found that the presence of Fe in Al-Cu alloys is generally reported 

to have a detrimental effect on the strength and fatigue properties of alloys [11, 34].  

In addition, the effect of Fe micro-addition on the tensile fracture morphology of 

two different peak-aged alloys was studied by SEM observation. Fig. 9c shows that a 



large number of dimples are found at the fracture of the AlCuMgMn alloy, indicating 

the ductile fracture. The AlCuMgMnFe alloy possesses a fracture morphology similar 

to that of the AlCuMgMn alloy, suggesting the ductile fracture of the alloy, as shown in 

Fig. 9d. Close observation shows that some second-phase particles exist in the dimples 

of both alloys, and the size of these second-phase particles is identical in two different 

alloys. This further demonstrates that the reduced strength and increased ductility of the 

AlCuMgMnFe alloy are largely related to the primary hardening precipitates of the Fe-

containing θ'. 

 

Fig. 9. Age-hardening response, tensile properties and fracture morphology of two 

different alloys. (a) Age hardening curves at 180 ℃. (b) Engineering stress-strain curves 

of two peak-aged alloys. The corresponding performance parameters are shown in the 

inset. (c) and (d) Representative fracture morphology of peak-aged AlCuMgMn and 



AlCuMgMnFe alloys, respectively. UA, under aging; PA, peak aging; OA, over aging; 

YS, yield strength, UTS, ultimate tensile strength; EL, elongation. 

 

Intergranular corrosion is an important indicator of corrosion resistance and occurs 

inward along the boundaries between grains of alloys. The corrosion depth of the cross 

sections of two peak-aged alloys was examined using an optical microscope (OM), as 

shown in Figs. 10a and d. The corrosion depth of AlCuMgMn alloy is measured to be 

53 μm (Fig. 10a). In comparison, the corrosion depth of AlCuMgMnFe alloy is 

increased to 97 μm. Therefore, it can be concluded that the addition of Fe element 

largely lowers the IGC resistance of AlCuMgMn alloy. It is known that the IGC is 

related to the width of precipitation free zone (PFZ) and grain boundary precipitates 

(GBPs) of the alloys. For this reason, the PFZ width and GBPs of two peak-aged alloys 

were characterized by HAADF-STEM, as shown in Figs. 10b and e. The 

characterization result shows that the peak-aged AlCuMgMn alloy has a PFZ width of 

~164 nm, which is smaller than that (~258 nm) of peak-aged AlCuMgMnFe alloy. 

In addition, it is found that the peak-aged AlCuMgMn alloy has a discontinuous 

GBPs distribution. In comparison, the AlCuMgMnFe alloy features consecutive GBPs. 

The Fe element in the alloy could stabilize the S-phase and θ′-phase precipitates at the 

grain boundaries, thereby impeding their dissolution and coarsening at the grain 

boundaries during thermal aging. This results in the increased PFZ width and 

consecutive GBPs of the peak-aged AlCuMgMnFe alloy relative to AlCuMgMn alloy. 

The wider PFZ indicates larger corrosion channels [2], contributing to the reduced IGC 



property of AlCuMgMnFe alloy. In the meantime, consecutive GBPs increases the 

corrosion sites between precipitates and the Al matrix around grain boundaries. What 

is more, increased corrosion potential for the Fe-containing GBPs compared to that of 

the Fe-free GBPs further accelerates the anodic dissolution of the Al matrix around the 

Fe-containing GBPs. 

Electrochemical corrosion tests were also conducted on two different peak-aged 

alloys in a 3.5wt% NaCl solution. Fig. 10c shows the time vs. potential curves of two 

alloys, where one can see that the AlCuMgMnFe alloy has a lower OCP compared to 

the AlCuMgMn alloy, with OCP values of -0.740 V and -0.734 V, respectively. 

Generally, the higher the OCP, the better the thermodynamic stability of metals or alloys. 

Consequently, the minor addition of Fe increases the sensitivity of the AlCuMgMn 

alloy to electrochemical corrosion. Fig. 10f shows the potentiodynamic polarization 

curves of two different peak-aged alloys in a 3.5wt% NaCl solution. By fitting the 

potentiodynamic polarization curves, the corrosion potential (Ecorr) and corrosion 

current density (Icorr) related to the corrosion property are obtained, as shown in Table 

3. The results indicate that the AlCuMgMn alloy delivers an Ecorr of -1.375 V and an 

Icorr of 2.782 × 10-4 A/cm2In comparison, the AlCuMgMnFe alloy has a slightly 

decreased Ecorr of -1.387 V but a larger Icorr of 4.330 × 10-4 A/cm2. Consistent with the 

change of OCP, the Fe minor addition also induces a decrease in Ecorr. This implies an 

elevated corrosion tendency of the AlCuMgMn alloy due to a minor Fe addition. The 

higher Icorr value of the AlCuMgMnFe alloy indicates the faster corrosion rate of the 

alloy than that of the AlCuMgMn alloy. 



 

Fig. 10. Comparison of corrosion resistance between two different peak-aged alloys. (a) 

and (d) Cross-sectional intergranular corrosion of AlCuMgMn and AlCuMgMnFe 

alloys, respectively by OM. (b) and (e) The PFZ width of AlCuMgMn and 

AlCuMgMnFe alloys, respectively by HAADF imaging. (c) and (f) The OCP and 

potentiodynamic polarization curves of two alloys. 

 

 

Table 3 Parameters for electrochemical corrosion extracted from Fig. 10f 

Samples Aging condition Ecorr vs. SCE (V) Icorr/(A/cm2) 

AlCuMgMn T6 -1.375 2.782×10-4 

AlCuMgMnFe T6 -1.387 4.330×10-4 

 

 

 



4. Conclusions 

The micromechanism of 0.5 wt% Fe minor addition-induced property degradation 

of the Al-5.1Cu-0.65Mg-0.8Mn (wt%) alloy has been studied by atomic scale STEM-

HAADF/EDS characterization and first-principles calculations. The main conclusions 

are summarized as follows: (1) The Fe minor addition to the AlCuMgMn alloy leads to 

a slight decrease in the size of Al grains and an evident formation of coarse Al7Cu2Fe 

constituent particles. (2) The T-phase dispersoids, θ'- and S-phase precipitates, can 

accommodate a certain amount of Fe to form Fe-containing second-phase particles. 

There is a preference for Fe to occupy the Mn and/or Cu sites of the T, θ' and S phases, 

contributing to an increase in the stiffness of the T and S phases but a decrease in the 

stiffness of the θ' phase. (3) The θ' is main hardening precipitate in the peak-aged 

AlCuMgMn and AlCuMgMnFe alloys. Compared with the AlCuMgMn alloy, the 

degraded tensile strength of the AlCuMgMnFe alloy results from the decreased stiffness 

of the Fe-containing θ' precipitates. (4) The degraded corrosion resistance of the 

AlCuMgMnFe alloy is attributed to the increased PFZ width and consecutive GBPs.  
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