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We used density-functional-theory simulations to examine the structural and electronic properties of the
�3 180◦ (1 0 0) [0 0 1] grain boundary in monoclinic ZrO2, which is a very low-energy (0.06 J m−2) twin
boundary present in experimental oxide texture maps, with suggested special properties. This equilibrium
structure was compared with a metastable structure (with a boundary energy of 0.32 J m−2). The interaction
of oxygen vacancies, substitutional Sn and Nb defects (substituting host Zr sites) with both structures—and their
effect on the boundary properties—were examined. We found that the equilibrium structure energetically favors
V2+

O and Nb2−
Zr , whereas the metastable structure favors V2+

O and Sn2−
Zr . Tin was further found to bind strongly

with oxygen vacancies in both structures and introduce gap states in the band gap of their electronic structure.
Sn2−

Zr was, however, found to increase the segregation preference of V2+
O for the metastable structure, which

might contribute to increased oxygen and electron transport down this interface, and therefore other less special
boundaries, compared to the equilibrium structure of the studied monoclinic twin boundary.

DOI: 10.1103/1jtz-zwd5

I. INTRODUCTION

Improving the understanding of oxygen transport in
zirconium oxide, and the interaction of oxygen with mi-
crostructural planar defects such as grain boundaries (GBs),
and dopant point defects, is a key factor in achieving a more
mechanistic knowledge and better control of the corrosion of
zirconium alloys, of which the cladding tubes in light wa-
ter nuclear reactors are constructed. Corrosion of zirconium
alloys (and the associated hydrogen pick-up), is one of the
major degradation mechanisms that limits the lifetime of the
cladding, and hinders the possibility of extending the fuel
burn-up. For these reasons, corrosion has been a focus of
research interest since the first Zr alloy was introduced in the
1960s. However, a complex combination of a very fine ox-
ide grain size, multiple phases, alloying elements, irradiation,
stress, and a harsh environment has made it difficult to unravel
the governing mechanisms of corrosion; various hypotheses
exist.

Zirconium is a very reactive metal that forms a thin oxide
layer in any oxygen-containing environment. The oxide layer
grows continuously inwards owing to diffusion of oxygen
from the oxide-water interface to the metal-oxide interface
[1]. Typical corrosion kinetics of Zr alloys exhibit a cyclic

*Contact author: maria.yankova@manchester.ac.uk

Published by the American Physical Society under the terms of the

Creative Commons Attribution 4.0 International license. Further

distribution of this work must maintain attribution to the author(s)

and the published article’s title, journal citation, and DOI.

behavior, where the formation of a protective oxide layer
begins with an initial “pretransition” stage, which follows a
close-to-cubic or parabolic law—depending on the alloy—up
to an oxide thickness of about 2 microns [2]. During this
stage, a gradient of oxygen concentration develops from the
metal towards the water environment from the solid solution
limit of 29 at.% to the stoichiometric oxide of 66.67 at.%
[3]. As a consequence of the oxygen sub-stoichiometry, there
is an observed phase change from Zr metal to Zr-O solid
solution, to a sub-oxide ZrO phase, to a mixture of stable
monoclinic and small amounts of metastable tetragonal or cu-
bic equiaxed ZrO2 grains in the range 10 nm to 30 nm [4–8].
The metastable grains are stabilized by a combination of fac-
tors, including small grain size, stress and dopants [9–13].
The Pilling-Bedworth ratio for the zirconium metal to oxide
transformation is 1.56, which is equivalent to a nearly 60%
volume increase. The zirconia film is therefore under high
planar compressive stress. A competition between epitaxial
strain and growth stresses forms a microstructure consisting
of columnar grains up to about 200-nm long [14]. A strong
preferential texture then develops in the oxide with varying
degrees of strength, depending on the alloy and/or amount of
irradiation [3]. We have shown in previous work [14] that in
Zr alloys with split-basal texture, the growth stress is the main
driving force for the growth of specific grain orientations from
a strong one-component epitaxial texture by minimizing areal
footprint and stiffness. As a result, the protectiveness of the
oxide layer is shown to depend on the formation of coarser,
more coherent microstructures with wider columnar grains
which are thought to have a higher fraction of protective,
low-energy grain boundaries. In particular, a high fraction
of monoclinic twin boundaries have been observed, which
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are proposed to be difficult migration paths because of their
high coherency and low grain boundary energy [13,15–17],
although there are no previous studies estimating the twin GB
energy and properties in m−ZrO2. Twin GBs can be formed
during the nucleation of new monoclinic grains. Alternatively,
transformation twins have been observed as a result of the
tetragonal stress-stabilized grains transforming to monoclinic
caused by the stress gradient in the oxide layer [11]. At a
critical oxide thickness of about 2 µm, an acceleration in
the corrosion kinetics is observed, referred to as “transition”,
which is associated with a breakdown of the columnar grain
growth and a large number of defects forming at the oxide
front. It is followed by a recovery in the protectiveness of the
oxide layer and the beginning of another cycle. The process is
repeated until the oxidation reaches the final stage of the cor-
rosion kinetics, termed “breakaway”, which is characterised
by approximately linear growth.

Although the exact species transport mechanisms are un-
known, oxygen, hydrogen, and electron transport have been
identified as the most important in the oxidation process,
since zirconium was shown to be immobile under standard
reactor operating conditions [18,19]. From an electrochemical
point of view, a cathodic reaction occurs at the oxide-water
interface: water is dissociated, producing oxygen ions and
protons, which both diffuse inwards independently, either as
point defects in the bulk lattice or down extended defects,
such as GBs, dislocations, regions of porosity [20–22]. An
alternative hypothesis suggests O and H travel together as
an OH− group. Although OH− was found to be immobile
in single crystal tetragonal grains, some studies [23] have
suggested OH− transport might be relevant near interfaces.
An anodic reaction occurs at the metal-oxide interface: zirco-
nium atoms combine with the oxygen ions to form zirconium
oxide and also create oxygen vacancies and free electrons,
which diffuse outwards towards the oxide-water interface. If
we assume charge neutrality within the oxide layer, and since
electron transport is slow in a wide-band-gap insulator such as
ZrO2, electronic conduction is expected to be the oxidation-
rate determining process. This hypothesis is supported by the
small negative potential always measured on the Zr metal
[10]. Another important role of the electron conductivity is the
recombination of the electrons and protons somewhere within
the oxide layer to form atomic hydrogen. Based on how close
or far from the metal-oxide interface that happens, a larger or
smaller fraction of the hydrogen diffuses into the Zr metal [a
phenomenon known as hydrogen pick-up (HPU)] and precipi-
tates as brittle hydrides, which can crack under stress and lead
to failure [24]. The main suggested mechanism for electron
transport is via additional electronic states in the band gap of
ZrO2, which can be introduced by defects and dopants, and
which effectively reduce the band gap. Nishizaki et al. [25]
used molecular orbital modeling to show that H introduces
a new state below the conduction band. Alternatively, Cox
et al. [2] proposed electron conductivity through change of the
valence state of the Zr vacancy V4+

Zr to lower valence states.
In a nanocrystalline material such as the Zr oxide layer, we

would expect grain boundaries to be the dominant diffusion
paths for species. Brossmann et al. [20] used secondary ion
mass spectroscopy to measure the oxygen diffusion through
a nanocrystalline monoclinic ZrO2 layer. They found that

grain boundary diffusion was 103 to 104 times faster com-
pared to bulk diffusion for a grain size range 70–300 nm
within a temperature range 450–950 ◦C, and assuming a grain
boundary width of 0.5 nm based on TEM observations [26].
There is also evidence for deuterium enrichment at oxide
grain boundaries using atom probe tomography, which sug-
gests H diffusion is also preferable down boundaries [27].
An et al. [28] used aberration-corrected TEM combined with
a hybrid Monte Carlo—molecular dynamics model to show
significant oxygen vacancy segregation to a �13 (510)/[001]
symmetric tilt grain-boundary in yttria-stabilized zirconia
(YSZ). Another first-principles study [29] of a �5 (310) tilt
GB in YSZ found favorable segregation of neutral and neg-
atively charged hydrogen. Oxygen transport through other
metal oxides is also relevant. McKenna and Shluger [30]
reported a GB energy of 0.6 J m−2 for the (1 0 1) twin GB
in monoclinic HfO2 and studied the interaction of oxygen
vacancies with the GB in DFT. They found that both neu-
tral and positive vacancies segregate favorably to the GB
with segregation energies of −0.52 and −0.8 eV, respectively.
Additionally, positive vacancies were found to have high mo-
bility parallel to the boundary but much lower mobility normal
to the boundary. High GB concentrations of positive vacancies
(2.5 × 1014 cm−2) were found as possible percolation paths
for electron tunneling. The reported segregation energies of
neutral O vacancies in other oxides include values between
−0.77 eV and 0.57 eV in a study of a (3 1 0) GB in SrTiO2

[31], and between −0.93 eV and 0.76 eV for a (310)[001]
36.8◦ tilt GB in MgO [32].

Two alloying elements that have opposing effects on the
corrosion behavior are tin and niobium. Tin was initially
added to Zr alloys to improve the mechanical properties
through solid solution strengthening and to oppose the detri-
mental effects of nitrogen and carbon. However, it was later
found to have an adverse effect on oxidation, which led to
the development of low-Sn, and Sn-free alloys [2,33]. Stud-
ies have shown an improvement in oxidation behavior with
decreasing Sn content in autoclave [12,34–36], and an even
greater effect in reactor tests [35]. In Zr-Sn binary alloys and
alloys of the zircaloy family, the observed effect is reduction
in weight gain and corrosion rate [34–37]. In Zr-Sn-Nb al-
loys, on the other hand, there is a delay in transition but no
change in pre-transition corrosion kinetics [12]. Therefore, an
interaction between Sn and Nb is thought to exist, but its exact
mechanism remains unknown. Moreover, tin in lower than 4+

charge states is thought to be stabilizing the tetragonal phase.
Sn is charge compensated by positive oxygen vacancies, and
a high concentration of oxygen vacancies is a known mech-
anism for stabilizing the tetragonal phase. X-ray absorption
near-edge spectroscopy (XANES) [38] and Mössbauer spec-
troscopy [39] studies have shown that the average oxidation
state of Sn in both Zircaloy-4 and ZIRLO was between 2+

and 4+, and there was metallic Sn and Sn2+ present near the
metal-oxide interface. Wei et al. [12] demonstrated that with
increasing tin content, the tetragonal phase fraction increases,
followed by an increase in the tetragonal-to-monoclinic phase
transformation, and therefore reduction in the protectiveness
of the oxide layer. Similarly, dopants with valence state lower
than that of Zr4+, such as Y3+, have been used to stabilize
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the tetragonal and cubic phases of ZrO2 in its various other
applications, including thermal barrier coatings [40], solid
oxide fuel cell (SOFC) electrolytes [41] and heterogeneous
catalysis [42]. Sn sits in solid solution in α-Zr; however, there
is some contradiction on how it is distributed in the oxide
layer. Takeda et al. [36] showed Sn segregation to the ZrO
and ZrO2 grain boundaries, as well as Sn localization near
the metal-oxide interface. Sundell et al. [43], in contrast, used
atom-probe tomography to show preference for metallic Sn
particles and some clustering near oxide GBs but claimed no
segregation. Bell et al. [44] hypothesized that the reason for
the lack of an increase in the corrosion rate, which one might
expect if the oxygen vacancy concentration is increased in the
presence of aliovalent ions such as Sn2+, is because of the
strong binding of {V2+

O : Sn2−
Zr }0 clusters. This, however, does

not explain the increase in the corrosion rate in alloys such as
zircaloy-4, which contain Sn but not Nb.

On the other hand, tin-free Zr-Nb alloys exhibit lower
corrosion rates compared to Zr-Sn-Nb and a further delayed
transition [45]. Additionally, Nb has a beneficial effect on
the hydrogen pick-up [45–48], and thus most current reactor
alloys contain Nb. Earlier theories suggested that Nb mainly
exists in the 5+ charge state in the outermost oxide, therefore
acting as an n-type dopant, donating electrons that combine
with protons close to the water-oxide interface, and preventing
H from diffusing through to the metal [46,47]. This hypothesis
was challenged by several XANES studies, which found Nb
in various states from metallic Nb to oxidation states between
2+ and 5+ [45,49–51]. Couet et al. [45] developed a space-
charge model, according to which the negative charge of the
lower state Nb defects compensates the positive charge that
builds up in the oxide layer caused by an imbalance between
the transport of vacancies and that of electrons, and thus
reduces the hydrogen pick-up fraction (HPUF). Bell et al. [52]
used DFT studies to suggest that the low Nb oxidation states
only exist in the tetragonal phase and form defect clusters with
VO. The corrosion behavior of Zr alloys has improved dra-
matically through multiple alloy design iterations. However, a
mechanistic understanding of the effect of alloying elements
on the oxidation process is still needed, and would allow for
any further improvements to be more economical.

There are a number of density functional theory (DFT)
studies that have created a good basis of understand-
ing of the defect chemistry in the bulk phases of ZrO2

[21,44,52–55]. However, the studies on grain boundaries are
mostly limited to YSZ and cubic ZrO2 [28,29,56], as these
phases are of interest in various other applications, and also
because of the limitations of first-principles methods, such as
the requirement for periodic supercells and the limited system
size. However, the majority of the oxide layer in Zr alloys
consists of the monoclinic phase, which differs in its oxygen
coordination numbers compared to the metastable phases.
Specifically, the twos type of O are present, threefold and
fourfold in m−ZrO2, as opposed to just fourfold O in the
tetragonal and cubic phases. Thus, we expect a difference
in the local atomic environment in monoclinic boundaries.
In the present study, we used first-principles simulations to
study the interaction of oxygen vacancies, Sn and Nb defects
with the �3 180◦ (1 0 0) [0 0 1] grain boundary in monoclinic

ZrO2, and the effects of these defects on the structural
and electronic properties of the equilibrium boundary struc-
ture and a metastable boundary structure, which is used as
a computationally accessible proxy for other less special
boundaries.

II. METHODOLOGY

A. Computational details

We performed first-principle calculations of monoclinic
ZrO2 grain boundaries using the CASTEP 17.2 density func-
tional theory (DFT) code [57]. The exchange-correlation
functional was approximated with the Perdew, Burke, and
Ernzerhof (PBE) formulation of the generalized-gradient
approximation (GGA) [58]. Ultrasoft pseudopotentials, as
generated by the CASTEP on-the-fly generator, were used
for all species. A plane-wave energy cut-off of 620 eV and
a scaling factor of the fine FFT grid of 2.75 were employed.
The explicitly modelled electrons for each species, were as
follows: [O] 2s2 2p4; [Zr] 4s2 4p6 4d2 5s2; [Sn] 4d10 5s2 5p2;
[Nb] 4p6 4d4 5s1. In order to account for the self-interaction
error present in GGA in simulations that include Nb, we
utilized a Hubbard U parameter, as implemented in CASTEP
[59,60], with a value of 1.5 eV. This value was reported by
Hautier et al. [61] as suitable for Nb after an extensive study
on transition-metal-oxide systems that compared results from
GGA + U simulations with experimental formation energies.
We followed the approach of previous work in this regard
[52,54,62].

A Monkhorst-Pack (MP) grid [63] with a maximum k-
point spacing of 0.05 Å−1 was utilized, which corresponded
to k-point grids of 4 × 4 × 4, 1 × 4 × 4, 1 × 4 × 2, and 1 ×

2 × 2 for supercells with, respectively, 1 × 1 × 1, 6 × 1 × 1,
6 × 1 × 2, and 6 × 2 × 2 repeats of the monoclinic ZrO2 unit
cell. The electronic structure properties were calculated with
a denser MP grid, using a maximum spacing of 0.03 Å−1,
and OptaDOS [64] was used for postprocessing of the DFT
data to compute the density of states. The charge density
analysis was performed with the help of c2x [65]. We per-
formed self-consistent-field (SCF) calculations with an energy
tolerance of 1 × 10−5 eV, and using the Pulay density mixing
scheme [66]. The low-memory Broyden-Fletcher-Goldfarb-
Shanno algorithm was used to relax ionic coordinates and,
when required, supercell geometry, with energy and force
convergence tolerances of 2 × 10−5 eV and 0.05 eV Å−1, re-
spectively. The above computational parameters were found
to converge the grain boundary energies, as will be defined in
Eq. (1), to within 0.01 J m−2.

B. Grain boundary structures

Starting from the experimental structure reported in [67],
we firs optimized the primitive unit cell of monoclinic ZrO2.
The lattice parameters and ion positions are shown in Table I,
and they were found to agree well with experimental and
previous simulation results [67–69]. The optimized lattice
parameters were found to be within less than 1% of the exper-
imental ones. Bulk m−ZrO2 crystal contains two inequivalent
O sites, OI and OII, which bond with three and four Zr atoms,
respectively. Using the optimized bulk lattice parameters, we
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TABLE I. Lattice parameters and ion fractional coordinates of
the primitive unit cell of monoclinic ZrO2 as calculated in this study.
OI and OII refer to, respectively, threefold and fourfold coordinated
O ions.

Parameter PBE DFT Expt. [67]

a (Å) 5.175 5.151
b (Å) 5.248 5.212
c (Å) 5.358 5.312
β 99.6◦ 99.23◦

(x, y, z)Zr (0.276, 0.044, 0.210) (0.275, 0.040, 0.208)
(x, y, z)OI (0.068, 0.333, 0.345) (0.070, 0.332, 0.345)
(x, y, z)OII (0.450, 0.757, 0.478) (0.450, 0.760, 0.479)

then constructed a supercell [see Fig. 1(a)] to model a twin
monoclinic ZrO2 boundary with a macroscopic configuration
denoted by �3 180◦ (1 0 0) [0 0 1]. This notation refers to:
the sigma value (�) indicating the integer number of primitive
unit cells in a coincident site lattice (CSL) used to generate

a periodic supercell containing a GB; the rotation angle, the
grain boundary plane, and the rotation axis. We note that
monoclinic crystals have a low symmetry, and generally only
a concept of a near-CSL can be applied by straining the unit
lattice [70]. However, straining the lattice was not necessary
in our case, since the studied GB is a 180◦ twin. For the
as-constructed supercell, the grain boundary formation energy
and excess volume are defined as, respectively,

EGB
f =

EGB
tot − EB

tot

2A
, Vxc =

V GB − V B

2A
, (1)

where EGB/B
tot are the total ground-state energies and V GB/B

are the total supercell volumes for the grain boundary (GB)
and the bulk (B) systems as indicated. Superscripts refer to
either GB supercells or bulk m−ZrO2 crystal supercells of an
equivalent number of atoms. A is the grain boundary area and
the factor of 1/2 accounts for the presence of two boundaries
in the supercell.

In order to find a thermodynamically plausible structure,
we explored the microscopic degrees of freedom of the
boundary—the relative grain translations in the GB plane

[001]

[010]

OI 3-fold

OII 4-fold

Zr

t
2t

grain A

grain B

GB1

GB2

GB2

(a) Supercell construction

A
B Ca b

c
d

(b) Σ3 180◦ (1 0 0)a [0 0 1] (EQ)

A B
C

a

b c

d

(c) Σ3 180◦ (1 0 0)b [0 0 1] (MS)

FIG. 1. Fully periodic supercell construction with the �3 180◦ (1 0 0) [0 0 1] monoclinic ZrO2 twin boundary (a). Unrelaxed structures of
the boundary constructed with two sets of primitive crystal termination planes: (b) (2 0 0)-(2 0 0), equilibrium structure; and (c) (1 0 0)-(1 0 0),
metastable structure. Denoted are also the Zr and O sites investigated as defect sites.
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and boundary expansion, i.e., different excess volumes, by
calculating the γ surface. Since we applied full periodic
boundary conditions, it was necessary to ensure that the two
boundaries modelled in the supercell remain equivalent when
applying any translations to the grains. We followed a method
described by Guhl [71] to ensure this was the case. If we apply
a translation in the GB plane, for instance t, to one of the bulk
grains, e.g., grain B in Fig. 1(a), we must also apply a skew
to the supercell of 2t, which preserves the inversion symmetry
of both grains and, therefore, the unrelaxed boundaries remain
equivalent. For each translation on the γ surface, we construct
structures with varying boundary expansions, and perform ion
relaxation under constant volume. Initially, ions were relaxed
only in the direction normal to the boundary in generating
the full γ surface. An example γ surface can be seen in
Fig. 1 within the Supplemental Material [72]. However, once
a minimum-energy structure was identified, full ion relaxation
was performed. Convergence tests for the thickness of the su-
percell showed the boundary energy to vary within 0.01 J m−2

for the chosen grain thickness of three monoclinic unit cells,
compared to four unit cells.

Additionally, we examined the effect of varying the crys-
tal termination plane on the boundary energy. We found
that the lowest-energy structure for the �3 180◦ (1 0 0) [0 0 1]
boundary is formed from (2 0 0) terminated crystals, with a
translation, tmin = (0.0, 0.5) [0 1 0],[0 0 1], which results in
an excess volume of Vxc = 0.03 Å and boundary energy of
EGB

f = 0.06 J m−2.
The twin boundary we are studying is a special boundary,

whose properties have been suggested to be responsible for
lower-energy diffusion paths for species [13,16,70]. Thus,
it would be of interest to compare its properties with a
more general oxide boundary. However, applying full peri-
odic boundary conditions limits us to studying only CSL
boundaries. Moreover, since the low symmetry of the mono-
clinic cell limits us to near-CSL’s, directly modeling a general
boundary is likely to be far more computationally expensive.
For instance, the next two smallest possible boundaries with
�6 and �8 would have a minimum of, respectively, 144 and
192 atoms, but they are still likely to be special because of
pseudosymmetry. Therefore, we chose to compare the equi-
librium (EQ) structure with a metastable (MS) local minimum
structure of this boundary, which has (1 0 0) terminated grains,
and a γ surface minimum at tmin = (0.0, 0.5)[0 1 0], [0 0 1]
with Vxc = −0.08 Å. The MS GB has a grain boundary energy
of 0.32 J m−2, which can be considered thermodynamically
feasible. For instance, boundary energies in other metal oxides
that have been reported include 0.6 J m−2 in HfO2 [30] and
0.53 J m−2 to 1.10 J m−2 in SrTiO3 [73]. And although the
orientation relationship is the same for both structures, grain
boundary properties depend just as strongly on the micro-
scopic degrees of freedom as on the orientation relationship
[74,75]. Therefore, we consider this non-minimum-energy
structure as a proxy for a less special oxide boundary com-
pared to the twin EQ GB structure, and we expect different
behavior between the two. The sub-grains of the EQ GB
are terminated at fourfold O sites, whereas those of the MS
GB are terminated at threefold O sites. The optimized GB
supercells consist of 6 × 1 × 1 unit-cell repeats and have di-
mensions of b × c in the boundary plane, where b and c are

the primitive unit-cell lattice parameters, and out-of-boundary
sizes of 31.144 Å and 30.919 Å for the EQ and the MS GB,
respectively.

C. Point defect calculations

Defective bulk structures were constructed by creating an
array of l × m × n copies of the relaxed bulk m−ZrO2 prim-
itive unit cell, and adding or removing one or more atoms.
Defective GB structures were generated starting from the re-
laxed structures with m × n unit-cell repeats in the boundary
plane, keeping the supercell thickness constant, and decorat-
ing only one of the boundaries in the supercell with point
defect(s), as maintaining equivalence of the boundaries was
not necessary at this point. The defect sites explored in this
study are shown in Figs. 1(b) and 1(c). The defective struc-
tures were then optimized under constant volume.

We use a modified Kröger-Vink notation to describe the
lattice positions and electronic charges of the point defects.
For a point defect Mq

S, M indicates the species of the defect,
S corresponds to the species of the lattice site occupied by the
defect, and q denotes the charge state of the defect relative to
the occupied site. Instead of a symbol to indicate charge as in
the original notation [76], we use a numerical digit with a plus
or a minus sign, e.g., we denote v..

O as V2+
O , which indicates an

oxygen vacancy caused by the removal of an O′′ ion, leaving
a net 2+ charge on the supercell. In this study, we considered
oxygen vacancy native defects and alloying element defects
(Sn and Nb), which are expected to be present on zirconium
substitutional sites. For these defects, we examined the main
charge states that are expected to exist under typical reactor
operating conditions. Furthermore, we studied a defect cluster,
consisting of an oxygen vacancy with 2+ charge and a tin
substitutional defect, {V2+

O : SnZr} with varying charge states
for the combined defect. We explored three different sites for
the position of SnZr, denoted with A, B, and C in Figs. 1(b)
and 1(c) and all nearest-neighbor O sites for the position of
V2+

O . Equivalently, a cluster consisting of SnZr and V2+
O on all

nearest-neighbor O atoms in the bulk monoclinic crystal was
modelled.

In the Zhang-Northrup formalism [77], the formation en-
ergy of a point defect, M with a charge q, in a grain boundary
(GB) or bulk (B) system can be computed using

E
GB/B
f [Mq] = E

GB/B
tot [Mq] − E

GB/B
tot +

∑

i

�niμi + qǫF, (2)

where Etot and Etot[Mq] are, respectively, the total energy
of a pristine supercell, and that of an equivalent supercell
containing a point defect Mq, and �ni and μi are, respectively,
the difference in the number of ions between the pristine and
the defective supercells, and the chemical potential of species
i, which has been added or removed. And finally, the Fermi
level ǫF determines the chemical potential of the electrons.

In the current study, our aim is to investigate the inter-
action of point defects with grain boundaries, compared to
a reference system consisting of the bulk crystal. Therefore,
the chemical potential terms in Eq. (2) cancel out in any of
the subsequent quantities that we compute. For conciseness
in the notation, we define a defect formation-energy differ-
ence, which can be independently defined for either a grain
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TABLE II. Primitive unit-cell repeats, number of atoms, concentration per unit volume c, and concentration per unit area η for the simulated
supercell of each type of system.

Bulk supercell Bulk/GB supercell

Repeats Atoms c (nm−3) Repeats Atoms c (nm−3) η (nm−2) Notation

1 × 1 × 1 12 6.969 6 × 1 × 1 72 1.163 3.556 η0

2 × 2 × 2 96 0.871 6 × 1 × 2 144 0.584 1.778 0.5η0

3 × 3 × 3 324 0.258 6 × 2 × 1 144 0.584 1.778 0.5η0

4 × 4 × 4 768 0.109 6 × 2 × 2 288 0.292 0.889 0.25η0

- ∞ 0.000

boundary or a bulk system as

�E
GB/B
f,tot [Mq] = E

GB/B
tot [Mq] − E

GB/B
tot . (3)

Then, we can define a segregation energy of the point
defect, which represents the energetic preference of the defect
for the GB system compared to the bulk. It is calculated as the
difference between the above defect formation-energy differ-
ence for the grain boundary system and the bulk as follows:

EGB
seg [Mq] = �EGB

f,tot[M
q] − �EB

f,tot[M
q]. (4)

The usual definition of the segregation energy uses
equivalent-size and -shape supercells of the GB and bulk
systems as a model for dilute point defect concentration.
In this method, the supercells have to be large enough to
minimize defect-defect interactions across periodic images,
and any interaction that might be present must cancel out
between the two systems. It is also implicitly assumed that the
physical situation we wish to model is one in which the defect
remains in the dilute limit both in the bulk reservoir and in
the grain boundary. We expand on this approach by exploring
the dependence of the segregation energy on the defect con-
centrations in the GB and bulk systems. In particular, we may
rewrite Eq. (4), so that the terms are explicitly functions of
defect concentrations in a GB system ηGB, or bulk system cB,
where we denote a defect number density per unit area with η,
and defect number density per unit volume with c,

EGB
seg [Mq](ηGB, cB) = �EGB

f,tot[M
q](ηGB) − �EB

f,tot[M
q](cB).

(5)

It should be noted that the quantities in Eq. (5) were
calculated using equivalent defective and pristine supercells
independently for the grain boundary and the bulk systems,
respectively, as defined in Eq. (3). The number of unit-cell
repeats, number of atoms, and volume and/or area concentra-
tions for the corresponding bulk and GB supercell systems
used in this work are listed in Table II. We compared the
effect on the segregation energy of using an equivalent size
bulk supercell versus varying the bulk defect concentration.
The total energy of the bulk supercell with a defect concen-
tration in the dilute limit was extrapolated using a linear fit
to the energies of supercells with 2 × 2 × 2, 3 × 3 × 3, and
4 × 4 × 4 unit-cell repeats for single defects VO, SnZr, and
NbZr, and to supercells with 2 × 2 × 2 and 3 × 3 × 3 repeats
for defect clusters {VO : SnZr}. The 1 × 1 × 1 supercells were
excluded from the fitting since there was clearly a very strong
self-interaction effect in them.

When studying a cluster of two defects, Mq and Np, we
define a segregation energy for a second defect Mq, in the
presence of a defect Np in the grain boundary, as

EGB,Np

seg [Mq] = �EGB
f,tot[M

q, Np] − �EGB
f,tot[N

p]

−�EB
f,tot[M

q]. (6)

We can also compute a binding energy for the same defect
cluster, as follows:

E
GB/B
bind [Mq, Np] = �E

GB/B
f,tot [Mq, Np] − �E

GB/B
f,tot [Np]

−�E
GB/B
f,tot [Mq]. (7)

If the fraction of sites occupied by point defects are f GB

and f B in the bulk and the GB system, respectively, their ratio
can be expressed as [30]

f GB

f B
= exp

(

−
(

EGB
f − EB

f

)

kBT

)

= exp

(

−EGB
seg

kBT

)

, (8)

where kB is the Boltzmann constant and T is the temperature
of the system; T = 603 K, an approximate reactor tempera-
ture, was considered, here.

D. Structural analysis

The local atomic environment, i.e., the microscopic, rather
than the macroscopic degrees of freedom, is an important
factor in determining the properties of crystalline grain bound-
aries. Hence, we used several parameters to characterise the
local atomic environment, and observe how they differ be-
tween the EQ and the MS GBs. The effect of introducing point
defects was of particular interest.

Firstly, we calculated the volume per atom using a Voronoi
tessellation, in which the volume is partitioned into convex
hulls such that each hull contains one atom, and every point in
this convex hull is closer to that atom than any other atom. A
grain boundary width was calculated based on a change in the
local volume of more than 0.5%. Next, we computed the effect
of the GB on the interlayer spacing in a stoichiometric ZrO2

layer composed of N Zr atoms, N OI and N OII atoms (N = 2
for the smallest GB cell). If the change in the distance normal
to the boundary relative to the as-constructed unrelaxed GB
structure for an atom k of species M is δn(Mk ), the change in
interlayer spacing �di j between layers i and j is defined as

�di j = �

(

∑

M=(Zr,OI,OII )

∑N
k δn(Mk )

3N

)

ij

− δbulk, (9)
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TABLE III. Relaxed grain boundary expansions, widths, energies and minimum translation state on the γ surface for the two grain
boundary structures studied, with crystal termination planes (2 0 0)-(2 0 0), denoted by EQ (equilibrium), and (1 0 0)-(1 0 0), denoted by MS
(metastable).

Grain Crystal Notation Min. Expansion Energy Width
boundary termination transl. (Å) (Jm−2) (Å)

�3 180◦ (1 0 0)a [0 0 1] (2 0 0)-(2 0 0) EQ (0.0, 0.5) 0.03 0.06 2.3
�3 180◦ (1 0 0)b [0 0 1] (1 0 0)-(1 0 0) MS (0.0, 0.5) −0.08 0.32 4.5

where the first term is the average change in atom coordinates
of a stoichiometric layer in the GB and δbulk is the equivalent
interlayer distance in the bulk crystal. We also computed the
average change in distance normal to the boundary for atoms
of species M, δn.

III. RESULTS AND DISCUSSION

A. Pristine boundary structures

Table III summarizes the structural properties of the two
GB structures considered in this study, and Fig. 2 shows the
change in local atomic structural properties between the GBs
and the bulk crystal. The EQ GB structure has a very low
boundary energy of 0.06 J m−2, which can be attributed to
the fact that it has a very bulk-like structure with no under-
coordinated atoms. The GB also has a small excess volume
of 0.03 Å, which is accommodated by the first stoichiometric
layer, after which the interlayer spacing converges to the bulk
value, as seen in Fig. 2(e). The local volume per atom of
the Zr atoms next to the GB decreases, whereas that of the

O atoms increases. The mean change in distance normal to
the GB is larger for the OII atoms compared to the OI and
Zr atoms. The MS GB has a formation energy of 0.32 J m−2,
which, although larger than the energy of the EQ GB, is a
thermodynamically plausible boundary energy for a metal ox-
ide. As a comparison, a different monoclinic twin, the (1 0 1)
tilt grain boundary in HfO2, was reported to have an energy
of 0.60 J m−2 [30]. The MS structure has a negative excess
volume of 0.08 Å spread between the first and second layers.
From the change in local atomic volume plot, we see the
volume per Zr atom does not change much compared to the
bulk crystal across the whole supercell. On the other hand, we
observe both an expansion and contraction of the O volumes.
The average change in distance is greatest at the GB, with
oscillations between the Zr and O atom distances, and decays
to zero after about three atomic planes.

B. Segregation behavior

Here, we present results on the interaction of the stud-
ied point defects with the grain boundaries and compare the

0 1 2
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FIG. 2. Change of local atomic structural properties between the GBs and the bulk crystal. Respectively for the EQ and the MS GBs,
(a) and (b): change in atomic volume δv; (c) and (d): average change in atomic distance normal to the GB δn; (e) and (f): change in interlayer
spacing, �di j .
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FIG. 3. Segregation energy vs distance from the GB for vO, SnZr ,
NbZr in the EQ GB: (a), (c), and (e); and the MS GB: (b), (d), and (f).
Charge state is indicated by color and marker. Dashed lines indicate
Eseg calculated using an equivalent bulk supercell (cB

eq) as a reference
and solid lines indicate Eseg calculated using an extrapolated energy
for a bulk crystal with defect concentration in the dilute limit (cB

dl).
Defect sites are labeled as in Fig. 1. The GB defect concentrations
are 0.25ηGB

0 for VO and ηGB
0 for SnZr and NbZr .

segregation behavior between the EQ and the MS grain
boundary structures in Figs. 3–7. The first factor we consider
is the defect distance from the GB core and how it influences
the segregation energy. The results are shown in Fig. 3. Segre-
gation energies have been calculated using two different bulk
reference systems: with a dashed line, we have plotted the
results from Eq. (4), and with a solid line, the results with
reference to the chemical potential of the solute in bulk in the
dilute limit. The former corresponds to the typical definition
in the literature: the driving force for a grain boundary is com-
puted as the difference in total energies between defective and
pristine equivalent supercells with a GB and of bulk crystal.
Based on this definition, we expect the segregation energy
to converge to zero in the middle of a size-converged fully
periodic supercell, containing two GBs. An exception to this
is the oscillating behavior for VO that we observe in Figs. 3(a)
and 3(b). This is a manifestation of the difference in preferred
bulk O site depending on charge state—a threefold site for

FIG. 4. Segregation energy as a function of supercell charge for
the most preferred site for each defect. This represents a subset of
data shown in Fig. 3.

charged vacancies, and a fourfold site for neutral vacancies, as
also previously demonstrated by Bell et al. [52] and Youssef
et al. [78]. In order to investigate how the grain boundary
energetical favorability changes with charge state, we exam-
ined the effect of the supercell charge state on the segregation
energy for the most preferred defect site, as shown in Fig. 4.
Moreover, the differences between the solid and the dashed
lines in these two figures indicate the strength and nature
of the self-interaction between periodic images of defects in
the equivalent bulk supercell. Next, we considered how the
segregation energy depends on the bulk defect concentration
and, in particular, for O vacancies, on the grain boundary
concentration, in Figs. 6 and 7, respectively. Vertical lines
in Fig. 6 show the bulk concentration, at which a particular
grain boundary concentration would be achieved for a typi-
cal oxide grain size of 50 nm. In other words, at what bulk
concentration, for a given average grain size, all the defects
would move from inside the grain to the boundary. Further-
more, in Fig. 8, we examined the bulk concentration at which
segregation becomes favorable as a function of defect charge.
Figures 3(a) and 3(b) show the segregation energy for oxygen
vacancies as a function of distance from the GB core, for four
different O sites as indicated in the diagrams on Figs. 1(b) and
1(c). The GB concentration is ηGB = 0.25η0. We observe a
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FIG. 5. Segregation energy for V2+
O in the presence of the

SnZr point defect, computed with an equivalent size bulk super-
cell reference, (a) and (b); and binding energy for defect cluster
{V2+

O : Sn2−/1−/0
Zr }0/1+/2+, (c) and (d), for the EQ and MS GBs,

respectively. Charge states, denoted by color, apply to the whole su-
percell. Explored sites include sites A, B, and C for SnZr , as denoted
in Fig. 1 and all nearest-neighbor O atoms. The average binding
energy between SnZr and V2+

O positioned at all nearest-neighbor O
atoms in bulk m−ZrO2 is also plotted with a dashed line.

segregation preference for site b in the EQ GB and for sites a
and c in the MS GB for the charged defect states—all three
sites are threefold O sites, which, as mentioned above, are
the preferred sites for charged VO in the bulk material. No
favorability for neutral VO for either GB is observed, which
suggests the preference for the GBs is a result of the elec-
trostatic interaction of the defects. This result is more clearly
seen in Figs. 4(a) and 4(b), which show a similar trend for the
two GBs of increasing favorability with increasing magnitude
of the defect charge. Based on the equivalent bulk reference,
the V2+

O defect in the EQ GB has the lowest segregation energy
of −0.3 eV, whereas the segregation energy in the MS GB is
about −0.2 eV. Examining Figs. 6(a) and 6(b), we note that
there is no favorability for both GBs at VO concentration of
ηGB

0 , whereas both GBs are favorable for charged VO at GB
concentration of 0.25ηGB

0 across the majority of bulk defect
concentrations, and even neutral VO at some bulk concentra-
tions. Figures 7(a) and 7(b) show the variation in Eseg based
on three GB supercells with concentrations as listed in Ta-
ble II. The result for 0.5ηGB

0 was calculated as the arithmetic
mean of the segregation energies for equivalent sites in the
6 × 1 × 2 and 6 × 2 × 1 GB supercells. The effect of GB con-
centration on the result for neutral vacancies is much smaller,
which suggests the Coulomb interaction is the reason for the
VO repulsion at ηGB

0 . The dependence on GB concentration

FIG. 6. Segregation energies for point defects VO, SnZr , VO in
the presence of SnZr and NbZr at their most preferred sites in a
given GB (as shown in Fig. 3) as a function of bulk defect con-
centration. Charge states, denoted by color and marker, apply to the
whole supercell. Solid lines correspond to results for a GB supercell
with concentration ηGB

0 formed from 6 × 1 × 1 repeats, and dashed
lines apply to results for a GB supercell with concentration 0.25ηGB

0

formed from 6 × 2 × 2 repeats. Vertical lines indicate the bulk con-
centrations, cB

0 and 0.25cB
0 , at which all the defects would segregate

to the GB for GB concentrations, ηGB
0 and 0.25ηGB

0 , assuming a
spherical grain of radius 50 nm.

appears very similar between the two GBs, but with increasing
charge the favorability increase is stronger in the EQ GB than
in the MS GB for the explored sites. The segregation behavior
of a charged point defect for a boundary in an ionic solid
would be influenced by a combination of elastic, electrostatic
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FIG. 7. Segregation energy for VO as a function of GB concen-
tration and supercell charge. Dashed lines indicate Eseg calculated
using an equivalent bulk supercell (cB

eq) as a reference and solid
lines indicate Eseg calculated using an extrapolated energy for a bulk
crystal with defect concentration in the dilute limit (cB

dl).

and chemical interactions with the surrounding local atomic
environment. As a measure of the elastic interactions, we can
consider the change in local atomic volume from that in bulk
for the O sites, which is shown in Figs. 2(a) and 2(b). We
notice that there is a variation between positive and negative
change in volume and that the explored sites are not always
those with the smallest volume. We can expect that a vacancy
would prefer a site with a negative change in volume, so there

FIG. 8. Bulk concentration of VO, SnZr , and NbZr , at which seg-
regation of the corresponding defect to a GB becomes favorable, as a
function of charge of the defect. Charge states, for which segregation
is favourable across any bulk concentration are denoted at cB = 0.0.
Supercells with two grain boundary concentrations are shown with a
circle and a square, for 0.25ηGB

0 and ηGB
0 , respectively. In the case of

VO, calculations for supercells containing a Sn0
Zr are denoted with a

red cross.

is a need to explore those sites as well. This might be the
reason behind the slightly stronger preference for the EQ GB
compared to the MS GB.

We studied the segregation energy of a Sn substitutional
ion on three Zr sites in each GB structure, as shown in
Figs. 3(c) and 3(d), for sites indicated in Figs. 1(b) and 1(c).
Tin preferably exists as a substitutional defect on a Zr site,
since Sn4+ and Zr4+ have very similar ionic radii [79]. which
likely, is the reason for no GB favorability for Sn0

Zr for either
GB structure with reference to the bulk dilute limit. Still, when
we probe the effect of increasing the bulk defect concentra-
tion, at cB = 0.2 nm−3, Sn0

Zr experiences a bias towards both
boundary structures at site A [Figs. 6(c) and 6(d)]. Sn2−

Zr , on
the other hand, exhibits the opposite behavior. Based on cB

eq,
the Sn2+ defect is favored at sites A and B in the EQ GB
with Eseg ≈ −0.2 eV and −0.1 eV, and site A in the MS GB
with −0.4 eV. In the dilute limit, these results are shifted, so
that the EQ structure sites are no longer favorable. Accord-
ingly, Sn2−

Zr exhibits no preference at the EQ GB across the
considered bulk concentrations, as demonstrated in Fig. 6(c),
whilst it favors site A in the MS GB at very low cB [Fig. 6(d)].
According to Figs. 6(c), 6(d), and 8(b), Sn1−

Zr and Sn2−
Zr display

favorability only for the MS GB at cB less than 1.4 nm−3 and
0.1 nm−3, respectively. Since the negative segregation energy
decreases with decreasing charge [Figs. 4(c) and 4(d)], the
MS GB favorability is likely to be a result of electrostatic and
chemical effects.

Next, we explored the segregation energy of the doubly
charged VO in the presence of tin as well as the binding
energy between V2+

O and SnZr, as displayed in Figs. 5(a) and
5(b), respectively. Calculations were performed for ηGB

0 and
all possible configurations for a SnZr at sites A, B, or C and
a V2+

O at any O site that is a nearest neighbor to either of
these three sites were simulated. The charge states in the
figures refer to the charge states of the combined defect cluster
{V2+

O : Sn2−/1−/0
Zr }0/1+/2+, where the oxygen vacancy always

has 2+ charge and the SnZr can have 2+, 1+, or 0 charge.
The presence of Sn2−

Zr manifested most strongly in the effect
on the segregation energy of V2+

O —values between −2 eV
and −3 eV across all defect configurations were computed.
This effect can be attributed to the charge neutralising effect
of Sn2−

Zr on V2+
O . For this reason, studies have suggested that

Sn2−
Zr increases the concentration of V2+

O in the oxide layer
and leads to an increased corrosion rate. With increasing the
charge of the SnZr, the V2+

O still exhibits significant segre-
gation favorability of −0.2 eV to −1.5 eV in the presence
of Sn1+

Zr , and only borderline favorability at a few O sites in
the MS GB in the presence of Sn0

Zr. Figures 6(e) and 6(f)
demonstrate how the bulk defect concentration impacts the
segregation energy of V2+

O at the most favorable site near a
SnZr defect. The strong preference for both GBs is evident
across all bulk concentrations in the case of Sn2−

Zr —the range
of segregation energies is between −3.9 eV to −2.9 eV and
between −4.2 eV to −3.2 eV for the EQ and MS GB, re-
spectively. We note that at this GB concentration, V2+

O on its
own did not exhibit favorability for either GB. Interestingly,
V2+

O becomes favorable in the vicinity of the MS GB even
in the presence of Sn0

Zr. This result suggests that there is a
chemical effect on the local atomic environment that favors
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V2+
O near the MS GB at relatively low bulk concentrations of

cB = 0.2 nm−3, but higher concentrations are needed in the
EQ GB at cB = 5.4 nm−3 [see Fig. 8(a)]. If this chemical
effect of tin on the segregation energy of doubly charged
oxygen vacancies is present in other more general oxide grain
boundaries, it can contribute to the reason for the reduced
oxidation rate in oxides with a high fraction of twin GBs.

Lastly, we studied the interaction of the GB structures
with a Nb substitutional defect on Zr sites. The same sites
were probed for the SnZr defect. The results for segregation
energy as a function of distance from the GB are displayed
in Figs. 3(e) and 3(f) and as a function of bulk concentration
in Figs. 6(g) and 6(h), for the EQ and MS GB, respectively.
As expected, the Nb dilute limit in bulk reference shifts the
segregation energies, and this shift has a similar magnitude
across charge states for the two GB structures. It appears at a
minimum for the 2– charge, followed by the zero charge, and
is largest for the 1– and 1+ charge states. Based on the equiva-
lent reference bulk, we observed a small favorability for site A
in the EQ GB for charges 1– and 0, and for site B for charge
state 2–. In the case of the MS GB, on the other hand, we
only observe favorability for charge state 1+ at sites B and C.
Figures 4(e) and 4(f) suggest that the difference in segregation
behavior of NbZr is governed by the electrostatic and chemical
interactions, and that negative charge states favor the EQ GB,
whereas positive charge states favour the MS GB. Considering
next the effect of bulk defect concentration [Figs. 6(g) and
6(h)], we see a strong favorability for the EQ GB of Nb2−

Zr
with segregation energy up to about −0.2 eV across a wide
range of concentrations above 0.18 nm−3. That result is likely
because of a combination of electrostatic and chemical effects
because Nb0

Zr exhibits similar behavior to Sn0
Zr in both GBs.

Both show a small preference for the interfaces at cB more
than 0.2 nm−3. Nb1−

Zr also favors the EQ GB, at high bulk
concentrations above 1 nm−3, but with Eseg only at around
−0.1 eV. Although, we do not see a favorability for either
GB of Nb1+

Zr , we might expect its segregation behavior for the
MS GB to become more favorable with the decrease of the
modelled GB defect concentration, as confirmed in Fig. 4(f).

C. Electronic structure effects

Figure 9 demonstrates how the total electron density of
states (DOS) of the �3 180◦ (1 0 0)a [0 0 1] boundary changes
as a result of the introduction of point defects. Also shown
are the projected density of states (PDOS) onto the Zr and
O atoms, and any Sn or Nb atoms present. The results for
both the EQ and the MS GBs were very similar, so here we
show the DOS of the equilibrium structure and the MS results
are shown in Fig. 2 within the Supplemental Material [72].
Firstly, we see no change in the DOS of the pristine boundary
compared to a bulk unit cell, which would be expected as the
local atomic environment near the boundary is very bulk-like
with no undercoordinated atoms [Fig. 9(a)]. Another expected
result is the underestimation of the experimental band gap
by the PBE exchange-correlation functional. Using a hybrid
functional, such as [80], would correct the band gap; however,
the computational expense for the number and size of the
performed calculations was unfeasible. Furthermore, this was

not necessary, as our aim is to observe the relative effect of
dopant gap states on the band gap.

Figure 9(b) demonstrates the effect on the DOS of the pres-
ence of Sn2−

Zr at the most preferred site A in the GBs. Similarly
as in bulk, an occupied gap state emerges, which was not
present in the case of the presence of Sn0

Zr. In Figs. 9(c) and
9(d), we note the emergence of an occupied and an unoccu-
pied state, in the presence of defect clusters {V2+

O : Sn2−
Zr }0

and {V2+
O : Sn0

Zr}
2+, respectively. Closer inspection allows us

to see that in the former, there are contributions from the O
and the Sn PDOS, whereas in the latter the contributions are
from all three species. Furthermore, the emergent gap state
in the {V2+

O : Sn0
Zr}

2+ cluster was not observed in the bulk
phase. Figures 9(e)–9(g) show us that for Nb2−

Zr and Nb0
Zr,

filled electronic states appear in the band gap, whereas for
the Nb1+

Zr an unfilled state appears. The same electronic states
for these defects were observed in the bulk tetragonal ZrO2

phase by Otgonbaatar et al. [62] and we observed in the bulk
monoclinic ZrO2 phase.

To further investigate the spatial distribution of these gap
states, we performed a real-space charge density analysis
of the defect-induced gap states. The results, presented in
Fig. 10, show that the charge density of the occupied gap state
for the {V2+

O : Sn2−
Zr }0 cluster is localised around the Sn and

nearby O atoms at the grain boundary, with minimal contri-
bution from the Zr sites. This suggests that the presence of
the defect cluster significantly alters the electronic structure in
the GB region, therefore potentially impacting the electronic
transport properties.

D. Implications for Zr oxidation

As mentioned in the introduction, studies have demon-
strated that in a slow moving protective oxide, a gradient of
oxygen across the interfaces develops—from O in solid solu-
tion in the metal, through the formation of a sub-oxide ZrO
phase [82,83], to the stoichiometric ZrO2 phases. Ma et al. re-
calculated the Zr-O phase diagram to include metallographic
and x-ray experimental data that showed that m−ZrO2 and
t−ZrO2 can exist as nonstochiometric compounds. Therefore,
we can assume that the oxygen vacancy concentration in the
ZrO2 protective oxide layer next to the metal-oxide interface,
would be at least 0.5 at.%, equal to 0.42 nm−3, or higher than
that in slow growing oxides with the presence of the tetragonal
phase, which is known to be stabilized by oxygen vacancies.
Additionally, as mentioned earlier, the oxide layer is under
high planar compressive stress, and so here we also discuss
any implications that this might have on the interpretation of
our findings. Based on our results, the vacancy concentration
with 2+ charge in the studied boundaries would be at least
0.89 nm−2 [Figs. 6(a) and 6(b)] at these bulk concentrations.
We do not find any preference for neutral vacancies, however.
If we consider a range of Sn dopant concentrations between
0.1 at.% and 1.0 at.% in the metal, corresponding to be-
tween 0.03 nm−3 and 0.28 nm−3 as substitutional defects in
the oxide, and assume a 50 nm spherical grain, any present
Sn4+ would marginally prefer both GB structures and this
preference will increase with increasing Sn concentration.
Conversely, we expect stronger preference of the lower va-
lence states for the MS GB, and consequently other nonspecial
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FIG. 9. Total and projected density of states, DOS and PDOS, respectively, in a pristine �3 180◦ (1 0 0)a [0 0 1] GB (EQ) (a); with a Sn2−
Zr

defect at site A (b); with a {V2+
O : Sn2−

Zr }0 defect cluster (c), with a {V2+
O : Sn0

Zr}
2+ defect cluster (d); with a Nb2−

Zr defect at site B (e); with a
Nb0

Zr defect at site B, (f) and with a Nb1+
Zr defect at site B (g). The Fermi level is indicated with reference to the valence band maximum (Evbm).
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FIG. 10. (a) Isosurface representation of the charge density associated with the occupied gap state for the {V2+
O : Sn2−

Zr }0 defect cluster in the
�3 180◦ (1 0 0)a [0 0 1] GB (EQ). The position of the GB and the atoms, including the O vacancy are indicated. (b) 2D slice of the same charge
density mapped onto the (100) plane, where the atom positions in the first stoichiometric ZrO2 layer are marked. Produced using VESTA [81].

073603-12



INTERACTION OF MONOCLINIC ZrO2 GRAIN … PHYSICAL REVIEW MATERIALS 9, 073603 (2025)

GBs, compared to the twin EQ structure. Combining this ob-
servation with the effect that Sn has on the V2+

O concentration,
we see a significant increase of vacancy segregation to the MS
GB. Furthermore, the vacancies favorability would increase
under a compressive stress owing to the negative defect vol-
ume and so the defect concentrations might be higher. This
result would suggest an adverse effect of Sn on the oxidation
behavior. Of course, the opposing view is a potential positive
effect because of binding of Sn with V2+

O , which was found to
be significantly stronger in both of the GB structures than in
the bulk lattice. However, we found the binding energies to be
very similar in both boundaries, whereas the V2+

O segregation
energy to the MS GB decreased by about 3 eV and 0.5 eV
in the presence of Sn2+ and Sn4+, respectively, bringing the
absolute segregation energies to about −3 eV and 0.05 eV.
The binding is expected to be stronger under a compressive
stress owing to the larger defect volume of a substitutional
Sn defect compared to a cluster with an oxygen vacancy as
confirmed previously [44]. Therefore, this effect might make
VO transport harder through the low-energy twin studied here
compared to more general boundaries.

Nb is added in various concentrations of up to 2.5 at.%
[33], corresponding to 0.70 nm−3. As seen in Fig. 6(g), Nb2−

Zr
has the opposite effect to Sn2−

Zr , and increasingly favors the
EQ GB with a segregation energy up to about −0.2 eV, and
we might expect it to bind with V2+

O , similar to the case in the
tetragonal phase [52]. It would be interesting to see its effect
on the vacancies’ segregation energy, which is planned in
future work. In the MS GB, if Nb1+

Zr is favorable, it might bal-
ance the negative charge from the Sn2−

Zr defect, and therefore,
reduce its detrimental effect, which would be more prevalent
under compressive stress. Similarly, it was also previously
suggested that Nb1+

Zr might suppress the formation of V2+
O , so

reducing ion conductivity [53].
Since the electron transport in the oxide layer is hypoth-

esized to be the corrosion rate limiting factor, as mentioned
earlier, it is important to examine what effect point de-
fects might have. One proposed mechanism for the electron
transport in an insulator such as zirconia involves the elec-
tron hopping through emerging gap states in the band gap.
McKenna et al. [30] found evidence for this transport mecha-
nism in a monoclinic HfO2 twin GB through neutral oxygen
vacancies segregating to the boundary and resulting in gap
states, eventually closing the band gap at high enough concen-
trations. We found that neutral oxygen vacancies in the studied
ZrO2 GB also result in a filled gap state in the band gap,
but we did not find them favorable near the GBs. However,
positive oxygen vacancies are favorable and in the presence
of Sn2−

Zr , a gap state emerges, as seen in Fig. 9(c). Figure 10
confirms that the occupied state for the {V2+

O : Sn2−
Zr }0 cluster

is localised around the Sn and O atoms at the boundary,
indicating potential electron trapping sites. Moreover, in the
presence of of Sn0

Zr, an unoccupied gap state, which is only
present in the boundary and not in the bulk phase appears.

If we consider a range of fractions of O sites occupied
by V2+

O in the bulk crystal, and the respective volume con-
centrations, we can calculate the corresponding fractions of
sites and area concentrations in the GB, as well as the typical
separation distance between any two vacancies, as shown in

Table IV. We see that for a wide range of bulk concentra-
tions, the vacancies are closer in the GB compared to in the
bulk. Electron tunneling rates depend exponentially on the
separation between defects [30], which suggests boundaries
could act as percolation paths for electrons. This effect might
be present even in the absence of tin, if electrons happen
to sit on the oxygen vacancy and neutralise it; a gap state
would be created. In the presence of tin in the boundaries,
and under a compressive stress, it seems the effect would be
exacerbated, especially, in the MS GB, where we observed
favorability for Sn. Nb defects might also take part in the
electron transport, as they too introduce gap states in the band
gap. It would be interesting to further examine further the
effect of clusters containing all three defects on the structural
and electronic properties of the boundaries. We should also
note that while the presence of gap states is a necessary
condition for transport, it is not a sufficient one. The extent of
localisation and potential overlap of defect states must also be
considered. Further studies, including explicit calculations of
charge transport pathways, would be required to determine the
extent to which these gap states facilitate electron conduction.

IV. CONCLUSIONS

In this study, we modelled a �3 180◦ (1 0 0) [0 0 1] twin
grain boundary in monoclinic ZrO2 using density functional
theory. We studied the structural and electronic properties and
the effects of introducing point defects to the equilibrium (EQ)
structure of the boundary and a metastable structure (MS),
which was used as a proxy for a less special monoclinic GB.
The findings of our study can be summarized as follows:

(i) Across a wide range of bulk defect concentrations, we
found that V2+

O preferentially segregates to both interfaces.
(ii) Sn0

Zr shows preference for both boundaries, whereas
Sn2−

Zr shows only preference for the MS GB.
(iii) A stronger binding near both GB structures compared

to that in bulk for the {V2+
O : Sn2−

Zr }0 defect cluster was found.
(iv) In the presence of Sn2−

Zr and Sn0
Zr, the favorability of

oxygen vacancies for the MS GB increases to a value of about
−3 eV and −0.1 eV, respectively. This suggests Sn might
lead to an increase of oxygen vacancies near higher-energy
boundaries, and therefore, an increase in oxidation.

(v) Nb2−
Zr favors the EQ GB across a wide range of bulk

concentrations with segregation energy of −0.2 eV, whereas
Nb1+

Zr favors the MS GB under certain concentrations. The
latter might interact with Sn2−

Zr and reduce additional oxygen
vacancies usually compensating the tin defect.

(vi) Sn2−
Zr , defect clusters {V2+

O : Sn2−
Zr }0, as well as NbZr

with oxidation states from 2– to 0 introduce a gap state in the
band gap, which reduces the band gap. For the defect cluster,
the effect is only present in a boundary and not in the bulk
phase.

(vii) Monoclinic GBs might act as percolation paths for
electron transport, an effect expected to be increased in the
presence of Sn.

(viii) The equilibrium structure of �3 180◦ (1 0 0) [0 0 1]
in monoclinic ZrO2 was found to have very low boundary en-
ergy, with very similar atomic structure to the bulk crystal, and
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TABLE IV. Fraction of occupied O sites and separation between V2+
O in bulk crystal and the EQ GB for a range of fractions of bulk

sites occupied by vacancies calculated using Eq. (8) and based on EGB
seg [V2+

O ](ηGB = 0.25ηGB
0 , cB=0.0). The corresponding volume and area

concentrations are also computed.

f B (%) cB (nm−3) f GB (%) ηGB (nm−2) dB (Å) dGB (Å)

0.001 0.001 0.02 0.003 121.5 176.0
0.01 0.01 0.23 0.03 56.4 55.7
0.1 0.06 2.27 0.32 26.2 17.6
0.3 0.17 6.81 0.97 18.1 10.2

to favor V2+
O and Nb2−

Zr but not Sn2−
Zr , which might contribute

to making this interface a difficult diffusion path for species.
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