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A B S T R A C T

Partitionless solidification is a relatively understudied phenomenon in high-entropy alloys. In this study, a two- 
phase FCC CoCrCuFeNi0.8 high-entropy alloy was subjected to containerless rapid solidification in a drop-tube. 
The resultant droplets solidified at liquid phase cooling rates between 600 K s− 1 and 60,000 K s− 1. In a sub-
stantial portion of solidified droplets, the cores of solidified CoCrFeNi-rich primary dendrites were found to 
contain Cu-rich spherical dispersoids of similar composition to the Cu-rich interdendritic phase formed from 
rejected copper during solidification. The average composition of the decomposed regions of these dendrites 
matches the composition of the starting alloy and does not vary with droplet cooling rate. We reason that 
droplets featuring these dispersoids were undercooled below the T0 temperature when in freefall in the liquid 
state. This caused the first dendrites to form via partitionless solidification. These regions became supersaturated 
as the droplet cooled further and likely underwent spinodal decomposition in the solid state. We also use 
CALPHAD modelling to estimate the solid phase spinode in the CoCrCuFeNi0.8 alloy, arguing that the required 
precursor to spinodal decomposition is likely a dendrite core that has become supersaturated with copper after 
partitionless solidification. The consistency in average composition of the decomposed dendrites at every cooling 
rate provides substantial evidence that this high-entropy alloy underwent undercooling mediated partitionless 
solidification rather than severe kinetic solute trapping. Furthermore, this work provides an analysis of condi-
tions which may favour partitionless solidification in high-entropy alloys.

1. Introduction

Solid-state decomposition reactions in high-entropy alloys have been 
readily observed and have often occurred after long-term heat treatment 
processes such as annealing. For example, the single-phase FCC (face- 
centred cubic) equiatomic CoCrFeMnNi alloy, or Cantor alloy, has been 
found to decompose into up to four other phases (σ, BCC, B2 and L10) 
upon prolonged heat treatment at key temperatures of 500 ◦C and 700 
◦C after 500 days [1]. The authors suggest that this is due to thermo-
dynamic instability below about 800 ◦C. Presumably, the decomposition 
reactions that occur below this temperature are suppressed kinetically 
when the alloy is cooled to room temperature. After heat treatment at 
800 ◦C to 900 ◦C, equiatomic TiZrNbHfTa alloys, in the form of nano-
crystals, have also been observed to decompose from single-phase BCC 
into a dual-phase BCC structure, with a further HCP phase forming, in 
some cases, at lower heat treatment temperatures [2]. Similar solid-state 
decomposition reactions have been observed during annealing of mul-
tiple specific alloys within the compositional family of Al-Cr-Nb-Ti-V-Zr 

alloys by Yurchenko et al. [3,4] and, more recently, in AlCuNiPdPt [5,6].
Interestingly, solid-state decomposition reactions have also been 

observed in HEAs during the initial solidification process, without the 
need for long-term heat treatment. Munitz et al. [7] cast AlCrFeMnNi 
alloys, showing that the dendritic and interdendritic phases that formed 
upon solidification both decomposed spinodally upon further cooling to 
room temperature. The same seemingly also occurs in AlCoCrFeNi [8,9]. 
A solid-state miscibility gap is hypothesized to be present in an FCC solid 
solution phase of Al0.5CoCrCuFeNi, causing the phase to decompose 
spinodally after casting [10]. The authors have hence suggested that it is 
not possible to suppress this reaction, even at very high cooling rates. 
The spinodal character of the decomposition is verifiable through rapid 
solidification experiments on similar alloys. Singh et al. [11] processed 
equiatomic AlCoCrCuFeNi by conventional casting and splat quenching 
with cooling rates of 10 – 20 K s− 1 and 106 – 107 K s− 1 respectively. 
Casting caused the solidified dendrites in AlCoCrCuFeNi to decompose 
extensively into multiple phases. However, the authors point out that 
even the seemingly uniform regions in the microstructure of the 
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splat-quenched sample featured nanosized domain structures in the 
grain centres, indicating the initial stages of phase decomposition.

In many cases, decomposition of an alloy in the solid state during 
solidification is associated with an initial solid phase becoming super-
saturated with solute during cooling. This supersaturation can be 
brought on by non-equilibrium cooling of the initial liquid, where solute 
cannot partition as it would during equilibrium solidification. This 
“solute trapping” is often explained by examining solidification kinetics. 
During dendritic solidification of a liquid alloy, the growth velocity of 
the solid dendrites is directly affected by the degree of undercooling. 
Such a dependence has been studied in pure metals [12–15], interme-
tallic compounds [16], conventional alloys [13,14,17], and even HEAs 
such as equiatomic CoCrCuFeNi [18]. In all cases, a higher undercooling 
of the parent liquid results in a higher maximum dendrite growth ve-
locity during solidification. As growth velocity increases, the velocity of 
the solid phase growth front becomes too rapid for solute to diffuse 
across the solid-liquid interface before solidification, trapping solute in 
the solid phase. The resultant solid is enriched in solute compared to if it 
were solidified at equilibrium conditions. A prominent kinetic model of 
this effect is the continuous growth model (CGM) for dilute alloys 
created by Aziz [19] and generalised by Aziz and Kaplan [20] for so-
lutions of any composition. In models such as these, the nature of par-
titioning is defined in terms of a partition coefficient k. With increasing 
dendrite growth velocity V, the solute partition coefficient k (for a phase 
diagram with negative liquidus slope, a value between 0 and unity) 
increases from a value at equilibrium, ke, and asymptotically tends to-
wards unity as dendrite growth velocity V becomes much larger than the 
diffusion rate for solute across the interface VDi . As the partition coef-
ficient approaches unity (k→1), we reach a stage of near complete solute 
trapping, where the composition of the growing solid has almost the 
same composition as the initial liquid. With a partition coefficient of ke, 
solute partitioning across the solid and liquid would occur as it would 
under equilibrium conditions. The generalised CGM proposed by Aziz 
and Kaplan [20] is shown in Eq. (1) for the calculation of partition co-
efficient at a given interface growth velocity kCGM(V). Here, XL is the 
atomic fraction of solute in the liquid at the interface. For a dilute alloy, 
XL≪0 and hence (1 − ke)XL≪0. The equation thus simplifies to that 
given by Aziz [19]. Solute concentration profiles estimated based on the 
CGM were supported experimentally in subsequent studies on 
aluminium alloys and Si-As [21–23]. 

kCGM(V) =
ke + V

/
VDi

V
/

VDi + 1 − (1 − ke)XL
(1) 

In contrast to solute partitioning brought on by non-equilibrium 
solidification where 0 < k < 1, some studies have attributed solid- 
state decomposition in alloys to the formation of metastable precursor 
phases via completely partitionless solidification. In this scenario, the 
initial solid phase formed has the same composition as the liquid from 
which it solidifies. Entirely partitionless solidification was first shown by 
Baker and Cahn to be thermodynamically possible [24]. However, there 
are thermodynamic conditions upon which the possibility of partition-
less solidification is dependent. Crucially, the temperature at the inter-
face between the growing solid and the residual liquid must be below the 
T0 line of the alloy phase diagram at the composition of the liquid. Below 
this line, the requirement of a reduction in free energy during trans-
formation from liquid to solid is satisfied without a change in the 
composition between solid and liquid [25].

The occurrence of partitionless solidification is linked with the 
transition between growth of the solid controlled by solute diffusion to 
complete control by heat diffusion as dendrite growth velocity increases. 
Willnecker et al. [26] studied this effect in Cu-Ni alloys and point out 
that kinetic solute trapping models such as the CGM accurately predict 
solute partitioning results only below a critical dendrite growth velocity 
(brought on by a critical undercooling below the liquidus ΔT∗). Eckler 
et al. [27] have also shown this transition occurring in Ni-B alloys, 

resulting in partitionless solidification occurring at undercoolings above 
ΔT∗. Importantly, they also note the that this critical undercooling de-
pends heavily on alloy composition.

Two key shortcomings are therefore evident in the CGM. These are 
the ability to accurately predict solute trapping behaviour only at rela-
tively low dendrite growth velocities, and a lack of representation of the 
transition to complete solute trapping (k = 1) when interface growth 
velocity exceeds a finite value, which has been previously observed in 
experiments. Such issues are treated in later kinetic models. The local 
non-diffusion model (LNDM) suggested by Sobolev [28–31] addresses 
this issue for dilute alloys through a distinction between the velocity of 
diffusion of solute across the interface VDi (discussed by Aziz and 
Kaplan) and that of diffusion of solute in the bulk VDb . Initially, the 
model works similarly to the CGM, with partition coefficient increasing 
as V→VDi . However, because generally, VDb > VDi , a limit of completely 
partitionless solidification is proposed when V > VDb . Once this condi-
tion is fulfilled, k = 1. [29]. This model is described in Eq. (2) and 
calculates the partition coefficient for a specific interface growth ve-
locity V. 

kLNDM(V) =

⎧
⎪⎪⎨

⎪⎪⎩

ke +
(

1 − V2
/

V2
Db

)
+ V

/
VDi

(
1 − V2

/
V2

Db

)
+ V

/
VDi

, V < VDb

1, V > VDb

(2) 

A further model proposed by Galenko [32] generalises the LNDM for 
any concentration of solute in the liquid and unites the limit cases 
yielded in the CGM and LNDM models. Eq. (3) calculates the partition 
coefficient using this model for a specific initial alloy solute content X0 

and interface growth velocity V. At low interface growth velocities 
where V < VDb and for a dilute alloy where (1 − ke)X0≪1, the partition 
coefficient is defined as it would be by the LNDM. In the limit case where 
the diffusion of solute in the bulk liquid is very quick (VDb →∞), we 
arrive at the solution proposed by the Aziz-Kaplan CGM. When V > VDb , 
complete solute trapping occurs, and the partition coefficient becomes 1. 

kGAL(V,X0) =

⎧
⎪⎪⎨

⎪⎪⎩

(
1 − V2

/
V2

Db

)
[ke − (1 − ke)X0] + V

/
VDi

(
1 − V2

/
V2

Db

)
+ V

/
VDi

, V < VDb

kGAL(V,X0) = 1, V ≥ VDb

(3) 

This model is much more descriptive of solute trapping behaviour in 
Si-As alloys [22,23] than previous work, particularly at high interface 
velocities approaching the critical velocity for partitionless growth.

In more conventional alloys, the thermodynamic argument (based on 
the T0 temperature) has been invoked to explain regions in the solidified 
microstructure where average composition is almost exactly equal to the 
initial alloy composition (within measurement instrument error). In 
1991, Cantor et al. [33] studied melt-spun Ni-5wt% Al and 316 L 
stainless steel. Early in the solidification process, they observe columnar 
solidification with a plane front that they describe as partitionless, 
attributing this to a high undercooling brough on by the melt-spinning 
process, which increases growth velocity. This condition only occurs 
in the initial solid formed in the dendrite cores and is no longer satisfied 
later in the solidification process. The transition from partitionless 
growth to partitioning is thought to occur following the consistent 
release of latent heat and corresponding increase in interface tempera-
ture. McKeown et al. [34,35] solidified eutectic U-6wt% Nb particles via 
centrifugal atomisation, yielding droplets between 155 µm and 1 µm. 
Calculated cooling rates achieved were between 103 and 108 K s− 1. 
Interestingly the authors observe dendritic and non-dendritic regions in 
the droplets which vary in prominence with decreasing droplet size. In 
smaller droplets, large non-dendritic regions are observed which, along 
with interdendritic regions, possess a composition very close to the 
initial liquid composition. The prevalence of the non-dendritic region 
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increases with increasing cooling rates. The authors attribute this to a 
partitionless solidification brought on by large prevailing undercoolings 
in the rapidly cooling droplets. This partitionless solidification ceases 
once recalescence causes the droplet temperature to rise above a certain 
value, at which partitioning becomes evident. Galuskova et al. [36] 
observed that a cooling rate of 105 K s− 1 suppresses the eutectic reaction 
in Bi-Sn alloys and causes partitionless solidification and subsequent 
solid-state decomposition on further cooling towards room temperature. 
In their work on drop-tube processed Al-3.9wt% Fe alloy droplets, Abul 
et al. [37] observe regions in droplets of all cooling rates between 100 K 
s− 1 and 20,000 K s− 1 where composition is close to the composition of 
the original alloy. This is supported by the fact that undercoolings 
attainable in the drop-tube would be more than adequate to achieve the 
42 K undercooling required to drop below T0 in the alloy. In further 
work on Al-4.1wt% Fe-1.9wt% Si, they note areas in the droplets where 
partitionless solidification seems to have occurred for iron but not for 
silicon, which they suggest could be because iron and silicon diffuse at 
drastically different speeds in liquid aluminium [38]. Similar parti-
tionless regions are observed in rapidly quenched Al-12.6wt% Si-0.8wt 
% Mg-0.4wt% Mn-0.7wt% Fe-0.9wt% Ni-1.8wt% Cu [39].

In HEAs, with many more component elements, partitionless solid-
ification seems to be much more seldom encountered. In their work on a 
suction cast ZrNbAlTiV alloy, Vishwanadh et al. [40] measured the 
composition of a single-phase region in the solidified microstructure. 
This area was shown to have a composition near the composition of the 
initial liquid, which the authors attribute to partitionless solidification 
from the liquid. In their extensive work on Al-Ni-Cr-Fe-Mn alloys, 
Ananiadis et al. and Mathiou et al. [41,42] observed that dendrites in 
as-cast Al10Cr26.7Fe26.7Mn26.7Ni10 and Al14Cr24Fe24Mn24Ni14 had sub-
sequently undergone decomposition in the solid state. They argue that 
the dendrites had initially solidified in a partitionless manner but had 
subsequently undergone spinodal decomposition into two phases after 
further cooling rendered the initially solidified phase thermodynami-
cally unstable. Srimark et al. [43] investigated arc-melted Al0.7CoCrFeNi 
to establish a solidification pathway. They suggest a sequence where a 
B2 metastable phase which solidified in a partitionless manner from the 
melt subsequently decomposed into stable B2 and FCC phases. They also 
provide a CALPHAD simulation to support the conjecture that parti-
tionless solidification is thermodynamically possible in this alloy. An 
investigation into unexpected spinodal decomposition in a 
Al30Co10Cr30Fe15Ni15 eutectic HEA was undertaken through thermo-
dynamic modelling by Bai et al. [44]. They suggest that the under-
cooling required for partitionless solidification in the alloy is lowered 
due to short-range order in the parent liquid and the high configuration 
entropy of the forming solid phase. This leads to partitionless growth of 
a metastable B2 phase in the melt, which undergoes a final spinodal 
decomposition as temperature decreases. Very recently, Yan et al. [45] 
investigated EML processed CoCrCuFeNi equiatomic alloy which un-
dergoes liquid phase separation (LPS). They note that a decrease in 
volume fraction of a Cu-rich interdendritic phase between the 
CoCrFeNi-rich dendrites as undercooling increases provides evidence for 
a transition from growth controlled by diffusion of copper-solute to 
purely thermal diffusion-controlled growth. In droplets having under-
gone LPS, the CoCrFeNi-rich phase exhibits nearly no interdendritic 
copper, pointing to the occurrence of a near partitionless solidification 
at the highest undercoolings.

In this work, we discuss notable Cu-rich dispersions formed selec-
tively in dendrite arm cores of rapidly solidified CoCrCuFeNi0.8 HEAs 
during the initial solidification processing in a drop-tube, without need 
for any subsequent heat treatment. We aim to characterise these dis-
persions in detail and suggest mechanisms for their formation. Through 
this, we work to further elucidate the behaviour of high-entropy alloys 
during rapid solidification in comparison to more conventional binary 
alloys.

2. Experimental methodology

2.1. Sample preparation and microstructural analysis

An alloy ingot of CoCrCuFeNi0.8 was formed by successive arc- 
melting of the pure metal constituents. Cobalt, chromium, copper, 
iron and nickel, in the form of rod or shot, were sourced at a purity of at 
least 99.0 %. The starting components were gradually added together in 
stages. During formation of each intermediate alloy, the arc-melted 
button was melted, removed from the arc-melter, sanded to remove 
any external oxide layer formed, and flipped from its original orienta-
tion in the arc-melter before re-melting. This process was repeated at 
least three times for each step. The intermediate alloys created were 
CoFe, CuNi0.8, and quaternary CoCuFeNi0.8. Chromium was added last 
to form the final CoCrCuFeNi0.8 alloy. Oxidation during melting, and 
subsequent sanding with SiC paper to remove this oxide layer after each 
melt, resulted in a loss of 3.9 g of material. The final button shaped ingot 
weighed 16.5 g.

8.1 g of the formed ingot was drop-tube processed. Drop-tube pro-
cessing is a form of rapid solidification processing where liquid metal is 
ejected through a small orifice, dispersing into droplets. These liquid 
droplets then solidify in freefall through a low-pressure inert gas at-
mosphere. For the sake of brevity, more detailed explanations of the 
principles behind drop-tube processing and descriptions of the specific 
apparatus at the University of Leeds are provided in [46]. Collected 
droplets were sieved into size fractions of 850+, 850–500, 500–300, 
300–212, 212–150, 150–106, 106–75, 75–53, and 53–38 μm. Droplets 
from each size fraction were cold-mounted in resin, while a section of 
the original arc-melted ingot was hot-mounted. Sample grinding was 
completed using P400 and P1200 SiC paper as well as 3 μm and 1 μm 
diamond paste polish. 0.05 μm colloidal silica was used in the final 
polishing step.

2.2. Calculation of droplet cooling rate

Given the fast pace of the drop-tube experiment and the thousands of 
droplets of different size and morphology that are produced immedi-
ately after ejection, it is impossible to accurately measure the instanta-
neous temperature of a specific droplet. Therefore, a theoretical heat 
transfer model for a spherical metal droplet in free-fall through a 
gaseous atmosphere has been developed to determine the prevailing 
cooling rate for each droplet diameter. We define an energy balance 
across the droplet-gas interface through Eq. (4), where Td is the 
instantaneous droplet temperature, dTd/dt is the overall prevailing 
droplet cooling rate, cp(l)is the liquid phase specific heat capacity, f is the 
volume fraction solidified, cp(s) is the solid phase specific heat capacity, 
Lf(alloy) is the latent heat of solidification of the alloy, h is the convective 
heat transfer coefficient, ρalloy is the alloy melt density, d is the droplet 
diameter, ε is the surface emissivity of the alloy droplet (assumed to be 
the same for solid and liquid phases), σb is the Stefan-Boltzmann con-
stant, and Tg is the gas temperature: 

dTd

dt

[

cp(l)(1 − f)+ cp(s)f − Lf(alloy)
df
dt

]

=
6h

ρalloyd
(
Td − Tg

)
+

6εσb

ρalloyd
(
Td

4 − Tg
4)

(4) 

The overall cooling rate dTd/dt factors in the liquid phase cooling 
rate, solidification and the solid phase cooling rate once the droplet has 
fully solidified. More detailed derivation of the specific terms in the 
above equation can be found in [46–48]. For the purposes of this 
investigation, we are most concerned with the maximum cooling rates 
occurring in the liquid and solid states respectively (i.e. when f = 0 and 
f = 1. In both cases, the droplet is only single phase, so df/dt = 0. The 
maximum liquid and solid phase cooling rates dTd(l)/dt and dTd(s)/dt are 
thus determined through Eq. (5). 
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dTd(l,s)

dt
=

1
cp(l,s)

{
6h

ρalloy(l,s)d
(
Td − Tg

)
+

6εσb

ρalloy(l,s)d
(
Td

4 − Tg
4)
}

(5) 

2.3. Microstructural analysis

Initial microstructural surveys were performed using a Carl Zeiss 
LSM800 Mat CLSM confocal optical microscope. Further detailed 
microstructural analysis was conducted using a Hitachi SU8230 SEM. 
The EDX attachment on the SEM was used for composition analysis. 
More selective EDX analysis was conducted within specific regions of 
interest within the microstructure. These regions were defined by a 
closed freehand drawn area.

A small section of one droplet (212 – 150 µm size fraction) was 
removed using a FEI – Helios G4 CX Dual beam FIBSEM. The final FIB 
section had a thickness of 80 – 90 nm and was used for targeted analysis 
of the nano-scale structure of the alloy. This was conducted using a FEI 
Titan Cubed Themis 300 G2 FEG S/TEM operated at 300kV. Bright field 
TEM (BFTEM) images were collected using the GATAN OneView 16 
Megapixel CMOS digital camera. Next, the fitted Super-X EDX system 
with windowless 4-detector design and 0.7 srad solid angle was used to 
attain an understanding of the composition of the phases present in the 
microstructure. Finally, selected area electron diffraction (SAED) pat-
terns for each principal phase were gathered for the purposes of com-
parison. ImageJ© software was used to determine spacing and angles 
between SAED diffraction points to determine phase crystal structure 
and interplanar spacings. These values include an uncertainty of 4 % due 
to instrumentation systematic error such as inaccurate camera constants 
or lens distortion as well as random error during visual measurement of 
the distances between diffraction points. However, if the interplanar 
spacings are calculated based on measurements from two adjacent re-
gions taken contemporaneously, the error in these measurements re-
duces and is likely closer to 1 %. This is due to the consistency in 
systematic error across both measurements. The uncertainty inherent 
during measurement is determined via well-defined calibration pro-
tocols undertaken for the TEM microscope used in this investigation as 
recommended by the manufacturers.

2.4. Structural occurrence rate

In each size fraction, a minimum of 250 droplets were categorised in 
terms of microstructural morphology to better understand the trend in 
occurrence rate of various microstructures with alloy cooling rate. Over 
a dozen structures were defined and their occurrence rate logged 
through analysis of large-scale stitched images made from the optical 
images taken with the Carl Zeiss LSM800 Mat CLSM confocal micro-
scope. Detailed analysis of this methodology, including selection of 
minimum sample size is reported in [49]. Definitions of each micro-
structure encountered during microscopic analysis of the CoCrCuFeNi0.8 
droplets, along with SEM micrographs showing examples of each 
microstructure observed, are available in the supplementary informa-
tion (Online Resource 1). For this particular study, we focus specifically 
on the occurrence, or not, of fine spherical dispersions of a Cu-rich phase 
within the primary, secondary or tertiary arms of CoCrFeNi-rich den-
drites that grow into the liquid during solidification. We use the results 
of this statistical analysis to determine the occurrence rate of Cu-rich 
dispersoids in droplets of each size fraction following the methodology 
outlined in the supplementary information (Online Resource 1).

2.5. Cu-rich dispersoids area percentage

In addition to the occurrence rate of Cu-rich dispersoids covered in 
Section 2.4, at least three droplets from each size fraction which had 
solidified exclusively in a dendritic manner, and which feature Cu-rich 
dispersoids in dendrite arms, were selected for further analysis. For 
each droplet, the ImageJ© photo editing software was used to manually 

delineate the areas in which Cu-rich dispersoids were present 
throughout the viewable droplet cross-sectional area (the area exposed 
during the polishing process). The area fraction of the droplet occupied 
by these dispersoids was then calculated by dividing the total area 
occupied by Cu-rich dispersoids by the total viewable droplet cross- 
sectional area. This was multiplied by 100 to calculate the area per-
centage occupied by Cu-rich dispersoids and an average was calculated 
for each droplet size fraction.

3. Results

3.1. Overall composition analysis

Table 1 indicates that the arc-melted sample of CoCrCuFeNi0.8 pos-
sesses a composition close to the calculated values based on the desired 
elemental ratio. Composition does not change appreciably after drop- 
tube processing, even in some of the smallest droplets. This suggests 
that average composition of the droplets is essentially uniform with 
reducing droplet diameter. In both the ingot and droplets, the slightly 
higher than predicted chromium content is likely a result of the fact that 
Cr was the last element added during the melting process, meaning less 
of this material oxidised or was sanded away.

3.2. Calculation of droplet cooling rate

Fig. 1 shows the results of the maximum liquid and solid phase 
cooling rates for CoCrCuFeNi0.8 droplets while in freefall in the drop- 
tube via interrogation of Eq. (5). Liquid phase droplet cooling rates 
range from a minimum of 600 K s− 1 in the largest droplets and a 
maximum of 60,000 K s− 1 in the smallest droplets. Solid phase cooling 
rates range from 400 K s− 1 to 40,000 K s− 1 for droplets of a similar size 
profile to those described above. Liquid phase cooling rates are higher 
than corresponding solid phase cooling rates in a particular droplet size 
fraction due to the reduction in the maximum temperature difference 
between the solid or liquid melt and the gas atmosphere. In both solid 
and liquid phase cooling rates, droplet diameter and cooling rates can be 
related using a power law. Thermophysical data used to calculate 
cooling rate for each droplet size in both liquid and solid states is pro-
vided in the supplementary information (Online Resource 2). These 
values were either determined through experimentation or taken from 
[50–52].

3.3. Microstructure analysis

SEM analysis of drop-tube processed CoCrCuFeNi0.8 alloy droplets 
shows that the large majority of these droplets across all size fractions 
and thus, cooling rates, solidify in a dendritic manner. The dendrites are 
CoCrFeNi-rich and grow into a highly Cu-rich interdendritic liquid, 
which then solidifies at a lower melting point given the high percentage 
of copper present. However, in numerous cases, many of these 
CoCrFeNi-rich dendrite trunks are populated with Cu-rich spherical 
dispersoids. In these droplets, the dispersoids are overwhelmingly 
located in the primary dendrite arms. In much less common cases, they 
are also found in secondary and even tertiary dendrite arms. Due to the 
position of the dispersoids exclusively in the cores of dendrite arms 

Table 1 
Average atomic composition comparison between arc-melted ingot and drop- 
tube processed CoCrCuFeNi0.8.

Co /at% Cr /at% Cu /at% Fe /at% Ni /at%

Predicted 20.8 20.8 20.8 20.8 16.7
Ingot 20.72 ±

0.08
22.12 ±
0.03

20.70 ±
0.18

20.43 ±
0.06

16.03 ±
0.06

Droplets 
(d = 75–53 

µm)

20.56 ±
0.02

21.74 ±
0.07

20.55 ±
0.04

20.87 ±
0.06

16.29 ±
0.03
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rather than randomly throughout the microstructure, they are likely to 
have formed in the solid state after solidification of the dendrite in 
which they are located. The prevalence of these dispersions in the 
droplets is positively correlated with cooling rate. Examples of droplets 
with these dispersoids in the microstructure are shown in Fig. 2.

Fig. 2a and 2b represent, qualitatively, the difference in the extent to 
which dispersoids appear in dendrite cores of droplets of different sizes. 
Generally, a smaller droplet diameter (i.e. a higher prevailing cooling 
rate) seems to correspond to a greater extent of dispersoid prevalence, in 
that these spheres appear in more dendrites of an individual droplet as 
the theoretical droplet cooling rate increases. Fig. 2c shows the most 
common configuration of dispersions in the dendrites, where the cores 
of primary dendrites seem to be preferentially occupied before the sec-
ondary and tertiary dendrites. Indeed, we are unable to find any droplets 
where dispersions occupy secondary and tertiary dendrites without also 
being found in the corresponding primary dendrites. Some smaller 
droplets, such as those presented in Fig. 2d, have also been found with 
dispersions present in primary, secondary and tertiary dendrites. Over-
all, no matter what dendrites the dispersions are formed in, they are 
located overwhelmingly in the dendrite cores, and do not prevail across 
the entire dendrite cross section. A “buffer zone” is present between the 
dispersions in the dendrite cores and the interdendritic copper rich 
phase located between the dendrite arms. Fig. 2e shows the size distri-
bution of the spherical dispersions in the dendrite cores. While, quali-
tatively, it seems as though the largest diameter dispersoids are located 
closer to the centre of the dendrite cross section, this trend is not ab-
solute, with the size distribution of the dispersoids being mostly random 
and consistent across the dendrite diameter.

3.4. Trend in SSD occurrence and prevalence

Fig. 3 shows the variation in percentage occurrence and occupied 
area fraction of intradendritic dispersions in the alloy droplets across the 
size fractions. From this data, we see that by the time cooling rate in-
creases above 10,000 K s− 1, incidence rate of dispersions in the dendrites 
is above 80 % and approaches a maximum of 95 % of all droplets at 
cooling rates of 20,000 K s− 1. Conversely, at the lowest cooling rates of 
about 1000 K s− 1, only about 5–10 % of droplets feature such disper-
sions. Similarly to the occurrence rate, the prevalence of dispersion re-
gions as a percentage of the exposed droplet area also becomes more 
significant as cooling rate increases. At the lowest cooling rates below 
2000 K s− 1, dispersed regions occupy an insignificant area fraction of the 
droplets in which they occur. The most significant increase in prevalence 

of SSD occurs between 2000 K s− 1 and 8000 K s− 1 where the area 
fraction occupied jumps to 16–17 %. A plateau is then noticeable be-
tween 8000 K s-1 and 40,000 K s− 1 after which, at the highest cooling 
rates near 60,000 K s− 1, the area fraction peaks at about 25 %.

3.5. Composition analysis

To determine how these dispersions were formed within the den-
drites, we analyse the key differences between dendrites where disper-
sions prevail from those where they are absent. One area we can use to 
begin to differentiate these dendrites is composition data derived from 
the EDX mapping described in Section 2.3. Of particular importance to 
us is the status of the dendrite (i.e. whether it is primary or secondary) as 
well as whether dispersoids are found within the dendrite trunk. We 
therefore divided our compositional analysis to treat three different 
dendrites. Primary dendrites with dispersoids (PDD) and primary den-
drites without dispersoids (PDND) define the two possible states of 
primary dendrite core morphology. The third category, secondary den-
drites without dispersoids (SDND) consists of secondary dendrites 
(without Cu-rich spherical dispersoids) that branch from primary den-
drites that do feature such dispersoids (PDD). To understand the average 
composition of the dendrite cores in each of these three defined con-
figurations, we manually delineate a mask within the dendrite where 
EDX mapping will take place. In each droplet size fraction, at least three 
of each type of dendrite was analysed. The average at% values of each of 
the constituent elements was found and logged for four of the droplet 
size fractions yielded from the drop-tube experiment. These are the 500 
– 300 µm, 300 – 212 µm, 212 – 150 µm, and 53 – 75 µm size fractions, 
encompassing the majority of the range of droplet sizes produced in the 
experiment. This process is shown in Fig. 4a, 4b and 4c for a PDD 
dendrite, PDND dendrite and SDND dendrite respectively. In all cases, 
we assume that the sample has a constant composition within the 
measured interaction volume.

Tables 2, 3, and 4 show average composition data gathered via EDX 
mapping analysis on the manually defined core regions of different 
classes of dendrites in CoCrCuFeNi0.8 droplets of varying diameters. 
Notably, in the PDD dendrites in Table 2, the composition values indi-
cate an average composition which factors in both the Cu-rich disper-
soids and the CoCrFeNi-rich matrix in which they are located.

From data shown in Tables 3 and 4, we argue that there is no sig-
nificant difference between the composition of the PDND and SDND 
dendrites. For a chosen size fraction, any difference between in 
composition between these is accounted for by the calculated standard 

Fig. 1. Liquid phase and solid phase cooling rates for droplets of CoCrCuFeNi0.8 at varying droplet diameters.
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error. This suggests any discrepancies are the result of random error 
from instrumentation rather than a systematic difference in composi-
tion. Note that, because nearly all primary dendrites in the smallest size 
fractions are populated with dispersoids, insufficient data was available 
to collect regarding the compositions of primary dendrites with no dis-
persoids present (PDND) in small droplets. Therefore, in Table 3, com-
positions of PDND dendrites in the 75 – 53 µm size fraction are marked 
with “no data”.

Importantly however, there is a marked difference between the 
average composition of PDND and SDND dendrites and that of the PDD 
dendrites (Table 2). Once dispersions are present in the case of the PDD 
dendrites, the atomic percentage of chromium, iron and cobalt decrease 
noticeably from 23 – 25 at% to between 20 – 22 at%. This decrease is 
balanced by an even more drastic increase in copper which rises from a 
range of 10.2 – 12.6 at% in PDND and SDND dendrites to 19.6 – 20.4 at% 
in the PDD dendrites. Finally nickel composition remains almost con-
stant decreasing from a range of 17.0 – 16.7 at% to a range of 16.4 – 16.6 
at%. This indicates a slightly lower amount of nickel in the PDD den-
drites, but the change in nickel concentration is within the random error 
of the instrumentation, making this conclusion more tentative. 

Strikingly, the average composition of the decomposed cores of the PDD 
dendrites (across all size fractions) is within the standard deviation error 
of the composition of the original alloy, indicating no substantial dif-
ference between these two compositions.

Furthermore, there is also no consistent increase or decrease in 
atomic percentage of any particular element as droplet size is reduced. 
In the large majority of cases, the composition values tend to fluctuate 
seemingly randomly within 1 – 2 at%, with the notable exception of the 
value of copper concentration in the undecomposed secondary dendrites 
(Table 4). We attribute this drastic increase in copper content from 10.5 
at% to 12.6 at% as droplet size decreases to error caused by the relative 
increase in the interaction volume of the EDX X-rays compared to the 
smaller size of the dendrites in a droplet of 64 µm diameter compared to 
a droplet of 181 µm diameter. As dendrites decrease in size, a consistent 
volume of interaction may begin to detect the Cu-rich interdendritic 
phases adjacent to the dendrites.

3.6. TEM analysis – phase composition

Fig. 5a shows a TEM micrograph image of CoCrFeNi-rich dendrites 

Fig. 2. Intradendritic spherical dispersions present in droplets of drop-tube processed CoCrCuFeNi0.8 a. 212 – 150 µm droplet showing smallest extent of dispersoids 
(centre of yellow region) forming exclusively at dendrite nucleation point b. 150 – 106 µm droplet showing extensive prevalence of spherical dispersoids (e.g. yellow 
region) in dendrite cores across entire microstructure c. 150 – 106 µm droplet showing intradendritic dispersoids present exclusively in primary dendrites (red) d. 53 
– 38 µm droplet showing spherical dispersoids present in primary (red), secondary (green) and tertiary (cyan) dendrites within droplet microstructure e. high 
magnification view of dispersoid size distribution in primary dendrite core of a 53 – 38 µm droplet.
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(A) and the Cu-rich interdendritic phase (B) between the dendrites. The 
selected area is located away from Cu-rich intradendritic dispersoids so 
that the composition of the dendritic phase is not impacted composi-
tionally by proximity to an area where dispersoids have formed. The 
accompanying line scan in Fig. 5b (path defined by the red line in 
Fig. 5a) shows a predictable change in composition from CoCrFeNi-rich 
dendritic regions to the Cu-rich interdendritic phase. The copper content 
of the interdendritic phase peaks at around 80 at% Cu. The dendritic 
phase is deficient in copper relative to the overall alloy composition and 
enriched in the other four constituents.

Compositional analysis confirms that the intradendritic dispersoids 
present in the CoCrFeNi-rich dendrite cores are Cu-rich much like the 
interdendritic Cu-rich phase. Although Fig. 6a suggests that dispersoids 
present in the dendrite core look morphologically similar, Fig. 6b reveals 
noticeable compositional differences between dispersoids. The diffuse 

dispersoid (D) possesses a copper composition that hovers around 60 at 
% with a corresponding depletion in the other constituent elements. The 
increase in copper across the dispersoid radius is relatively gradual 
before reaching the maximum in the centre. Conversely, the latter more 

Fig. 3. Occurrence rate of (purple) and percent area occupied by (orange) fine 
intradendritic solid-state dispersions (SSD) in solidified droplet microstructures 
of drop-tube processed CoCrCuFeNi0.8 at varying droplet sizes and liquid phase 
cooling rates.

Fig. 4. Examples of EDX mapping of manually defined areas of CoCrCuFeNi0.8 droplet microstructures a. primary dendrite with dispersions (PDD) b. primary 
dendrite with no dispersions (PDND) c. secondary dendrite with no dispersions (SDND) branching from PDD dendrites.

Table 2 
Trend in atomic percentage of each constituent of drop-tube processed CoCr-
CuFeNi0.8 alloy with droplet diameter in primary dendrites with Cu-rich dis-
persions (PDD).

Average Droplet Diameter /µm

400 256 181 64

Cr /at % 21.65 ± 0.06 21.80 ± 0.22 21.64 ± 0.19 21.77 ± 0.09
Fe /at % 20.78 ± 0.14 20.91 ± 0.22 20.81 ± 0.09 21.08 ± 0.16
Co /at % 20.78 ± 0.06 20.86 ± 0.23 21.07 ± 0.16 20.98 ± 0.11
Ni /at % 16.44 ± 0.15 16.32 ± 0.09 16.56 ± 0.18 16.44 ± 0.04
Cu /at % 20.35 ± 0.34 20.12 ± 0.51 19.92 ± 0.29 19.72 ± 0.34

Table 3 
Trend in atomic percentage of each constituent of drop-tube processed CoCr-
CuFeNi0.8 alloy with droplet diameter in primary dendrites without Cu-rich 
dispersions (PDND).

Average Droplet Diameter /µm

400 256 181 64

Cr /at % 23.84 ± 1.15 23.13 ± 1.14 24.39 ± 0.02 No data
Fe /at % 23.96 ± 0.10 23.80 ± 0.13 24.02 ± 0.02 No data
Co /at % 24.42 ± 0.48 24.75 ± 0.50 24.60 ± 0.24 No data
Ni /at % 17.00 ± 0.20 16.98 ± 0.21 16.68 ± 0.14 No data
Cu /at % 10.78 ± 0.61 11.34 ± 0.63 10.32 ± 0.04 No data

Table 4 
Trend in atomic percentage of each constituent of drop-tube processed CoCr-
CuFeNi0.8 alloy with droplet diameter in secondary dendrites without Cu-rich 
dispersions (SDND) that branch from PDD dendrites.

Average Droplet Diameter /µm

400 256 181 64

Cr /at % 24.53 ± 0.18 24.36 ± 0.25 24.26 ± 0.73 23.77 ± 0.43
Fe /at % 23.93 ± 0.34 24.22 ± 0.29 23.77 ± 0.38 23.38 ± 0.55
Co /at % 24.42 ± 0.26 24.56 ± 0.36 24.62 ± 0.78 23.62 ± 0.46
Ni /at % 16.71 ± 0.24 16.65 ± 0.16 16.88 ± 0.91 16.61 ± 0.17
Cu /at % 10.40 ± 0.29 10.21 ± 0.36 10.46 ± 0.83 12.63 ± 1.40
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well-defined dispersoid (C) features a higher copper content of above 80 
at% at its centre and a correspondingly larger depletion in the other 
alloying elements. Furthermore, the transition between CoCrFeNi-rich 
and Cu-rich phases is much more abrupt at the perceived phase 

boundary.
Table 5 shows the result of point-spectra EDX analysis of the various 

phases in a droplet with dendrites featuring Cu-rich dispersoids. We see 
that the well-defined Cu-rich dispersoids (C) and the Cu-rich 

Fig. 5. TEM imaging and compositional analysis of dendritic structure of drop-tube processed CoCrCuFeNi0.8 droplet in the 212–150 µm size fraction a. Backscatter 
imaging of CoCrFeNi-rich dendrites (A) surrounding a Cu-rich interdendritic phase (B) b. EDX line scan showing composition variation of constituent elements across 
the boundary between the CoCrFeNi-rich dendrites and Cu-rich interdendritic phase.

Fig. 6. TEM imaging and compositional analysis of decomposed primary dendrite core of drop-tube processed CoCrCuFeNi0.8 droplet in the 212–150 µm size fraction 
a. Backscatter imaging of dispersoids present in primary dendrite core b. EDX line scan showing composition variation of constituent elements across two Cu-rich 
dispersoids c. Relative composition (shown in yellow) of copper in well-defined Cu-rich dispersoids (C) and diffuse Cu-rich dispersoids (D) present in a CoCrFeNi-rich 
matrix (E) in a primary dendrite core of drop-tube processed CoCrCuFeNi0.8.

Table 5 
Quantitative composition analysis of phases present in dendritically solidified drop-tube processed CoCrCuFeNi0.8 droplets in the 212–150 µm size fraction, and 
comparison to overall alloy composition and PDD dendrites.

Alloy PDD A B C D E

Cr /at% 21.6 21.6 24.05 ± 0.34 1.83 ± 0.24 1.77 ± 1.16 8.91 ± 0.81 23.41 ± 0.55
Fe /at% 20.7 20.8 23.07 ± 0.50 3.37 ± 0.11 2.71 ± 1.48 9.92 ± 0.43 22.62 ± 0.33
Co /at% 20.6 21.1 24.25 ± 0.93 2.67 ± 0.39 2.60 ± 1.27 8.91 ± 1.28 23.04 ± 0.27
Ni /at% 16.5 16.6 15.96 ± 0.83 10.40 ± 1.38 5.34 ± 1.58 13.22 ± 1.74 17.10 ± 0.40
Cu /at% 20.6 19.9 12.67 ± 0.14 81.73 ± 2.12 87.58 ± 5.46 59.04 ± 2.79 13.83 ± 0.34
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interdendritic phase (B) possess similar compositions while, corre-
spondingly, the CoCrFeNi-rich dendritic phase between dispersoids in 
the dendrite core (E) and the dendrites (A) surrounding the Cu-rich 
interdendritic also possess similar compositions depleted in copper 
compared to the original alloy and the average composition of the PDD 
dendrites. The diffuse dispersoids (D) possess compositions that are still 
heavily Cu-rich, but do not hold as much copper when compared to well- 
defined dispersoids or the interdendritic phase. While not easily view-
able in the backscatter images, the nature of this diffused boundary 
between the two phases is clearly visible in Fig. 6c, which analyses the 
Cu-rich dispersions of a dendrite core based on the relative atomic 
percentage of copper.

The presence of diffuse dispersoids in Fig. 6c could be due to 
sectioning effects caused by creation of the FIB section prior to analysis 
in the TEM. If, for example, the apparently spherical dispersoid is 
sectioned well below or above the equator, we conjecture that the 
interaction volume of the EDX beam on the TEM could be factoring in 
the CoCrFeNi-rich phase surrounding (and particularly, below/above) 
these dispersions. This would result in the substantially lower copper at 
%, which would factor in more CoCrFeNi-rich phase surrounding the 
dispersoids and lower the copper at% reading. This is likely given that 
the thickness of the FIB section is between 80 and 90 nm, a significant 
proportion of the size of the dispersoids in the droplet analysed (these 
range between 25 and 300 nm based on the scale bar in Fig. 6c). 
Alternatively, the diffuse boundaries could be an indication that the 
driving force for growth of the Cu-rich dispersoids diminished to zero at 
an intermediate stage during the formation of certain dispersoids in the 
dendrite cores. This would indicate that the TEM is capturing Cu-rich 
precipitates in the middle stages of formation. Whatever the 
reasoning, we arrive at the same conclusion that the dispersoids with 
well-delineated boundaries are the likely end-product of the decompo-
sition reaction.

3.7. TEM analysis – phase crystal structure

Fig. 7a and 7b show the locations of the acquired SAED (Selected 
Area Electron Diffraction) patterns for phase structure analysis in a 
droplet of drop-tube processed CoCrCuFeNi0.8. The studied area in 
Fig. 7a is the cross section of a PDD dendrite. Fig. 7c and 7e show the 
SAED patterns of the analysed phases (Cu-rich dispersoid and CoCrFeNi- 
rich region between these dispersoids) in Fig. 7a. 7d and 7f denote the 
SAED patterns of the analysed phases (Cu-rich interdendritic phase and 
CoCrFeNi-rich dendritic phase) in Fig. 7b. SAED patterns from these four 
primary phases have been found to be FCC phases. The calculated 
interplanar spacing of each of the phases present is shown in Table 6. 
Based on the calculated interplanar spacing we estimate the lattice 
mismatch between the Cu-rich spherical dispersoids and the CoCrFeNi- 
rich dendritic phase between the dispersoids (Fig. 7c and 7e respec-
tively) at 0.5 %. This, combined with the fact that both phases consist of 
an FCC crystal structure, is consistent with the spherical (i.e. non- 
faceted) morphology of the dispersoids.

4. Discussion

The formation of dispersions within selected dendrite arms creates 
an additional phase to consider in the microstructure of CoCrCuFeNi0.8 
compared to droplets which do not feature such dispersoids. We 
henceforth identify the phases as the CoCrFeNi-rich dendritic phase, the 
Cu-rich interdendritic, and Cu-rich dispersoids within selected dendrite 
cores. Given the complexity of the alloy microstructure and the high 
number of constituent elements, it is difficult to discuss this system in 
terms of solute partitioning. To simplify the analysis, we treat CoCrCu-
FeNi0.8 as a Cu-HEA pseudobinary, where the HEA phase is CoCrFeNi- 
rich. When we refer to the ‘solute’ and the associated partition coeffi-
cient during solidification or decomposition reactions, we refer largely 
to copper.

Broadly, the dispersoids are Cu-rich, with a similar composition to 
the Cu-rich interdendritic phase formed during dendritic solidification. 
The CoCrFeNi-rich phase in the dendrite cores between the dispersoids is 
correspondingly depleted in copper compared to the average composi-
tion of the PDD dendrite core (Table 2). This suggests the dispersoids are 
the result of a decomposition reaction in these dendrite cores. In line 
with numerous studies on solidification of copper-containing HEAs, we 
reason that both the interdendritic phase and the intradendritic dis-
persoids are highly copper-rich due to preferential rejection of copper, 
which has a positive enthalpy of mixing with the other alloying elements 
[18,53–55].

The occurrence of a decomposition reaction means that decomposed 
regions became supersaturated with copper at some point during the 

Fig. 7. SAED patterns of primary phases in droplets with dendrites featuring 
intradendritic Cu-rich dispersoids. a. Example microstructure of dendritic cross- 
section featuring dispersoids in the core b. Example microstructure of dendritic 
structure away from areas of dispersoids occurrence c. SAED pattern of Cu-rich 
dispersoids in dendrite trunk d. SAED pattern of Cu-rich interdendritic phase e. 
SAED pattern of CoCrFeNi-rich phase between dendritic dispersoids f. SAED 
pattern of CoCrFeNi-rich dendritic phase far away from dispersoids. In all im-
ages the zone axis is in the [0 1 1] direction.

Table 6 
Crystal structure and interplanar spacing of each principal phase in droplets of 
CoCrCuFeNi0.8 featuring intradendritic dispersoids.

Fig. Phase Phase 
Structure

Interplanar Spacing 
(Å)

7c Cu-rich spherical dispersoids FCC 3.704 ± 4 %
7d Cu-rich interdendritic FCC 3.689 ± 4 %
7e CoCrFeNi-rich between dispersoids FCC 3.687 ± 4 %
7f CoCrFeNi-rich dendritic far from 

dispersoids
FCC 3.666 ± 4 %
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droplet cooling in freefall. The localisation of these regions in dendrite 
cores rather than throughout the microstructure supports a decompo-
sition in the solid state after dendrite formation. Three additional phe-
nomena therefore merit explanation: 

1. There are prevailing conditions in some dendrite arms that are 
essential to the occurrence of solid-state decomposition. These con-
ditions are met with more probability in smaller droplets but can also 
occasionally occur in comparatively large ones.

2. In a specific droplet, these conditions are met with a higher proba-
bility in primary dendrites than secondary and tertiary dendrites.

3. In a specific dendrite, whether it be primary, secondary, or tertiary, 
the conditions are met most regularly in the core of the dendrite arm, 
rather than on the periphery or the outer edge. More specifically, we 
note situations such as that represented in Fig. 2d where dispersions 
in the dendrite cores seem to branch in much the same manner as the 
dendrites themselves but extend only partially through the solidified 
dendrite network.

Upon what thermophysical conditions is the occurrence of dendritic 
dispersions contingent? As this is a rapid solidification study, we first 
turn our attention to cooling rate and undercooling. In a drop-tube 
experiment, the cooling rate of the droplet is deterministic whereas 
the undercooling the liquid droplet reaches before solidification is sto-
chastic. Droplets of similar sizes will experience similar cooling rates but 
can achieve radically different undercoolings. This is partially due to 
melt subdivision. Dividing the melt into numerous smaller droplets re-
duces the likelihood that impurities such as oxides are present in any 
given droplet to enhance heterogenous nucleation. In general, therefore, 
dividing the melt into more droplets of lower diameter (and hence, so-
lidifying at a higher prevailing cooling rate) will typically result in a 
higher undercooling [46,56–58]. By this same logic, a certain small 
percentage of large droplets can also achieve the undercooling of much 
smaller droplets. Dispersoid formation that is dependent on under-
cooling would occur more readily in smaller droplets but could also 
occasionally occur in the largest droplets produced. This is different 
from a dependence on cooling rate, where we would expect to see a 
reduction in occurrence of dispersions to zero at cooling rates below a 
critical value.

Fig. 3 shows that the percentage of droplets featuring intradendritic 
dispersoids rises almost monotonically with against prevailing cooling 
rate. However, Cu-rich dispersions are present in all size fractions of 
drop-tube processed CoCrCuFeNi0.8. This supports a dependence on 
undercooling rather than cooling rate. Additionally, we observe a large 
rise in occurrence of dispersoids between cooling rates of 2000 K s− 1 and 
10,000 K s− 1

. This suggests that a critical undercooling is required to 
cause the supersaturation of copper that initiates the decomposition 
reaction following dendritic solidification.

Composition analysis of PDD, PDND and SDND dendrites 
(Tables 2–4) indicates that a binary set of compositions is created in 
dendrites of CoCrCuFeNi0.8 during solidification. When the dendrites 
undergo a decomposition reaction after solidification (PDD), the 
average composition of the decomposed region has been found to match 
the composition of the original liquid from which the dendrite solidified 
(i.e. the initial alloy composition). It seems that little or no solute par-
titioning has taken place in the cores of primary dendrites that have 
subsequently decomposed. This does not change with droplet size 
(cooling rate). In stark contrast, primary/secondary undecomposed 
dendrites (PDND and SDND) are highly depleted in copper and corre-
spondingly enriched in the other constituent elements, displaying clear 
solute partitioning. Interestingly, the composition of undecomposed 
primary and secondary dendrites is also constant throughout droplet 
sizes. Although dendrite growth velocity is dependent on undercooling 
rather than cooling rate, undercooling is likely to increase with cooling 
rate as discussed earlier. For this reason, it is unlikely that the partition 
coefficient has changed extensively even as the degree of undercooling is 

likely much higher on average in the smallest droplets than it is for 
larger ones. Furthermore, the experimental evidence suggests that the 
change in average composition between undecomposed and decom-
posed regions within the dendrite arms is best approximated by a step 
change at the resolutions achievable due to the interaction volume of the 
EDX detector on the SEM (i.e. within a distance of about 1 µm). This 
shows that the transition of copper partition coefficient from ke→1 is 
likely to be abrupt rather than gradual. Such a binary set of compositions 
being observed despite a continuous rise in cooling rate is therefore 
difficult to explain using models for kinetic solute trapping such as that 
postulated by Aziz [19], Aziz and Kaplan [20], Sobolev [28], or Galenko 
[32]. Were the data to adhere to these models, we would expect to see 
the average solute (copper) content of decomposed PDD dendrites 
increasing with increasing prevailing cooling rate and converging to-
wards the composition of copper solute in the initial liquid. Instead, we 
find a binary set of average dendrite compositions. Dendrites either 
solidify at the composition of the original liquid, or the equilibrium 
composition. Fig. 8 shows the approximate correlation of partition co-
efficient with dimensionless velocity (V/ VDb ) in the previously dis-
cussed kinetic models as applied to CoCrCuFeNi0.8. For this HEA, we 
assume a pseudobinary configuration with copper as the solute. An 
initial equilibrium copper partition coefficient ke of 0.155 was assumed 
based on copper concentrations in the dendritic and interdendritic phase 
following TEM analysis (compositions A and B in Fig. 5). The initial 
concentration of copper in the liquid at the interface was assumed to be 
that in the original alloy, X0=̃1/4.8. For this example system, the ratio of 
bulk diffusion to interface diffusion (VDb/ VDi ) is assumed to be 1.25 as 
proposed by Galenko [32].

As discussed, SEM-derived EDX data in Tables 3 and 4 shows that 
regardless of cooling rate, composition of CoCrFeNi-rich PDND and 
SDND dendrites does not change. The superimposed step change shown 
with a solid black line therefore visually describes the approximate 
partitioning behaviour we observe in this alloy based on this experi-
mental data. Importantly, the occurrence of the step change from ke→1 
at a dimensionless velocity of 1 is purely arbitrary. This transition is 
likely not due to a critical dendritic growth velocity being reached but 
rather the result of thermodynamic conditions being met where the alloy 
liquid is undercooled below T0 prior to the onset of solidification. This 
may occur independent of dendrite growth velocity.

Analysis of dendrite growth velocities in compositionally similar 
alloys also renders the hypothesis of kinetic solute trapping unlikely. 
Past experiments have noted sluggish dendrite growth velocities 

Fig. 8. Comparison of partition coefficient correlation with dimensionless ve-
locity in drop-tube processed CoCrCuFeNi0.8 based on experimental data and 
kinetic models for solute trapping proposed by Aziz [19], Aziz and Kaplan [20], 
Sobolev [28] and Galenko [32].
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attained in solidification studies on multi-component or high-entropy 
alloys when compared that of binary alloys or intermetallic com-
pounds. Table 7 compares dendritic growth velocity in undercooled 
samples of equiatomic binary, ternary, quaternary alloys from the Co-Cr- 
Cu-Fe-Ni family of alloys. Values for dendrite growth velocity in the 
equiatomic CoCrCuFeNi alloy are also included.

Table 7 indicates a drastic decrease in dendrite growth velocity of up 
to two orders of magnitude at all undercoolings in quaternary CoCrFeNi 
and quinary CoCrCuFeNi equiatomic alloys compared to similar binary 
and ternary alloys. There is argument as to whether the sluggish 
dendrite growth in this alloy family is due to an increasing number of 
alloying elements, or due to the specific addition of chromium, which 
seems to have a profound impact on growth velocity [61]. Andreoli et al. 
[64] for example, found growth velocities in quaternary CoCrFeNi that 
were comparable to similar ternary alloys rather than the much lower 
velocities Wang et al. [63] calculate for the same alloy. Regardless, 
because CoCrCuFeNi0.8 has both a high number of constituent elements 
and a significant chromium content, we reason that dendrite growth 
would be both similar to that of equiatomic CoCrCuFeNi and consider-
ably slower than that in binary alloys. Significant kinetic solute trapping 
is contingent on dendrite growth velocity being on par with solute 
diffusion velocity across the solid liquid interface. It seems, therefore, 
that growth conditions in CoCrCuFeNi0.8 do not encourage solute trap-
ping even at high undercoolings achievable during drop-tube 
processing.

The kinetic models discussed above are therefore not applicable to 
the majority of our results. We suggest, therefore, that the complete 
solute trapping that occurs in these dendrites is not due to a kinetic ef-
fect, but a thermodynamic one. The key requirement is that the tem-
perature of the growing dendrites is below the T0 temperature of the 
alloy at the chosen composition.

In line with similar arguments such as those presented in [33–39] for 
conventional alloys and [40–43] in HEAs, we believe partitionless so-
lidification is occurring in CoCrCuFeNi0.8 above a critical undercooling 
ΔT∗ defined by Eckler et al. [27]. Above such an undercooling, the 
temperature of the alloy is decreased below the T0 line of the phase 
diagram, making partitionless solidification thermodynamically 
possible [25]. If cooled below T0 at the onset of solidification, the 
growing dendrite will initially possess a composition that is the same as 
the composition of the parent liquid and, hence, the composition of the 
alloy itself. The partition coefficient would therefore be k = 1. Because 
the partitionless solidification is not dependent on cooling rate, den-
drites in a droplet of any size can solidify in this way as long as they are 
undercooled below T0. All PDD dendrite cores will therefore have an 
average composition equal to the original liquid regardless of the cool-
ing rate at which they were solidified. This is confirmed experimentally 
in Table 2.

Once nucleated solid dendrites begin to grow however, latent heat is 
released continuously into the interdendritic liquid, raising the tem-
perature at the interface between the two phases. As the temperature of 
the residual liquid continues to increase, there comes a point where the 
undercooling would decrease below ΔT∗. Temperature at the interface 

correspondingly increases back above T0. Above this temperature, par-
titionless solidification can no longer take place and partitioning begins. 
Any solid growing and coarsening from this point forward would have a 
composition distinct from the initial liquid. This is supported by the 
compositional data in Tables 3 and 4, where PDND and SDND dendrites, 
that have not undergone decomposition, are substantially depleted in 
copper compared to starting alloy. This copper has partitioned to the 
interdendritic phase.

The thermodynamic argument also seems sound when we consider 
the occurrence of dispersoids overwhelmingly in the primary dendrites. 
During dendritic solidification, the primary dendrite trunk will always 
begin to form before secondary and tertiary branching begins. It is more 
likely that the primary dendrite, which formed first, grew into a melt 
undercooled below ΔT∗. Within one dendrite arm, the same reasoning 
can be used to explain why partitioning is only present in dendrite cores 
(i.e. the areas of the dendrite arm that solidified first). The edges of the 
dendrite, and the region of the dendrite interior immediately adjacent, 
are closer to the interface between the growing dendrite and the inter-
dendritic liquid than the areas near the core of the dendrite. The change 
in morphology between the dendrite core and the outer edges of the 
dendrite visually represents the point in dendrite growth and coarsening 
at which the rise in temperature at the solid-liquid interface brought on a 
change from partitionless solidification to conventional partitioning of 
the solute. The extent to which dispersoids are present in dendrites is 
therefore clearly contingent on undercooling. This is demonstrated by 
the increasing volume fraction occupied by dispersoids in droplets that 
have undergone partitionless solidification (see Fig. 3). As cooling rate 
rises, a given droplet (on average) is undercooled further below T0 for 
the given composition. A comparatively higher amount of energy in the 
form of latent heat is required to be released to raise the temperature of 
the remaining liquid back above T0 for solute partitioning to resume 
during the remaining solidification process. Zones of the droplet which 
solidified in a partitionless manner would therefore occupy a more 
significant volume fraction of the droplet in question.

In the undecomposed dendrites, the lack of a substantial composition 
change with cooling rate is understandable when we consider the 
sluggish dendritic growth in this alloy compared to many binary alloys. 
Kinetic models relating dendrite growth velocity to partition coefficient 
now become more applicable. When solidification is no longer parti-
tionless, the presumed low dendrite growth velocity in this alloy, even at 
high undercoolings (Table 7), will kinetically limit the changes in 
partition coefficient k. The coefficient will hence always remain near ke 
until undercooling reaches the critical value ΔT∗. Once this critical 
undercooling is exceeded, the equilibrium constant will tend towards 
unity (k=̃1).

With the experimental data supporting a transition to partitionless 
solidification in CoCrCuFeNi0.8 at high undercoolings, we expect a shift 
from growth controlled by solute diffusion to growth controlled by the 
diffusion of heat as is commonly encountered in pure metals. Such a 
change in growth mechanism generally results in a massive rise in 
dendrite growth velocity. This transition has been suggested to occur in 
equiatomic CoCrCuFeNi by Yan et al. [45]. However, it is intriguing that 
past glass fluxing and electromagnetic levitation (EML) experiments on 
similar alloys in the Co-Cr-Cu-Fe-Ni family have not observed instances 
of solid state dispersoids forming within the solidified dendrite trunks 
during the transition from solute to thermally controlled growth [18,63,
65–68]. We suggest that the supersaturation is avoided due to the ability 
of the equiatomic alloy (and many of its studied compositional varia-
tions) to undergo liquid phase separation (LPS) in the metastable regime 
upon deep undercooling. If the alloy has already undergone a phase 
separation prior to solidification, likely into a Cu-rich and CoCrFeNi-rich 
liquid, the copper solute content of a subsequent CoCrFeNi-rich solidi-
fying dendritic phase would be lower than that of the starting alloy, even 
if it solidified in a partitionless manner. We posit that this would reduce 
the effect of any solute trapping and avoid copper supersaturation.

Why does LPS not seem to occur in CoCrCuFeNi0.8 during non- 

Table 7 
Dendrite growth velocities in equiatomic Co-Cr-Cu-Fe-Ni family alloys with 
increasing liquid phase undercooling, calculated from fit equation or estimated 
visually based on graphical data.

Alloy V (ΔT=50 K) V (ΔT=100 K) V (ΔT=200 K) Source

CoFe ~1 ~5 ~20 [59]
CoNi ~4 ~15 ~50 [60,61]
CoFeNi ~4 ~15 ~35 [61]
CuFeNi 2.9 8.1 22.6 [62]
CoCrFeNi 0.0001 0.006 0.36 [63]
CoCrCuFeNi 0.02 0.12 0.81 [63]

0.02 0.15 1 [18]
0.02 0.27 3.51 [45]
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equilibrium processing? One possible explanation lies in the composi-
tion. Although the CoCrCuFeNi0.8 alloy element ratio was chosen to 
enhance the likelihood of LPS at lower undercoolings, the composition 
difference may have affected the solidification pathway in an unpre-
dictable manner. The lack of fully accurate phase diagrams for this 
multicomponent alloy system makes this difficult to verify. The deple-
tion in nickel and slight enhancement of chromium content of about 2 at 
% (due to the nature of the alloy production process) may have removed 
the possibility of LPS in the alloy entirely or raised the critical under-
cooling to a value difficult to achieve in the drop-tube. This would be 
unusual, however, given that lowering of nickel and raising of chromium 
content have been shown to enhance the initiation of LPS in transition 
metal based HEAs [54].

Another explanation for the lack of LPS in the alloy is based on the 
fundamental difference between undercooling experimental methods 
such as EML and glass fluxing, and the rapid quenching study presented 
here. In the drop-tube, high undercooling is achieved, in part, through 
the high cooling rate in the ejected liquid, rather than solely through the 
inhibition of heterogenous nucleation. Glass fluxing and EML experi-
ments hold the liquid in the undercooled state on a timescale that is 
orders of magnitude longer than in drop-tube experiments [56,69]. At 
induced cooling rates of up to 60,000 K s− 1 estimated in our experiment, 
binodal LPS may have been suppressed in drop-tube processed CoCr-
CuFeNi0.8. Such a phenomenon has previously been observed by Xia 
et al. [70] in a drop-tube study of ternary Fe62.5Cu27.5Sn10 alloy. LPS 
structures at intermediate cooling rates gave way to equiaxed dendrites 
in the quickest cooling droplets.

It is notable that a multicomponent alloy such as this did not form a 
bulk metallic glass upon solidification at high cooling rates. Although 
the addition of more elements into the melt is thought to enhance the 
possibility of glass formation [71]. Inoue posits that a negative enthalpy 
of mixing and a large atomic size difference between the three primary 
components are also necessary to supress crystal growth and raise the 
glass transition temperature to a more accessible value [72]. CoCrCu-
FeNi0.8 possesses a positive mixing enthalpy of 3.70 kJ mol− 1 (calcu-
lated from theoretical data in [73]) and an atomic size difference of 1.05 
% (calculated using data in [74]). Glass formation is therefore unlikely 
for this alloy.

From this investigation we suggest a few conditions that may favour 
partitionless solidification in HEAs. 

1. The alloy is undercooled below the T0 temperature for the given 
composition

2. Dendrite growth velocity is sluggish compared to diffusion of solute 
across solid-liquid interface – even at relatively high undercoolings

3. Enthalpy of mixing is not highly negative (to avoid the formation of 
metallic glass during rapid solidification)

4. Low atomic size difference (to avoid the formation of metallic glass 
during rapid solidification)

5. Inhibition of LPS via rapid cooling

Having established that dendrites with Cu-rich dispersoids present 
are the result of partitionless solidification, we must next discuss the 
phase transformation that causes the formation of such dispersoids. 
Because a decomposition reaction is occurring in the solid state, a 
miscibility gap is likely present in the alloy phase diagram below the 
liquidus temperature. Thermodynamic data seems to substantiate this 
claim. Using values from the SGSOL solutions database version 4.42, 
compiled by Scientific Group Thermodata Europe (SGTE), we have 
determined the interaction parameters between each binary pair present 
in CoCrCuFeNi0.8 for an FCC solid solution phase (chosen because the 
solidified microstructure seems to consist exclusively of FCC phases). 
Considering the pseudo-binary system CoCrFeNi0.8–Cu, we have eval-
uated the Gibbs free energy curve of an FCC phase across the composi-
tion range at various temperatures. This is determined through the 
CALPHAD methodology defined in [75,76]. At various temperatures 

below the liquidus, we use the common tangent method to pinpoint two 
compositions on the free energy curve from which the binode can be 
defined. Inflection points in the free energy curve (i.e. where the second 
derivative is equal to zero), are also found for each temperature across a 
defined range, with each temperature corresponding to two additional 
distinct compositions. The curve delineated by these composition values 
is the chemical spinode. For solid CoCrCuFeNi0.8 with a FCC crystal 
structure, the estimated binodal and spinodal curves are shown in Fig. 9. 
A more detailed explanation about how the curves were constructed is 
given in the supplementary information (Online Resource 3).

As shown in Fig. 9, a miscibility gap is indeed predicted across a large 
part of the composition range. The binode curve (solid black) and spi-
node curve (dot-dashed black) are plotted below the liquidus (solid 
blue). At the initial alloy composition, the atomic ratio of copper is 
0.208. Below the liquidus, the interval between the binode and spinode 
defines a temperature interval from 1648 K and 1361 K where phase 
separation can occur via a nucleation and growth mechanism. Below 
1361 K, it is predicted that the phase separation will instead proceed via 
spinodal decomposition. Of these two possibilities, the mechanism 
which occurred in this experiment merits further discussion.

One key initial consideration must first be remembered. The calcu-
lated miscibility gap in Fig. 9 represents a solid-state miscibility gap in 
an FCC phase at the starting alloy composition. In other words, the 
precursor phase is an FCC phase that has solidified in a partitionless 
manner from the liquid alloy and thus, has the same initial composition 
as the original alloy. If T0 were found to be below 1361 K, i.e. the 
temperature below which spinodal decomposition is predicted to occur 
at the original alloy composition, phase separation by nucleation and 
growth between the binode and spinode would be impossible. Such 
work is impossible in the drop-tube but may be achievable in EML 
experiments.

One argument pointing to a nucleation and growth mechanism is the 
large size distribution in the Cu-rich dispersoids, even within only one 
dendrite core. This is visualised in Fig. 6c where dispersoids in the 
pictured dendrite core range from <50 nm to over 300 nm in diameter, a 
spread across almost an order of magnitude. Furthermore, Fig. 6d shows 
that, at least in well-defined dispersoids (i.e. those unaffected by 
sectioning during preparation of the TEM FIB sample), there is an 
extremely well-defined interface between the dispersoid and the 
CoCrFeNi-rich phase which surrounds it. Finally, the isolated sphere 
morphology of the dispersoids is also characteristic of a nucleation and 
growth reaction [77]. Because of the large number density of these 
dispersoids in the dendrite cores, copious nucleation would need to 
occur throughout the regions that had undergone partitionless solidifi-
cation, this renders this explanation more unlikely, but not impossible. 
Particularly during rapid cooling, initial solidification may cause the 
retention of dislocations and vacancies within a phase down to low 
temperatures. Along with other impurities (e.g. oxides), these vacancies 
and dislocations provide favourable sites for heterogenous nucleation of 
precipitate phases in the solid state. It is conceivable that the prevalence 
of such impurities has caused the copious nucleation of the observed 
Cu-rich dispersoids in the dendrite cores [78].

The key argument for a spinodal decomposition mechanism is the 
inability to suppress the formation of the Cu-rich dispersoids, even at 
predicted solid-phase cooling rates of up to 40,000 K s− 1. Experiments in 
rapid cooling of other HEAs have revealed similar unavoidable decom-
position. Singh et al. [11] observed spinodal decomposition in the 
dendritic phase in the as-cast sample of AlCoCrCuFeNi, yielding inter-
connected B2 phase precipitates aligned preferentially along 〈1 1 0〉 di-
rections. Importantly, they also observed grains of a sample splat 
quenched at cooling rates of 106 – 107 K s− 1 which featured nanoscale 
ordered BCC domains, indicating that a decomposition reaction occurs 
even at high cooling rates. This was reaffirmed by Zhang et al. [79] who 
cooled the same alloy via melt-spinning and spray casting, achieving 
similarly high cooling rates. A clear spinodal microstructure is observed 
in the solidified dendritic phase, with a B2 phase network aligned along 
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the same 〈1 1 0〉 directions.
In contrast to these studies, the morphology of the precipitated phase 

in CoCrCuFeNi0.8 is drastically different from what would be considered 
a conventional spinodal decomposition structure in an alloy. Instead of 
the interconnected network structure, we find discrete spheres of the 
precipitated phase. It is therefore important to note that in a two-phase 
system with a large mismatch between volume fraction of the phases, 
the spinodal decomposition microstructure may also appear in the form 
of discrete dispersoids rather than the interconnected or percolated 
network typically expected [80]. Cahn suggests that a minimum volume 
fraction of each phase of around 15 % may be necessary [81]. In the 
decomposed regions in the dendrites of CoCrCuFeNi0.8, the volume 
fraction occupied by the Cu-rich dispersoid phase is very low, perhaps 
about 10 %. This suggests that not enough Cu-rich phase is formed 
during the decomposition process for a network structure to percolate. 
In lieu of this, a discrete island structure is created [82–84].

The final shape of precipitated phases is equally complex to deter-
mine. Generally, differences in the crystal structure and/or interplanar 
spacings in the coexisting phases will introduce a certain amount of 
misfit strains into the crystal lattice around the precipitate(s) [80]. Low 
lattice misfit strain and a balanced volume fraction will likely result in 
the well-known random interconnected network structure [81]. A lattice 
misfit too far over 0.5 % is likely to cause a change in shape of the 
precipitated phase from spherical to faceted shapes such as plates or 
cubes as precipitates grow along preferred directions due to elastic an-
isotropies [80,85,86]. Examples of spinodal decomposition morphol-
ogies growing along preferred crystallographic directions are modelled 
in the work of Nishimori et al. [84] and visible in the work on 
AlCoCrCuFeNi discussed above [11,79]. Because all of the principal 
phases in the decomposed dendrites of the CoCrCuFeNi0.8 have been 
found to have a FCC phase structure and a very similar interplanar 
spacing, lattice mismatch between the phases is about 0.5 % and elastic 
forces are likely isotropic. This means that any combination of these two 
phases would likely form a non-faceted phase boundary. In this case, a 
spherical interface forms preferentially to minimise interface energy 
[78].

Unfortunately, it is extremely difficult to definitively state whether 
these dispersoids are the result of nucleation and growth or spinodal 
decomposition reactions. For this, specific high-resolution analysis 

techniques are required to capture the initial stages of the decomposi-
tion reaction at the nanoscale. Much of these techniques involve the 
observation of increasing amplitude of composition modulations of the 
precipitating phase with aging time in samples which have been deeply 
quenched into the unstable region of the miscibility gap (i.e. below the 
spinode). The resolution of these modulations may be on the order of 1 
nm [77]. Such a composition increase with aging time was conclusively 
shown in during aging of Fe-29at% Cr-14at% Co-21at% Al-0.15at% Zr 
by Zhu et al. [87] using a combination of Field Ion Microscopy (FIM) and 
Atomic Force Probing (AFP), proving a spinodal decomposition had 
occurred. More recently, various other methods have been used to study 
spinodal reactions [88], however, such experiments are out of the scope 
of this work. On balance, we believe that it is more likely that a spinodal 
decomposition reaction in the dendrite cores is the precursor to the final 
observed microstructure, primarily because of the inability to suppress 
the reaction at extremely high cooling rates.

The final compositions of the Cu-rich and CoCrFeNi-rich phases in 
the decomposed dendrite arms (compositions C and E in Table 5) 
correspond to a temperature of 1060 – 1070 K based on the plotted 
spinodal curve. This temperature therefore likely represents the alloy 
composition after spinodal decomposition and subsequent coarsening. 
This coarsening is a diffusion process confined to a time window be-
tween the onset of the spinodal reaction and the kinetic inhibition of 
coarsening due to the rapidly dropping temperature.

Conventionally, we treat substitutional diffusion in a crystalline solid 
as significant until the temperature falls to a value between 0.7TL and 
0.5TL where TL is the liquidus temperature [89,90]. Taking an inter-
mediate value of 0.6TL in CoCrCuFeNi0.8 corresponds to a temperature 
of 990 K. We can therefore predict a change in the ability of the spinodal 
decomposition reaction to progress based on the starting composition of 
the dendrites formed immediately after solidification. In the first sce-
nario, we assume partitionless solidification and hence use the overall 
alloy composition CoCrCuFeNi0.8 as the starting dendrite composition, 
where the atomic ratio of copper is 0.208. For the other scenario we use 
the copper composition of a dendrite in a droplet where equilibrium 
partitioning occurred during solidification (0.11, an average composi-
tion of undecomposed CoCrFeNi-rich dendrites). By plotting these 
values on the x-axis of Fig. 9 and finding the corresponding temperature 
on the spinodal curve, we see that in dendrites that solidified in a 

Fig. 9. Plotted binode and spinode in solid FCC phase of CoCrCuFeNi0.8 based on thermochemical data in the SGSOL solutions database version 4.42, compiled 
by SGTE.
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partitionless manner, the spinodal decomposition temperature is about 
1361 K. In contrast, in a dendrite that solidified under equilibrium 
partitioning conditions, the spinode is intersected at 903 K. In the first 
case, the spinodal reaction occurs at a temperature well above the 
proposed limit of 990 K. Solid state diffusion would be significant, and 
the kinetics are favourable for a spinodal reaction and subsequent 
coarsening to proceed. However, where the dendrite has solidified under 
equilibrium conditions, the temperature at which spinodal decomposi-
tion occurs is below that at which diffusion would likely become 
significantly kinetically hindered. We posit, therefore, that the spinodal 
decomposition reaction and formation of Cu-rich dispersoids is only 
kinetically viable in dendrites that have solidified in a partitionless 
manner from the melt. This analysis, while tentative due to the lack of 
complete thermodynamic data to describe multicomponent systems, 
strengthens the argument for spinodal decomposition and further ex-
plains the selective occurrence of these dispersions in dendrites that 
have undergone partitionless solidification.

5. Conclusion

Thorough microstructural investigation has been undertaken on 
rapidly solidified CoCrCuFeNi0.8 droplets cooled at rates between 600 K 
s− 1 and 60,000 K s− 1. We find that the presence of Cu-rich dispersoids in 
the cores of CoCrFeNi-rich dendrite arms of some droplets is due to 
partitionless solidification of an initial dendritic phase followed by 
spinodal decomposition within the dendrite arms where solidification in 
this manner occurred. The cores of dendrites containing dispersoids 
were found to have the same average composition as the overall alloy. 
This, and the lack of any change in average composition of decomposed 
primary dendrites across all droplet sizes, points towards partitionless 
solidification dependent more on thermodynamic conditions rather than 
reaction kinetics. A critical undercooling is required for partitionless 
solidification to occur, and cooling rate is important only insofar as it 
generally causes an increase in prevailing undercooling.
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