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Eutectic Solidification Morphologies in Rapidly
Solidified Hypereutectic Sn–Ag Solder Alloy

HUAMAO RAO, ANDREW MULLIS, and ROBERT COCHRANE

The effect of rapid solidification upon hypereutectic Sn–Ag solder alloy has been investigated
using a 6.5 m drop tube. Powder sizes ranging from> 850 to< 38 lm were produced, with
equivalent cooling rates of 250 to 14,800 K s�1 for 850 and 38 lm droplets, respectively. At all
cooling rates investigated, dendritic b-Sn was observed as the primary solidification phase, not
proeutectic Ag3Sn as predicted by the phase diagram. The volume fraction of interdendritic
eutectic was observed to decrease with increasing cooling rate, with the Ag concentration in the
residual interdendritic liquid estimated at 12.5–15 wt pct Ag, far in excess of the eutectic
concentration of 3.8 wt pct. Much of the Ag3Sn observed within the eutectic had a blocky,
divorced eutectic appearance. A model is proposed which can explain these observations in
terms of sluggish nucleation of the Ag3Sn intermetallic, coupled with a metastable phase
diagram that permits significant supersaturation of Ag at modest undercooling.
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I. INTRODUCTION

THE excellent mechanical properties of lead-tin
solder have made it a mainstay in electronic soldering
since the dawn of the electronics age. However, due to
the toxicity of lead, and its propensity to leach from
waste electronics into ground water, more environmen-
tally friendly solders that mimic the mechanical relia-
bility of Pb–Sn solder are required.[1] Lead-free solders,
including Sn–Ag and Sn–Ag–Cu are used extensively as
alternatives to traditional Pb–Sn solder due to their
excellent mechanical and electrical properties. The
eutectic point of Sn–3.5 wt pct Ag solder is 494 K, the
low melting point providing excellent soldering perfor-
mance, while the evenly dispersed intermetallic (Ag3Sn)
in the solder provides good mechanical strength.[2]

The exploration of the eutectic-coupled zone is
particularly important for control of the microstructure
in solders. The coupled zone is a measure of the range of
composition, interfacial velocity, and temperature over
which a fully eutectic structure grows.[3–8] However, the
nature of the solid–liquid (S/L) interface for the two (or
more) phases present in the eutectic strongly influences
the nature of the coupled zone. The entropy of melting,
DSm, defined as the entropy difference between the solid

and liquid phases at the melting point, determines the S/
L interface structure. The atomic roughness of the
solid–liquid interface at equilibrium is characterized by
the Jackson factor,[9] a ¼ DSm=R, where R is the gas
constant. Croker and co-workers (see e.g.[10–14]) have
calculated the Jackson factor for a wide range of systems
and through analysis of the microstructures, a ¼ 2:7 was
used to distinguish between non-faceted and faceted
phases. With a>2:7, the S/L interface is atomically
smooth with a small number of ledges to aid atomic
attachment. Since growth occurs by atoms attaching at
these ledges, the ledge sweeps across the crystal normal
to the growth direction, meaning that growth perpen-
dicular to the plane is very slow. This ultimately limits
the growth rate of such crystals, resulting in a faceted
morphology at the macroscopic scale and often a
requirement for high undercooling for nucleation and
growth. Conversely, in the case of a< 2.7, the S/L
interface is atomically rough, with many sites at which
atoms can attach. Therefore, the crystal will form a
non-faceted phase.[15] A non-faceted–non-faceted
(nf–nf) eutectic exhibits a lamellar or rod-like eutectic
microstructure (depending upon the relative volume
fractions of the phases) and a phase diagram displaying
a broadly symmetrical coupled zone below the eutectic
point. Such systems include Pb–Sn, Pb–Cd, and Ag–Cu.
Conversely, most eutectic systems including an inter-
metallic phase, such as Fe–Fe3C, Co–Mo (Co–Co7Mo6)
or Sn–Ag (Sn–Ag3Sn) or a non-metallic end member,
such as Al–Si, display faceted–non-faceted (f–nf) or
irregular eutectics.[5] In such cases, the coupled zone is
generally skewed significantly towards the side of the
phase diagram containing the faceted phase.[16]
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Rapid solidification techniques result in alloys with
significant microstructural and compositional
changes.[17] Extended solid solubility and
metastable phase formation are among some of the
effects to be demonstrated at large departures from
equilibrium. Li et al.[18] observed solute trapping in
Al–Cu–Mg–Mn–Zr alloy during laser powder bed
fusion (L-PBF). Under the non-equilibrium conditions
occasioned by rapid solidification, the reduced diffusion
of elements inhibited the formation of the Al3Zr phase,
causing Zr solute to be trapped in the Al matrix. Wang
et al.[19] and Bathula et al.[20] studied Al–Cu alloys using
wedge copper mold casting and laser melting techniques,
respectively. Solute trapping occurred in the Al matrix
in both cases. However, the solute trapping observed by
Bathula et al.[20] was more profound and this, combined
with high cooling rates, resulted in the formation of
metastable h0- Al2Cu.

Rapid solidification also typically results in
microstructural refinement. Ni-Cu is one of many
systems reported to display grain refinement under
non-equilibrium conditions,[21–24] with mechanisms
including dendritic fragmentation and recrystallization
having been proposed. During the rapid solidification of
eutectics, this scale refinement often manifests as a
reduction in lamellar spacing and a breakdown of
eutectic growth in favor of single-phase dendrites. In the
case of f–nf systems, there is a tendency for the
non-faceted phase to be favored, either at the eutectic
composition or off-eutectic when the phase diagram
suggests the faceted phase should form the proeutetic.
Abul et al.[25] found that in a Al-2.85 wt pct Fe alloy
(equilibrium eutectic Al–Al13Fe4 at 1.7 wt pct Fe), rapid
cooling changed the dominant microstructure from one
containing blocky proeutectic Al13Fe4 and an irregular
eutectic containing long Al13Fe4 needles, to one dom-
inated by primary a-Al dendrites and a regular inter-
dendritic eutectic. This is consistent with the results
reported by Qi et al.[26] using laser powder bed fusion.
However, Qi et al. found only needle-like intermetallics
distributed in an Al matrix, rather than the transfor-
mation of the bulk intermetallic into a regular lamellar
eutectic as reported by Abul et al.[25]. Lien et al.[27] and
Wei et al.[28] performed laser surface melting experi-
ments on the Al–20 wt pct Si hypereutectic system,
finding rapid solidification resulted in the formation of
primary a-Al and an interdendritic eutectic, instead of
primary Si.

This favoring of the non-faceted phase is also
observed in hypereutectic Sn–Ag alloys, which exhibit
the formation of primary b-Sn and Sn–Ag3Sn eutectic
during rapid solidification.[29,30] Bromley et al. and
Sahin et al.[31,32] established the relationship between
growth rate and eutectic microstructure of near eutectic
Sn–Ag alloys. At relatively high growth rates, a rod-like
eutectic structure is promoted, while a plate-like inter-
metallic is formed if the growth rate is lower.
Microstructural refinement due to rapid solidification
has similarly been demonstrated in these alloys,[29] as
well as changes in the morphology of the intermetallic
within the eutectic.[33–35]

Cooperative eutectic growth cannot be observed when
the proportion of residual liquid is so small that the
width of the liquid channel is comparable to the eutectic
spacing. In this case, the minority phase (by volume) is
more likely to form single particles or lamellae in the
residual liquid. This is the classic divorced eutectic.[36]

Numerous publications have reported different mecha-
nisms for the formation of divorced eutectic.[37–41] For
example, Kang et al.[38] used phase-field simulation and
a thermodynamic model to study the Al–Mg alloy
system. Solute trapping and uncoupled growth caused
by large departures from equilibrium led to the forma-
tion of a structure resembling the classic divorced
eutectic. Baral et al.[39] found that the addition of Zn
promoted the formation of divorced eutectic in Al-Mg
alloy and suggested that Zn changed the phase distri-
bution so as to promote this morphology. Similarly, in
the Ti–C system, it is proposed that the formation of
divorced eutectic is related to solute segregation and
grain refinement.[40] A high cooling rate leads to a
reduction in grain size and solute segregation promotes
the formation of fine eutectic structure. Ultimately,
eutectic growth is inhibited and a divorced eutectic is
formed.[40] A seemingly divorced eutectic microstructure
was also reported by Liao et al.[41] using glass tube
suction casting while studying the A390 alloy system (Al
with hypereutectic Si + multiple other additions).
However, they found that due to the low cooling rate,
sufficient undercooling was not achieved to nucleate Si
in the eutectic, but rather that Si deposition was
preferred on existing Si cells, giving a microstructure
similar in appearance to a divorced eutectic, albeit the
volume fraction of residual liquid at the eutectic was not
particularly small.
In this paper, we utilize the drop-tube technique to

investigate the impact of rapid solidification, comprising
both high cooling rate and deep undercooling due to
containerless solidification of droplets in flight, on the
microstructural development of a near eutectic Sn–Ag
solder alloy.

II. EXPERIMENTAL METHODS

A. Sample Preparation and Characterization

A commercial hypereutectic solder alloy of nominal
composition Sn–4.0 wt pct Ag is used as the raw
material for the drop-tube experiment and also acts as
a reference material for benchmarking the effects of
rapid solidification. Approximately 7.5 g of the
Sn–4 wt pct Ag alloy was placed in an open-top alumina
crucible which had three 300 lm laser-drilled holes in
the base. The crucible was then positioned inside a
graphite susceptor to facilitate induction heating, sur-
rounded by two cylindrical alumina heat shields. This
crucible assembly was then placed within the drop-tube
furnace chamber such that it can be pressurized inde-
pendently of it surroundings so as to eject a spray of
molten droplets once melting is complete. A schematic
of the drop-tube apparatus is shown in Figure 1.
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In order to ensure an oxygen-free environment for
solidification, the drop tube was evacuated using a
2-stage oil-sealed rotary vacuum pump, with an ultimate
pressure of 1 Pa being attained before the tube was
backfilled with nitrogen gas at a pressure of 40 kPa. This
pump-flush cycle was then repeated a further two times
before a final evacuation to a pressure of 10�4 Pa using

a turbomolecular pump. The tube was then again filled
with nitrogen to a pressure of 40 kPa which provides
cooling for the molten droplets once ejected. Melting
was done by RF induction heating, with a k-type
thermocouple mounted inside the crucible just above the
melt surface for temperature determination. At a super-
heat of around 50 K, the crucible was pressurized to

Fig. 1—Schematic diagram of the drop tube from University of Leeds.
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0.4 MPa with nitrogen gas to eject the melt, wherein
solidification into droplets of various sizes occurs in free
fell within the tube. Following cooling, the droplets were
collected and sieved into 10 size fractions, namely:
> 850, 850-500, 500-300, 300-212, 212-150, 150-106,
106-75, 75-53, 53-38, and< 38 lm.

Subsequent to droplet collection, the powders were
mounted using Buehler EpoThin� 2 epoxy resin and
then ground and polished for microscopic analysis.
Grinding was performed sequentially using P400, P600,
P1200, and P2500 SiC paper. Following grinding, 3 and
1 lm diamond pastes were used to polish the samples.
To achieve a scratch-free surface on the very soft
Sn-based solders, a final polishing step using 0.05 lm
colloidal silica was employed. The surface of the samples
was cleaned with running water and isopropanol.

Preliminary microstructural analysis was performed
using an Olympus BX51 optical microscope. Following
optical microscopy samples were carbon coated for
SEM analysis, performed using either a Hitachi
TM3030Plus SEM or Hitachi Su8230 SEM, both
equipped with built-in EDX (energy-dispersive X-ray)
analyzer. Further examination of the samples was
performed on selected areas using an FEI Titan3 Themis
300 TEM. TEM sample preparation was performed
using a FEI nova 200 Nanolab FEGSEM with focused
ion beam (FIB). The image processing software ImageJ
was utilized to determine the volume fraction of both
b-Sn dendrites and interdendritic eutectic, making use of
the thresholding function to resolve the difference in
gray-level contrast between these phases as revealed in
the SEM. This program was also used to determine the
average eutectic spacing and hence calculate the ratio, /,
between the average measured eutectic spacing and the
extremum spacing, as required by the Jackson and
Hunt[42] theory for the growth of irregular eutectics.
CrysTBox software was used to accelerate the analysis
of TEM images due to its highly accurate automated
analysis. The DiffractGUI tool in CrysTbox was used to
automatically analyze the diffraction patterns for the Sn
and Ag3Sn phases, in particular indexing individual
diffraction spots and measuring interplanar angles and
distances. Differential scanning calorimetry (PerkinEl-
mer DSC 8000) was used to study the melting of the
eutectic. The maximum temperature of the heating
program was set to 235 �C, which is slightly higher than
tin melting temperature but lower than alloy liquidus to
avoid melting the Ag3Sn intermetallic. To speed up the
experiment, a fast heating rate of 20 K/min was used up
to 215�C, which is lower than eutectic point, with a slow
heating rate of 1 K/min operating between 215 and
235 �C. This slower heat rate ensures the complete
melting of each phase and avoids peak overlap from the
different phases.

B. Calculation of Cooling Rate, Phase Diagram,
and Coupled Zone

The cooling rate for isolated droplets in free fall can
be estimated by calculation of the heat transfer to the
surrounding gas at ambient temperature.[43,44] The heat
balance may be expressed as follows:

dT

dt
Cl

p 1� fð Þ þ Cs
pf

h i
þ L

df

dt

¼ 6

dql
erSB T4 � T4

R

� �
þ hm T� TRð Þð Þ

� �
;

½1�

where d is the droplet diameter, Cl
p is the specific heat

of the melt, Cs
p the specific heat of the solid, f is the

solid fraction, L the latent heat, ql the density of the
melt, e the surface emissivity of the melt, rSB is the
Stehan-Boltzman constant, T the instantaneous tem-
perature of the droplet, TR the temperature of the gas
(room temperature), and hm is the heat transfer coeffi-
cient of the droplet falling through a gas.hm is given
by

hm ¼ jg

d
2:0þ 0:6

ffiffiffiffiffiffi
Re

p ffiffiffiffiffiffi
Pr

3
p� �

; ½2�

where jg is the thermal conductivity of the gas, Re is
the Reynolds number and Pr the Prandtl number, with
the Reynolds and Prandtl numbers being given by

Re ¼ vrqgD
gg

; ½3�

Pr ¼
Cg

pg
g

jg
: ½4�

Here, qg is the density, gg the dynamic viscosity, and
Cg

p the specific heat of the back-fill gas. vr is the relative

velocity between particle and gas, which is taken as the
terminal velocity for a freely falling sphere of diameter d,
with full details of the calculation of vr in the context of
the heat balance calculation, as given in the reference.[44]

Table I gives the thermophysical parameters assumed
for this calculation.
The equilibrium Sn–Ag phase diagram is well estab-

lished, but the metastable extensions of the liquidus lines
for the b-Sn and Ag3Sn phase are much less so. In order
to determine these metastable extensions, which will be
useful in interpreting the results of this investigation, the
CALPHAD program MTDATA[45] has been used,
together with thermodynamic descriptions of the phases
obtained from the SGTE solutions database.
Unlike the calculation of the metastable extensions

of the liquidus lines, the calculation of the eutec-
tic-coupled zone is a dynamic, rather than thermody-
namic, calculation. That is, it involves the calculation
of both the dendritic and the eutectic growth velocities
over a range of temperature–composition space below
the equilibrium eutectic temperature. The eutectic-cou-
pled zone is then defined as the region where eutectic
growth outpaces the growth of either phase
individually.
To calculate the growth rate for single-phase den-

drites, we use the high Peclet number model originally
proposed by Lipton et al.[49]. This is based upon the
principle of resolving the total undercooling, DT, into its
thermal, DTt, constitutional, DTc, curvature, DTr, and
kinetic, DTk, contributions, such that
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DT ¼ DTt þ DTc þ DTr þ DTk; ½5�

where DTt and DTc are given by the Ivantsov solution
for a parabolic needle dendrite under thermal and
solutal control, respectively, DTr is a manifestation of
the Gibbs-Thomson effect, and the kinetic undercool-
ing is a term proportional to growth velocity. Standard
expressions for the terms on the right of Eq. [6] are
given in the references[49] and, for the sake of brevity,
are not reproduced here. However, as with all models
of this type, there is an issue in that the solution for
the undercooling is a function of the Peclet number
and as such is degenerate in the product VR where V
is the growth velocity of the dendrite tip (the quantity
that we seek) and R is the radius of curvature of the
tip. To break the degeneracy, we continue to follow
Lipton et al. by writing

R ¼ 1

r� Gc � nc � Gt � ntð Þ ; ½6�

where Gt and Gc are the thermal and solutal gradients at
the dendrite tip, and nt and nc are the thermal and
solutal modulation factors. This formulation is a high
Peclet number modification of the Mullins–Sekerka
analysis, where the dendrite tip radius is equated to the
shortest wavelength perturbation that is stable under
local growth conditions. As above, standard expression
for these quantities is given by Lipton et al. and so has
not been reproduced here. r* is a stability constant
which is termed as the dendrite tip selection parameter.
In the original Mullins–Sekerka analysis
r� ¼ 1

4p2 ¼ 0:0253, while Glicksman et al.[50] obtained a
slightly lower value of 0.0192 during microgravity
experiments in low Earth orbit. However, the advent
of microscopic solvability theory by authors such as
Kessler et al.[51] has demonstrated that r* is in fact an
eigenvalue of the crystalline anisotropy of the growing
solid. While providing an elegant theoretical framework,
this poses the problem that the crystalline anisotropy at
the solid–liquid interface is unknown for almost all
alloys. Consequently, in this work, we take the prag-
matic approach of setting r� ¼ 1

4p2.
During solidification, the kinetic undercooling,

DTk ¼ V=l, where l is the kinetic coefficient, will
depend on the nature of the phase that is growing.
For pure metals, l is large, and hence, DTk is usually

negligible, except at very high undercooling. Conversely,
for intermetallic compounds, particularly those that
display faceted growth, l is small resulting in large DTk.
Unfortunately, we can find no information that allows a
sensible estimate of l for the growth of Ag3Sn from a
Sn–Ag melt. Consequently, here we restrict ourselves to
the calculation of the coupled zone boundary between
the growth of b-Sn and the eutectic, for which we
assume the kinetic undercooling is negligible.
The theory of eutectic growth for regular lamellar and

rod-like eutectic was first developed in the classic paper
by Jackson and Hunt,[42] with this subsequently being
modified for irregular nf–f type eutectics by Magnin
et al.[52] who measured the average undercooling and
lamellar spacing to determine the extent of the deviation

from the k2V ¼ constant relationship proposed by Jack-
son and Hunt. The equations for irregular eutectic
growth may be written as follows:

k2aV ¼ /2K2=K1; ½7�

DT=
ffiffiffiffi
V

p
¼ /þ 1=/ð Þ

ffiffiffiffiffiffiffiffiffiffiffi
K1K2

p
; ½8�

kaDT ¼ /2 þ 1
� �

K2; ½9�

/ ¼ ka=ke; ½10�

where K1 and K2 are the eutectic materials constants as
given by Jackson and Hunt, ka is the average measured
eutectic spacing, and / is an operating parameter which
is the ratio between the average measured eutectic
spacing and the extremum spacing, ke, as given by the
Jackson and Hunt model for a regular eutectic.
The parameters used in the evaluation of the model

are given in Table II.

III. RESULTS

A. Simulation Results

Figure 2 shows the estimated cooling rate, as a
function of droplet diameter, for droplets in the

Table II. Parameters for the Calculation of the Sn–Ag3Sn
Eutectic[46,53]

Parameter (Unit) Value

TE (K) 493:3
mSn K=wt pctð Þ �2:9912
mAg3SnðK=wt pctÞ 18:02
CEðwt pctÞ 3:73
D (m2 s�1) 9:08� 10�10

CSn (Km) 8:6� 10�8

CAg3Sn (K m) 10:2� 10�8

K1 (K s m�2) 1:79� 1010

K2 (K m) 24:62� 10�8

/(-) 1:9� 3:68

Table I. Thermophysical Parameters for N2 Gas and

Tin
[46,47]

Material Parameter (Unit) Value

Nitrogen gas[48] Cg
p (J kg�1 K�1) 1039

gg (N s m) 1:78� 10�5

jg (W m�1 K�1) 2:6� 10�2

qg (kg m�3) 1:16
Tin Cl

p (J kg�1 K�1) 210

LðKkg�1Þ (K kg�1) 58500

qlðJkg�1Þ (J kg�1) 7310
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850-38 lm size range, with cooling rates range from 250
to 14,800 K s�1.

Erol et al.[43,54] have also estimated cooling rates in
the drop tube, finding the same general trend as
observed here. However, our cooling rates are signifi-
cantly lower than those in their experiments. The main
factor contributing to this difference is the lower melting
point of our alloy compared to the relatively high
melting point materials considered by Erol et al. The
relationship between the cooling rate and the droplet
diameter obtained by power-law fitting may be
expressed as follows:

dT

dt
¼ 0:0108� d�1:453; ½11�

where both d and dT

dt
are in standard SI units.

The metastable extensions of the b-Sn and Ag3Sn
liquidus lines, as calculated using MTDATA, are shown
in Figure 3(a). The most notable feature of these
extensions is that the line for b-Sn changes gradient so
as to become essentially flat just below the eutectic
temperature. The implication of this is that potentially
very large enrichments in the Ag concentration of the
liquid may be achievable for a relatively small increase
in undercooling. Conversely, the extension of the Ag3Sn
liquidus line proceeds with a gradient similar to that
displayed above the eutectic temperature.

The dendritic and eutectic growth models outlined in
Eqs. [5] through [9] were used to determine the bound-
ary of the coupled zone on the Sn-rich side of the phase
diagram. As can be seen from Equations [7] through (9),
the value of the eutectic growth velocity depends upon
/, where the estimated value for Sn–Ag3Sn is likely to
fall in the range 1.9-3.68.[47,53] The resulting locations
for the boundary of the coupled zone on the Sn-rich side
of the eutectic are shown in Figure 3(b). It may be seen
that as the value of / increases, the coupled zone is
skewed more towards the Ag3Sn side of the eutectic.

B. Experimental Results

One of the potential issues when working with Ag
bearing melts is loss of Ag through volatilization. This
may be particularly the case when working with fine
powders due to the high area to mass ratio displayed by
such powders, although their high cooling rate, and
hence, short time at elevated temperatures, may tend to
mitigate against this. For this reason, quantitative EDX
area analysis was performed on all size fractions of the
drop-tube powders, with the results being shown in
Figure 4. The average Ag content of the droplets is
approximately 4.67 wt pct, with the variation between
size fractions being consistent with experimental error,

Fig. 3—(a) The Sn–Ag phase diagram, including
metastable extensions to the b-Sn and Ag3Sn liquidus lines, as
calculated by the CALPHAD program MTDATA and (b) Location
of the Sn-rich side of the coupled zone for different values of the
eutectic operating parameter, /.

Fig. 2—Estimated cooling rate of Sn–Ag solder in drop tube as a
function of droplet size.
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showing no evidence for systematic loss of Ag. This
value is also consistent with that found for the starting
material. It is not clear whether the enrichment over
nominal of the commercial alloy was inadvertent or
deliberate in order to compensate for Ag loss during
typical soldering operation. In any case, the alloy is
slightly more hypereutetic than suggested by the nom-
inal composition.

Figure 5 shows an SEM backscatter image of a region
of the hypereutectic Sn–Ag ingot. On the assumption of
close to equilibrium solidification for the ingot, we
might have expected a solidification structure as pre-
dicted by the phase diagram, namely proeutectic Ag3Sn,
followed by the transformation of the remaining liquid
into a eutectic structure. In fact, it is clear that this is not
the case, with the primary solidification phase, even
close to equilibrium, being dendritic b-Sn, with an
interdendritic eutectic.

Figure 6 gives SEM backscatter images of drop tube
powders from four different size fractions, namely
850-500, 212-150, 106-75, and< 38 lm. The overall
form of the microstructure is similar in all four cases
shown (and indeed, in that of the other size fractions,
which due to the similarities to the structures given in
Figure 6, were obtained but have not been presented). In
all cases, the primary solidification phase is that of b-Sn
dendrites, with an interdendritic eutectic. The dendritic
morphology is particularly evident in part b of Figure 5,
where to the top right of the image, a split primary trunk
with secondary arms is evident. The presence of b-Sn as
the primary solidification phase is in agreement with
previous work on rapidly quenched near eutectic Sn–Ag
alloys.[55] The other feature that is evident from Figure 6
is that as the cooling rate increases, there is an apparent
decrease in the volume fraction of the interdendritic
eutectic. Again, this is in accord with previous work

with, for instance, Ochoa and co-workers[29,56] reaching
similar conclusions.
Given the relatively clear delineation between the

b-Sn dendrites and the interdendritic eutectic, image
analysis using ImageJ was employed to determine the
relative area fractions of the two phases, which in turn,
give a random distribution of the phases, the best
estimator of their relative volume fractions. Due to the
tiny size of intermetallic, we could only distinguish the
region of eutectic for droplet larger than 106 lm. The
result of this determination, expressed in volume frac-
tion eutectic as a function of estimated cooling rate, is
given in Figure 7 for all size fractions of powder
obtained from the drop tube, not just the four as shown
in Figure 6. This confirms that as the cooling rate
increases, the eutectic fraction gradually decreases. For
the droplets> 850 lm, the eutectic content is approx-
imately 36 vol pct, dropping to 28 vol pct for the
150-106 lm droplets.
Given that the starting alloy is hypereutectic, the

relatively small volume fractions of eutectic present in
the drop-tube powders must imply that the concentra-
tion of Ag in the eutectic regions is significantly in excess
of its equilibrium value. In order to quantify this, an
iterative mass balance calculation was performed. We
start from an initial estimate of the Ag concentration for
the eutectic region, from which we can then calculate the
mole and mass fractions of Sn and Ag3Sn. Implicit
within this calculation is the assumption that, as at
equilibrium, there is zero solubility of Ag in the b-Sn
dendrites, a point we return to below. Knowing the ratio
of Ag3Sn to Sn in the eutectic, we can then convert the
measured volume fraction of eutectic to a mass fraction,
for which we assume densities of 9630 and 7310 kg m�3

for Ag3Sn and Sn, respectively. With a calculated mass
fraction of eutectic, it is then a straightforward matter to
apply a mass balance to determine the Ag concentration

Fig. 4—EDX characterization of Ag content in droplets.
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of the eutectic region, with this value forming the initial
estimate of the Ag concentration for the next iteration of
the calculation; the iteration is performed on the density
of the eutectic region depending upon the relative
fractions of Ag3Sn and b-Sn. The calculation stops
when the initial and final estimates of the Ag concen-
tration from a given iterative cycle agree to within a
predefined tolerance, taken here a 0.01 wt pct. Conver-
gence invariably occurs within 2-3 iterations. The results
of this calculation, for all drop-tube size fractions, are
shown in Figure 8. As expected, the lower volume
fraction of eutectic at high cooling rate leads to a higher
determined Ag concentration within the eutectic region,

with values from 12.5 wt pct Ag for the> 850 lm sieve
fraction, to> 15 wt pct Ag for the 150-106 lm size
fraction. All values are, as expected, considerably in
excess of the eutectic at 3.8 wt pct Ag.
As mentioned above, implicit within the mass balance

calculation is the assumption that there is essentially
zero solubility of Ag in the b-Sn dendrites, which is true
under equilibrium conditions. However, it is important
to consider the potential influence of solute trapping due
to rapid solidification. This is especially the case in
small-sized droplets, which will be subject to the highest
cooling rates (and undercoolings), and hence, the
highest growth velocities. For this reason, the< 38 lm

Fig. 5—SEM-backscattered image of the hypereutectic Sn–Ag starting ingot.

Fig. 6—BSE image of hypereutectic Sn–Ag droplets produced by drop tube. From top to bottom: (a) 850-500 lm, (b) 212-150 lm, (c)
106-75 lm, and (d)< 38 lm droplets.
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droplets are preferentially observed; if solute trapping is
not detected in the smallest droplets, solute trapping is
highly unlikely in the larger size fractions. Figure 9(a)
presents an example of an EDX line scan conducted on
Sn dendritic structures in a< 38 lm droplets. Ten areas
displaying dendritic structures were analyzed, and all
line scan results showed no Ag present within the b-Sn

dendrites at a level above which we ascribe to noise
associated with the EDX detector. In addition, EDX
area scans were also performed within the Sn dendritic
structures, with the results similarly indicating that the
scanned areas contained no Ag. We, therefore, have
confidence in the assumption behind the mass balance
calculation that all the Ag is contained within the

Fig. 7—Variation of eutectic volume fraction with cooling rate.

Fig. 8—Relationship between cooling rate and Ag concentration in the eutectic region.
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eutectic regions. Furthermore, Figure 9(b) shows an
EDX map for a selected region of eutectic within a
75-53 lm droplet, the eutectic area containing 14.34 wt
pct Ag, consistent with the high Ag concentration
obtained via the mass balance calculation.

Given that the Ag concentration of the eutectic
regions is so far in excess of the equilibrium eutectic,
we consider it prudent to investigate the distribution of
the Ag3Sn within these regions to determine whether it

accords with the rod-like eutectic morphology expected
for this system. For this, high-resolution SEM, TEM on
FIB-milled thin sections, and thermal analysis have been
undertaken. Figure 10 presents high- resolution
backscatter SEM micrographs of the< 38, 75-106,
106-150, and 150-212 lm size fractions. The microstruc-
ture of the 150-212 lm powders exhibits dendrites
surrounded by interdendritic eutectic, consistent with
those reported by other studies on similar

Fig. 9—(a) EDX line scan of a Sn dendritic in a< 38um droplet, (b) EDX map scan of eutectic area within a 75-53 lm droplet.
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materials.[29,30,55] In contrast, from the 106-150 lm
sample and downwards in powder size (broadly for
cooling rate> 4770 K s�1), we see large, isolated
regions of Ag3Sn, which appear bright in the backscatter
images due to the higher atomic number of Ag, relative
to Sn. These appear much more akin to either divorced
eutectic or proeutectic Ag3Sn. Moreover, as shown in
Figures 10(a) and (b), as the droplet size decreases, the
content of this proeutectic intermetallic also increases.

Focused Ion Beam (FIB) was utilized to section areas
of interest in droplets of various size ranges, followed by
analysis of these regions through Transmission Electron
Microscopy (TEM), as shown in Figure 11. The TEM
images clearly display grain boundaries, allowing for the
distinction between Sn grains and regions of residual
liquid that is subsequently solidified to eutectic. More-
over, a clear distinction is apparent between the larger
droplets which contain numerous small Ag3Sn regions
with a quasi-regular spacing consistent with the appear-
ance of an irregular rod-like eutectic and the smaller
droplets which contain a much smaller number of larger
Ag3Sn regions, with seemingly preferential nucleation
on the grain boundaries. In this regard, the absence of
neatly arranged rod-like phases and the presence of Sn
matrix surrounding the intermetallic are more suggestive
of the residual liquid forming a divorced-like eutectic
structure. Conversely, in the larger droplets, although
we still observe proeutectic intermetallic near the Sn
grain boundaries, we also observe a neatly arranged
rod-like phase structure surrounding these, wherein we

believe that the proeutectic intermetallic is possibly
surrounded by rod-like eutectic. On this assumption, it
is also possible from Figure 11 to determine the average
rod spacing, ka = 0.606 lm, which can be compared to
the extremum spacing, ke, calculated using Equations [7]
through [9] in order that the operating parameter, /, can
be determined. The results of this calculation are given

in Table III, wherein we also note that the value of k2aV
found is similar to that used by Hou et al.[53] The

TEM-SAED pattern for Ag3Sn along the ½110� zone axis
is shown in Figure 11(d). The pattern is identified as
being HCP, wherein forbidden reflections occur when
hþ 2k ¼ 3n and l is odd. However, many such super-
lattice spots are evident in the SAED pattern, indicating
extensive chemical ordering. Hou et al.[53] notes that the
crystal structure of Ag3Sn is orthorhombic, which
deviates from our result. However, the result from Cui
et al.[57] shows the extremely close correspondence
between the cell angles of the D0a structure and
standard HCP. Moreover, as the D0a structure is a
chemically ordered derivative of the HCP structure with
a small orthorhombic distortion[57,58] distinguishing
these two structures is notoriously difficult.
Further information about the nature of the sample

can be obtained from Differential Scanning Calorimetry
(DSC). The heating regime, as discussed in more detail
in the methodology section, was designed to facilitate a
very slow heating rate through the eutectic point during
a single heating cycle. Typical DSC traces for large
(850-500 lm) and small (106-75 lm) droplets are shown

Fig. 10—Microstructure of bulk intermetallic (a) <38 lm droplets, (b) 106� 75 lm droplets, (c) 150� 106 lm droplets, and (d) 212� 150 lm
droplets.
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in Figure 12, wherein clear differences between the
traces may be observed. In particular, the trace for the
large droplets can be resolved into 4 distinct sub-peaks,
whereas the trace for the small droplets consists of a
single dominant peak with a very small blip at its
high-temperature end. Although for the sake of brevity
not all DSC traces are shown, this is consistent with the
general trend we observe, wherein the number of

sub-peaks, and the extent to which each is resolved,
decreases as the cooling rate increases (or equivalently
the droplet size decreases).
The most likely explanation for multiple sub-peaks in

the trace for the large droplet would be a much greater
variety of sizes of Ag3Sn within the microstructure,
wherein the Gibbs–Thomson effect means that struc-
tures of higher curvature, i.e., a finer dispersion of
phases, would result in a slightly lower melting temper-
ature. Conversely, in the smaller droplets, a single
melting peak would be indicative of a more uniform
distribution of Ag3Sn phase within the microstructure.
This would be consistent with the picture from SEM and
TEM analysis in which large droplets appear to have
proeutectic (or divorced eutectic Ag3Sn) in a matrix of
finer rod-like eutectic whereas in the smaller droplets, all
of the Ag3Sn appears to be in proeutectic (or divorced
eutectic) particles. Moreover, as the smaller droplets are
generally scale refined relative to their larger compatri-
ots, a larger Gibbs-Thomson depression of the melting
temperature would account for the lower temperature

Fig. 11—FIB/TEM image of interested area: (a) <38 lm droplets, (b) 106� 75 lm droplets, and (c) 500� 300 lm droplets. d Selected area
electron diffraction pattern (SAED) along ½110�.

Table III. Spacing-Velocity–Undercooling Relationship in
Sn–Ag Alloys for 300-500 lm Droplets (Parameters for

Calculation as Given in Given in Table II)

Parameter (Unit) Value

ka (lm) 0:606
ke (lm) 0:265
/ð�Þ 2:287
V (lm/s) 195:859
D T(K) 2:72

ka
ffiffiffiffi
V

p
ðm1:5

s0:5
Þ 8:481
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for the onset of melting observed when comparing
Figures 12(a) and (b).

The total melting enthalpy represented in Figure 12(a)
for the 850-500 lm sample is 968.89 mJ, which for a
15.10 mg sample equates to 64.2 J g�1, while for the
106-75 lm sample shown in Figure 12(b), we have an
enthalpy of 941.94 mJ for a sample mass of 14.69 mg,
equating to 64.1 J g�1. This compares with a range of
56.1-64.9 J g�1, which has previously been determined
for the Sn–Ag eutectic[59–64] , with the value given in this
work being towards the top end of this range, probably
because the alloy used is somewhat hypereutectic. For
information, a peak deconvolution of Figure 12(a) has
been undertaken using the program OriginPro, wherein
the four visible peaks correspond (from lowest to
highest melting temperatures) to 12.9, 20.0, 15.6, and
51.5 pct of the total mass, respectively, although we do
not here attempt to associate these individual melting
events with specific types of feature within the
microstructure. We also note that in all cases, melting
is essentially complete by 225 �C and that there is no tin

melting peak (231.9 �C), despite there being large pure
b-Sn dendrites throughout the microstructure. This is
consistent with the bulk composition of the alloy,
wherein dissolved Ag within the melt would facilitate
melting at, or near, the eutectic temperature.

IV. DISCUSSION

The results of our investigation can be summarized as
follows. The primary solidification phase is b-Sn den-
drites, not proeutectic Ag3Sn. This is in line with
previous studies of Sn–Ag solder alloys at high cooling
rate[65–67] and is consistent with the calculated coupled
zone (Figure 3(b)), in which the b-Sn/eutectic boundary
is skewed significantly towards the intermetallic phase.
Following growth of this primary b-Sn, the residual
liquid attains very considerable enrichment in Ag before
precipitation of Ag3Sn. These values reach 12.5 wt pct
Ag for the lowest drop-tube cooling rates and> 15
wt pct Ag for the fastest cooling particles. With refer-
ence to the calculated eutectic-coupled zone, this would
imply a very significant undercooling is being achieved,
with an Ag concentration of 15 wt pct implying a
depression below the eutectic temperature of 145 K,
even when taking the more favorable of the boundaries
shown in Figure 3(b). Given that this would represent
about 0.3 of the absolute melting temperature, this is a
very high undercooling to achieve in a low melting point
material at what are relatively modest cooling rates.
Once growth of Ag3Sn is initiated, the morphology is
that of a proeutectic phase. This would be consistent
with the very high Ag supersaturation attained by the
residual liquid. Following a period of proeutectic Ag3Sn
growth, the slower cooling particles appear to swap to a
more conventional Ag3Sn/b-Sn irregular rod-like eutec-
tic morphology, the operating point parameter for
which has been determined as / = 2.3 in the case of
500-300 lm particles. However, for the faster cooling
droplets, growth of Ag3Sn continues with a more
proeutectic (or divorced eutectic) type morphology.
These two mechanisms are shown in Figure 13.
These results are significantly different from many of

the previous studies on the solidification morphology of
Sn–Ag solders, a fact that we postulate may be due to the
role of Ag3Sn nucleation kinetics. Many of the previous
studies on this system have used Bridgman growth[29–32]

wherein all phases are allowed to nucleate before themain
period of growth, which is typically the object of such
studies. Conversely, in a freely falling droplet, little time is
available for nucleation, and very different results may be
obtained if one of the phases (Ag3Sn) is difficult to
nucleate. In this respect, we note the rather anomalous
form of the metastable extension of the Sn liquidus line,
which becomes almost flat � 25 K below the eutectic
temperature. The implication is that the very significant
Ag enrichment that we observe as having occurred in the
residual liquid following growth of b-Sn dendrites, could
have occurred at very modest undercoolings.
Of course, as the Ag concentration increases, the

driving force for nucleation of Ag3Sn would also
increase, leading to the formation of a blockier, less

Fig. 12—(a) DSC result of (a) 850-500 lm, (b) 106-75 lm droplets.
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rod-like eutectic morphology. Heterogeneous nucleation
would be favored on the preexisting b-Sn, wherein we
observe Ag3Sn clustered around the b-Sn grain bound-
aries, consistent with the TEM observations. As the Ag
concentration of the residual liquid drops, we would
expect that we would enter the eutectic-coupled zone
(from the intermetallic side), wherein the remainder of
the liquid would solidify isothermally to the b-Sn/Ag3Sn
rod-like eutectic, and at lower cooling rates, this does
indeed appear to be what happens. At higher cooling
rates, however, we do not see the regions between the
proeutectic Ag3Sn being infilled with eutectic, and we
presume that the difficulty in nucleating the Ag3Sn phase
means that continued growth on preexisting proeutectic
particles is favored. In this respect, this would be similar
to the situation observed by Liao et al.[41] in A390 alloy.
This would be consistent with both the TEM observa-
tions and DSC experiments, which show multiple
melting events for the large droplets but only a single
melting event for the smaller droplets. These multiple
melting events we interpret as resulting from the
presence of different sized Ag3Sn particles, arising from
the proeutectic and the subsequent infill with the
rod-like eutectic.

V. SUMMARY AND CONCLUSIONS

At modestly elevated cooling rates, we find that the
microstructure of rapidly solidified, hypereutectic
Sn–Ag solder alloy is markedly different from that

expected with reference to the phase diagram. At all
cooling rates, b-Sn dendrites are observed as the
primary solidification phase with an interdendritic
eutectic, the volume fraction of which is observed to
decrease with increasing cooling rate from � 36 vol pct
at the lowest cooling rates, to � 28 vol pct at the highest
cooling rates, wherein the Ag concentration in the
residual liquid is observed to peak at 15 wt pct Ag. This
results in Ag3Sn within the eutectic that has a blocky
appearance, more reminiscent of a divorced eutectic,
rather than the more conventional rod-like eutectic.
These findings may have implications for the
microstructure of solder joints subject to cooling rates
of, more than a few 10’s of Kelvin per second.
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