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Abstract

Heavily carbon-doped MnsGes is a unique compound for spintronics applications as it meets all
the requirements for spin injection and detection in group-IV semiconductors. Despite the great
improvement of the magnetic properties induced by C incorporation into Mnz;Ges compounds, very
little information is available on its structural properties and the genuine role played by C atoms.
In this paper, we have used a combination of advanced techniques to extensively characterize the
structural and magnetic properties of Mns;GesC, films grown on Ge(111) by solid phase epitaxy
as a function of C concentration. The increase of the Curie temperature induced by C doping up
to 435 K is accompanied by a decrease of the out-of-plane c-lattice parameter. The Mn and C
chemical environments and positions in the MnzGegs lattice have been thoroughly investigated using
x-ray absorption spectroscopy techniques (x-ray absorption near-edge structures and extended x-
ray absorption fine structures) and scanning transmission electronic microscopy (STEM) combined
to electron energy loss spectroscopy for the chemical analysis. The results have been systematically
compared to a variety of structures that were identified as favorable in terms of formation energy by
ab initio calculations. For z < 0.5, the C atoms are mainly located in the octahedral voids formed
by Mn atoms, which is confirmed by simulations and seen for the first time in real space by STEM.
However, the latter reveals an inhomogeneous C incorporation, which is qualitatively correlated
to the broad magnetic transition temperature. A higher C concentration leads to the formation
of manganese carbide clusters that we identified as Mng3Cg. Interestingly, other types of defects,
such as interstitial Ge atoms, vacancies of Mn, and their association into line defects, have been
detected. They take part in the strain relaxation process and are likely to be intimately related to
the growth process. This paper provides a complete picture of the structure of MnszGesC, in thin

films grown by solid phase epitaxy, which is essential for optimizing their magnetic properties.



I. INTRODUCTION

In the search for a Ge-based material exhibiting an effective Schottky barrier with a
Si-compatible semiconductor, the MnsGes compound has been proposed as a promising
candidate due to its high resistivity, its direct integration on a Si or Ge substrate! 3, its easy
growth implementation via solid phase epitaxy (SPE)%° sputtering® or low-temperature
codeposition”, and its atomically abrupt interface with Ge. Its implementation in metal-
oxide-semiconductor capacitors® and in Schottky diodes on n-type Ge® 10 has paved the
11-13

way toward its use in device structures. Furthermore, its sizable spin polarization its

Curie temperature (T¢) that can be enhanced up to 450 K by incorporating C atoms®!415

t16,17 tlS

its interesting magnetotranspor and thermotransport'® properties, and its prospective
combination with graphene!® could open new routes to spintronic devices and thermoelectric

energy conversion.

This tremendous improvement of the magnetic properties is assigned to C occupying
specific positions in the Mns;Ges lattice. Mn;Ges exhibits a hexagonal Mn5Siz-type structure
containing two crystallographically independent sets of manganese atoms: Mn; atoms, in
the 4d-sites, form long chains parallel to the c-axis whereas Mn;; atoms occupy the 6g
positions in an octahedral arrangement. The crystal structure can therefore be described
as a series of basal planes containing in turn either Mn; atoms or Mn;; and Ge atoms
[Fig. 1(a)]. Such structures have a nearly unique ability to bind different heteroatoms in the
preformed octahedral cavity formed by Mn;; atoms, i.e., in the 2b positions??. This is the
proposed position of C atoms when incorporated in Mn;Ges. Based on this assumption, first
principles calculations suggest that hybridization between Mn;; and C atoms takes place,
which strengthens the exchange interaction between Mn;; atoms?! and thus, enhances the
Curie temperature (7¢). Recently, nuclear magnetic resonance experiments have shown
that the C atoms mainly modify the Mn;; local magnetic moments®?, emphasizing also the
privileged interactions between Mn;; and C atoms. However, no direct evidence on the C

exact location has hitherto been reported.

Interestingly, theory also predicts that the optimal C concentration i.e., the concentra-
tion leading to the highest T is reached when one out of the two octahedral sites per unit
cell is occupied, corresponding to = 0.5 in the MnsGesC, compound?!. Above this criti-

cal threshold, it is thermodynamically more favorable to form carbides than to incorporate



more C into the octahedral voids. This has been experimentally confirmed in SPE-grown
thin films in which clusters have been observed by high-resolution transmission electron
microscopy in highly doped samples'®, i.e., for z > 0.7. Unfortunately, neither their crys-
tallographic structure nor their chemical composition could be identified. Note also that
in these systems, the highest Ty is reached for z ~ 0.7. This is significantly higher than
the predicted concentration (z = 0.5), which raises the issue of the C incorporation and

positioning into the MnsGes lattice.

Although the magnetic properties of ferromagnetic MnsGesC,, films have been thoroughly
investigated previously??, a detailed characterization of the structural properties of these
films and of Mn and C atoms’ chemical environments is still lacking. Such a study would
yield a comprehensive picture of the exact atomic structure of the compound and allow
bridging the gap between structural and physical properties, which is essential in view of
the future integration of MnsGesC, in Si- or Ge-based spintronic devices. In this paper,
we have conducted a thorough investigation of the structural and magnetic properties of
Mn;Ge3C, thin films grown on a Ge(111) substrate using SPE with carbon content ranging
from z = 0 to z = 1. For this, we used the chemically specific extended x-ray absorption
fine structure (EXAFS) and x-ray absorption near-edge structure (XANES) spectroscopies
associated to scanning transmission-electron microscopy combined with electron energy loss
spectroscopy (EELS) to unveil the local atomic structure in Mn;Ge3;C, thin films as a
function of the C content. EXAFS and XANES are particularly useful in probing the whole
thickness of the samples. In contrast, TEM probes a localized area and a small fraction of
the film volume. The combination of both techniques gives a powerful tool to investigate
this complex material and provides valuable information on the C chemical environment and
position in the MnsGes lattice. The experimental data are supported by accurate density
functional theory (DFT) calculations of total energies that identify the most stable defects.
Combined EXAFS, TEM and DFT analysis has proven to be efficient to reveal the structure

24 Here we provide indisputable evidence that C atoms

of GeMn-based complex systems
preferentially occupy the interstitial sites in the octahedral voids for C concentration below
z = 0.6. A higher C concentration locally induces the formation of Mny3Cg clusters. This
comprehensive multiscale approach also evidences the formation of other types of defects and
in which interstitial Ge atoms are associated with Mn;; vacancies. These defects presumably

arise from the SPE growth technique.
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FIG. 1. (a) Crystal structure of MnsGes. Colored spheres denote Mn (blue) and Ge (green) atoms.
The crystal can be described by a stack of planes containing alternately either Mn; atoms (dark
blue) or Ge and Mny; (light blue) atoms. The latter planes are highlighted in orange. Mnj; atoms
form an octahedral void depicted by the blue bonds. This site can host an interstitial atom. (b)
Viin,, defect: Vacancy of a Mnj; atom. (c) X; defect: Interstitial atom (in orange) that fills one
out of the two octahedral sites. X can be C, Ge or Mn. These drawings were prepared by means

of VESTA software?®.
II. EXPERIMENTAL ASPECTS AND SAMPLES GROWTH

The SPE technique has been widely used to grow high-quality crystalline Mns;Ges thin
films thanks to its easy implementation. Detailed descriptions of sample preparation can
be found in ref. 15 and references therein. Briefly, pure Mn and C are co-deposited on
the Ge(111) substrates at room temperature. The deposition rates have been formerly
calibrated with care by means of a quartz balance to reach the target C concentration. A
subsequent thermal annealing up to 723 K activates the diffusion and the phase nucleation
from the interface. The annealing step is stopped when the characteristic (\/§ X \/§)R30°
surface reconstruction is observed using reflection high-energy electron diffraction (RHEED)
(see, for instance, patterns in Figs. 1 (e) and 1(f) of ref. 5 and Figs.1 (a) and 1(b) of ref.
15 for MnsGez and C-doped MnzGes thin films, respectively), which is the signature of
the MnsGes phase. At this stage, all the Mn (and C for the C-doped sample) atoms have
been consumed to form a single crystalline thin film as has been evidenced by high resolu-
tion cross-sectional TEM observations?®?7. Note that small clusters have been observed in
highly-doped samples (z > 0.7)'°. The samples for the EXAFS and XANES measurements
are capped in situ with 1 nm of Au deposited on top at room temperature.

The crystal structure of the as-grown films was systematically investigated ex situ by x-ray
diffraction (XRD). The measurements were carried out with the copper K, radiation, using

a Rigaku RU-200BH rotating anode with a 2D Mar345 detector and a Panalytical Xpert
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FIG. 2. (a) Top view of one Mn;-type plane and one of either the Ge-Mnjr-a or the Ge-Mnj;-b
plane of the Mn;Ges lattice. The corresponding plane are indicated on Fig.2(c) where a transverse
view of the same lattice is presented. (b) The star defect consists of the three missing coplanar
Mn;; atoms associated to an interstitial Ge atom located in the same plane. Two kinds of defects
can be found depending on whether the missing Mnj; atoms belong to the a- or the b-type Ge-
Mn;; plane. In this view, we notice that the Ge atoms are ordered in a star shape from which
this defect is denoted. It is inserted in a supercell containing three unit cells for stability reasons.
(¢) The ref structure is made of a Mn;Ges unit cell sandwiched between two MnzGesCy 5 cells.
(d) 2C2starINN: Two star defects replace two Ge-Mnj; planes in adjacent unit cells in the ref
structure. One of the C interstitial atoms is located next to the star defect and the other next to
the adjacent Ge-Mnjs plane. (e) 1C2star1NN: Similar defect as 2C2starINN but only with the C

atom situated in the neighborhood of the star defect.

PRO diffractometer in the 6 - # geometry. The angular resolution is &~ 0.01°. The film
thickness was controlled by x-ray reflectometry using the same equipment. In this paper,
a typical film thickness of 40 nm was chosen, which corresponds to ribbon-like magnetic
domain structure??s.

The EXAFS experiments at the Mn-K edge were carried out at the GILDA-CRG beamline®
at the ESRF. The monochromator was equipped with Si(311) crystals and operated in a
dynamically focusing mode. Harmonic rejection and vertical focusing were achieved using
Pd-coated mirrors with a cut-off energy of 18 keV. The data were collected at room temper-
ature in fluorescence mode using a 12-elements high purity germanium array. Six spectra

per sample were collected and averaged to increase the signal to noise ratio. The energy

scale was calibrated using a metal Mn reference compound and setting the first inflection



point of the absorption coefficient at 6539.0 eV3Y.

Carbon K-edge XANES spectra were recorded at the ALOISA3! beamline of the ELETTRA
facility in Trieste, Italy. The spectra were recorded at room temperature in fluorescence
yield mode using a windowless high purity Ge detector; this detection mode guarantees a
probing depth of the order of 100 nm. The energy scale was calibrated by setting the 7*

resonance of a graphite sample at 285.0 eV32,

Magnetic properties were investigated using a Quantum Design SQUID (superconduct-
ing quantum interference device) and a VSM (vibrating sample magnetometer)-SQUID in
a temperature range varying from 5 to 500 K. The temperature dependence of the mag-
netic moments was recorded in 1 Tesla external in-plane magnetic field, which is sufficient
to saturate the sample’s magnetization. The diamagnetic contribution coming from the Ge
substrate was subtracted in the measurements presented below, leaving only the magnetic
signal coming from the Mn;Ge3C, films.

Atomic resolution HAADF-STEM (high-angle annular dark-field scanning transmission elec-
tron microscopy) and STEM-EELS (scanning transmission electron microscopy coupled with
electron energy loss spectroscopy) imaging were performed at the SuperSTEM Labora-
tory using Nion UltraSTEM 100MC Hermes operating at 100 kV acceleration voltage and
equipped with a fifth order Nion probe corrector and a Gatan Enfinium ERS spectrometer33.
The large field of view EELS maps were acquired on a FEI Titan ChemiSTEM equipped
with CEOS DCOR probe corrector and a Gatan GIF Quantum ER. EELS spectrum image
data sets were denoised using principal component analysis as implemented in the Hyper-
Spy library®* and EELS maps were generated by (i) subtracting the decaying background
using a power law by taking a typical 1050 eV window before the edge (C-K at 284 eV,
Mn-Lo 3 at 640 eV and Ge-Ly 3 at 1217 eV) then (ii) extracting the signal by placing a 50-
to 70-eV-wide window starting at the mentioned edges. The specimens were observed in a
plane-view orientation after a preparation using the wedge polishing technique followed by

low-energy ion polishing.



III. AB INITIO SIMULATIONS OF THE ATOMIC STRUCTURE

Ab initio structural simulations were carried out in the framework of the DFT as imple-
mented in the code VASP?°. Calculations were carried out with projector augmented wave
pseudopotentials and the exchange-correlation functional used was the generalized gradient
approximation®. Plane waves were considered with a cut-off energy of 1090 eV. The Bril-
louin zone was sampled using increasing k-point meshes starting from 2 x 2 x 2 and stopping
when the relative difference of the total energy of a mesh with respect to the previous one was
less than 0.1% (in most cases this happened at 4 x 4 x 4). At each ionic step, the electronic
structure was optimized until attaining a convergence of the total energy within 107° eV,
whereas the ionic positions were optimized until Hellman Feynman forces were below 1073
eV/A. Several structures were considered that can be grouped in two categories: (i) pure
Mnj;Ges either in the ideal structure®” (ICSD-108517) and with a series of intrinsic defects
(see Table I) and (ii) structures for the Mn;Ge3C, system (see Table II). The description
of the defects follow the standard Kroger-Wink notation. The ranking of the structures
was established based on their formation energy calculated as described in ref. 38 with the
chemical potentials jic ge v derived from the equilibrium of the phases MnsGes, Ge crystal,
Mny3Cg. The chemical potentials were calculated also considering the equilibrium with the
carbon richer carbide Mn;Cs observing only minor changes in the formation energies that
did not alter the ordering. A broad set of simple and complex defects have been investigated
in this paper. These identified structures are subsequently used in the STEM simulation
(see Sec.IV A) and XANES calculations (see Sec.IV C) and compared to our experimental
data. Only those exhibiting zero or negative formation energy with respect to the defect-free
and relaxed MnsGes compounds are presented here.

The following simple defects have been considered: (i) Mn;; vacancy [Vas,,, — Fig.1(b)] and
(i) interstitial X atoms (X = Ge, Mn, or C) that are located in the octahedral voids formed
by the six Mn;; atoms; if one out of the two voids per cell is occupied, the defect is named
X; as shown in Fig.1(c). Combinations of these defects have been examined with the aim
of describing the Ge-rich areas observed in the EELS maps (see Sec. IV A) and the experi-
mental lattice parameter variations (see Sec. IV B). For example, Ge; + Vi, corresponds
to a Mnj; vacancy associated to an interstitial Ge atom whereas the star defect involves

the replacement of the three coplanar Mn;; atoms by an interstitial Ge atom located in the



TABLE I. Results of the ab initio structural modeling. Formation energies of different defects in
MnsGegs, lattice parameters and volume variation with respect to the unperturbed and relaxed
Mn;Ges cell (a=b= 7.116 A, c=4.958 A, vol=217.4 A3%). Additional defects were also considered

but all exhibited positive formation energies and are not presented here.

Defect  |Formation Energy per unit cell (eV)|a variation (%) |c variation (%)|Volume variation (%)
Ge; + Vitny, 0.13 10.48 +1.53 +1.25
Ge; -0.06 +1.16 +2.83 + 5.24
Mn; + Vitn,, 0.00 0.0 0.0 0.0

same plane as shown in Fig.2(b). For comparison purpose, Fig.2(a) represents the equiva-
lent Mn; and Ge-Mn;; planes in the defect-free Mn;Ges cell. We then consider three types
of structures containing two star defects (2star) that are incorporated into two Mn;GesC,
unit cells: (i) 2C2starINN where one of the two interstitial C atoms (2C) is first nearest
neighbor (1nn) of the star defect (Fig.2(d)) and (ii) 1C2starINN containing only one C atom
(1C) first nearest neighbor of the star defect (Fig.2(e)). The star defect strongly distorts
the lattice and the presence of interstitial carbon atoms stabilizes the system. For the sake
of comparison, the ref structure [Fig.2(c)] contains two MnsGesCyp 5 and one MnsGes cells,
which implies that two out of the six available voids are filled with C. From these building
bricks, we have considered two kinds of linear defects: the first one (Latstar) is made of
five lateral star defects as shown in Fig. 3(a), where the second one (AP B2Ge) is described

as an antiphase boundary (APB) in which the two adjacent Mn;; cavities are filled with

interstitial Ge atoms justifying the 2Ge denomination [Fig.3(b)].

It is clear from Table I that the most stable defects in undoped compounds are those
exhibiting an interstitial Ge either associated to a Mn;; vacancy (Ge; + Vi, ) or isolated
(Ge;). A Mnj; moving to an interstitial position produces negligible variations to the struc-
ture and the cell energy. The star defect, with a slightly positive formation energy, is less
likely to appear. Defects containing interstitial atoms are also stable in C-doped Mnj;Ges.
C; has a strong effect on the formation energy: a large negative value corresponds to the
situation where C atoms fill every second octahedral site (C;) and to a lesser extent, for
lower C content as in ref. Interestingly, the star-associated defects (2C2star1NN, Latstar)

possess slightly negative formation energy only if the structures are stabilized by two inter-
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(a) Lateral Star defect (LatStar)

(b) Antiphase boundary (APB2Ge)

FIG. 3. View along the ¢ axis of the extended defects considered in this paper: (a) a line defect

made of five lateral star defects; (b) an antiphase boundary in which the two Mny; voids are filled

with interstitial Ge atoms.

TABLE II. Results of the ab initio structural modeling. Formation energies of selected defects

in MnsGesC,; and volume variation with respect to the unperturbed and relaxed MnsGes cell.

Additional defects were also considered but all exhibited formation energies above 0.02 eV and are

not presented here.

Defect Formation Energy per unit cell (eV)|a variation (%) |c variation (%)|Volume variation (%)
C; -0.63 -0.38 +0.16 -0.59
ref -0.43 -0.23 +0.03 -0.43
2C2starlNN -0.16 -1.77 +1.88 -1.69
Latstar -0.11 -1.12 +0.84 -1.47
APB2Ge -0.09 -24.6, -0.07 +0.66 -12
1C2starINN +0.02 -1.48 +1.49 -1.50

stitial C atoms with one of them placed in the defect’s adjacent plane. In other words, our

extensive study shows that C has a positive impact on the stabilization of large defects. It

is noteworthy that defects also cause changes in the lattice parameters and therefore in the
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cell volume. While Ge; leads to a significant expansion of ¢, C; decreases the volume and
induces only a small increase of c¢. Note that the calculations have been performed for free
standing compounds. Substrate effects were not taken into account here, which may affect
the in-plane lattice parameter value. Note also that the lattice parameters and volume for
APB2Ge are significantly changed with respect to the other structures. This comes from
the very high density of APBs used in the supercell that was considered here to keep a
reasonable defect size for simulation computing time, discarding any drawing of conclusions
and reliable comparisons with experiments. Interstitial C, and to a lesser extent Ge, have
been shown, via the DFT calculations, to realize stable structures with a negative forma-
tion energy. It can be shown that also the dynamic properties at finite temperatures are
affected by the interstitial atoms, resulting in a stiffening of the structure. For this purpose,
molecular dynamics (MD) atomic trajectories have been calculated within density functional
theory again using the VASP code. MD-DFT was carried out on cells of about 130 atoms
(corresponding to a 2 X 2 x 2 supercell) in an NVT (constant number of particles N, volume
V and temperature T) canonical ensemble with the temperature stabilized at 300K with a
Nos thermostat as implemented in the VASP code. A time step of 3 fs was used for a total
time of about 4ps. The position R;(t) of atom 7 at time ¢ was considered and the standard
deviation of the quantity R;(t)— R;(0) taken over the whole trajectory was calculated for the
base atoms and is collected in Table III. It is clear that the spread of the atomic positions
is reduced in the presence of interstitial C, suggesting a stiffening of the structure, which is
in excellent agreement with experiments where C is found to increase the Mns;Gez thermal

stability?7.

IV. RESULTS

A. Microstructure

Highly spatially resolved studies have first been performed to assess the proposed posi-
tion of C atoms when incorporated in MnsGes?!. HAADF-STEM combined with electron
energy loss spectroscopy spectrum imaging provides such information with a sub-nanometer
resolution. STEM images were similar for all the investigated samples. However, no contrast

was observed at the C-K edge for the pristine Mn;Ges thin film (not shown here). We there-
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fore focus here on a representative sample, i.e., with the nominal Mn;GesCy o composition.
Figures 4(a)-4(c) show the EELS elemental maps of the sample composition extracted from
the C K-edge, the Mn Lj s-edges, and Ge L s-edges, respectively. The contrast observed
in those maps is very high and clearly shows an inhomogeneous distribution of the three
elements. However, this effect is more pronounced for C for which a strong segregation is
observed even in thin films with low C concentration. Note that C-rich areas correspond to
Ge-depleted zones. A qualitative compositional analysis has been performed in the region
indicated by the red rectangle in Fig. 4(a) in which the Mn concentration is quasi-uniform.
Absolute atomic concentrations have been determined assuming a well-defined thickness and
elemental scattering cross sections and is presented in Fig. 4(d). C-rich zones are detrimen-
tal to the local Ge content. Interestingly, the presence of contrasted line defects are clearly
visible in the three maps along specific directions. They appear to be mostly composed of
Ge atoms with a quasi-null C concentration in their vicinity. It is worth noting that similar

contrasts have been observed in all the studied samples, even in the pure Mn;Ges layers.

The atomic arrangement in our films has been investigated using high-resolution HAADF-
STEM imaging in which each dot corresponds to the projected atomic columns, with its
brightness being related to the average atomic number over the whole projected column.
The hexagonal structure of MnsGejy is clearly visible in Fig.5(a). The atoms’ positions match
very well with the MnsGes structure, as depicted in the top left inset. Figure 5(b) shows

the corresponding electron diffraction pattern, which displays the coexistence of diffraction

TABLE III. Spread (d) of the atomic positions with respect to the initial values for various base
atoms (Mny, Mnj;, Ge and interstitial atoms) along the MD trajectories. Compounds without
(Mn5Ges) and with (Ge; and C;) defects have been considered. The error bar in parenthesis refers
to the variation of this value found over the different replicas of the base atoms in the supercell.
d@A) | dA) | dA)
MnsGes Ge; C;

Mn; | 0.09(2) | 0.10(1) | 0.07(1)
Mn;; | 0.10(1) | 0.10(1) | 0.08(1)
Ge  ]0.09(3)| 0.09(2) | 0.05(2)

Interstitial| - |0.0087(8)|0.0036(7)

12
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spots coming from the Ge(111) substrate and the overgrown MnsGes film®. The crystallinity
of the Mn;Ges sample is excellent. In addition, the difference between Mn;Ges and Ge(111)
lattice parameters is measured to be 3.4%. This value is near the 3.7% mismatch calculated
from the fully relaxed crystals®. This is consistent with measurements carried out from

cross-section TEM (not shown here) showing no perceptible in-plane strain.

Interestingly, the line defects are atomically resolved. Bright spots can be observed in
the octahedral 2b sites of the line, inducing an antiphase boundary as shown in Fig.5(c).
Crystals on either side of this line are related by a reflection, akin to twin crystals. As this
defect line connects adjacent octahedral positions, it is aligned along well-defined directions,
i.e., along the [100] and [010] crystallographic axes. Note that no atom fills the 2b positions
when the line defect passes from one direction to the other as pointed out by the green
arrows in Fig.5(a). STEM images (not all shown here) have been simulated from the line

defects described in Sec. III. Only the simulated image from the APB2Ge structure is in

13



good agreement with the observed defect as shown in Fig.5(d), which supports the existence
of this defect presenting a negative formation energy. However, the contrast of the atoms

in the 2b positions are more pronounced, suggesting a greater concentration of atoms than

the one used in our APB2Ge model.

FIG. 5. (a) High-resolution STEM-HAADF image of the crystal lattice viewed along the [0001]
direction (plan view of the basal plane) in a Mn;Ge3Co o layer. Line defects are visible. The top
left inset shows the overlaid MnsGes structure in which the Mn and Ge atoms are represented
by blue and green balls, respectively. (b) Electron diffraction pattern showing the high degree of
crystallinity. Both Ge(111) and MnsGes spots are observable. (¢) Zoom of an APB that acts as a

mirror in the crystal structure and (d) simulated image of a APB2Ge defect.

To shed light on the position occupied by C, atomic resolution elemental maps were
acquired using spatially resolved EELS. The results are displayed in Figs. 6(b)-6(d) for
C, Mn, and Ge, respectively and corresponds to the HAADF STEM image presented in
Fig. 6(a). Enlarged views of a typical area indicated with a dashed yellow rectangles are
presented in Figs. 6(e)-6(h) and compared to the simulations in Figs. 6(i)-6(k). The atoms
occupy well-defined sites corresponding to the Wyckoff /d and 6¢g for Mn and 6¢g for Ge,
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which is expected from the P63/mcm crystal structure®”. It is directly evidenced that C
atoms occupy the Wyckoff 2b position at the center of the octahedral void, which confirms

the proposed structure!®?22,

However, it is not possible from this study to infer if the C
atoms randomly fill the octahedral voids or, as suggested in ref.39, if they are incorporated
in a highly ordered manner.

The presence of C and Mn enriched areas can be observed with a light contrast tilted band
located almost in the middle of Figs. 6(b) and 6(c). The feature is much more pronounced
for C. Correspondingly, a dark contrast in Fig. 6(d) indicates a Ge-depleted zone. This is
consistent with Fig. 4(d) pointing out that C-rich zones correspond to Ge-depleted ones.

Interestingly, further insight into the chemical nature of the line defects discussed before
can be provided by this elemental analysis. Focusing on the line defect located on the right
side of Fig.6(d), we clearly see that Ge atoms constitute its skeleton. Placed in the octahedral

positions, they are associated with vacancies in the Mnjy; sublattice, which creates a C free

line defect.

FIG. 6. EELS elemental maps of the MnsGe3sCp 2 thin film: (a) STEM image and (b)-(d) corre-
sponding images at the C-K edge (284 eV), Mn Ly 3 edges (640 eV) and Ge Ly 3 edges (1217 eV);
(e)-(h) enlarged view of the region in the dashed yellow box and (i)-(k) corresponding simulated

images.

15



B. Structural and magnetic characterizations

To complement the localized investigation of the atomic structure performed by STEM, it
is very important to probe the films properties measured as an average on the macroscopic
scale. Figure 7(a) shows an XRD pattern of the pristine MnsGes thin film prepared by
SPE. The compound crystallizes in the Mn;Sis-type structure with space group P63/mem
as represented in Figs. 1(a) and 14(a). Only the Ge(111), Ge(333), MnsGe;(0002), and
Mn;sGe3(0004) Bragg peaks are visible. TEM measurements'® and 2D-XRD maps (not
shown here) confirm that the films are fully epitaxial. The ¢ axis of the hexagonal MnsGe;
phase is normal to the surface with the Ge(111)-[11-2] axis parallel to the Mn;Ges(0001)-
[1-10] one. No other phase is detectable by XRD in the range of C concentration considered
in this paper. Similar XRD patterns have been obtained for all the investigated C concen-
trations, apart from two characteristic features induced by carbon incorporation. From the
analysis of the patterns shown in Fig. 7(b), we first observe an increase of the full width at
half maximum of the Mns;Ges (0002) Bragg peak with increasing C concentration. This peak
broadening is assigned to an increasing local disorder upon C uptake as the film thickness is
similar for the various C concentrations. Interestingly, the position of the 0002 reflection is
also modified upon C uptake as displayed in Fig. 7(c). It is linearly shifted towards higher
26 angles up to x = 0.5, which corresponds to a maximum decrease of 0.9 % for the c lattice
parameter. Above the threshold concentration (z > 0.5), no further modification of the
¢ parameter is observed. Similar results have been observed in polycrystalline sputtered®
thin films and epitaxial structures grown by MBE using the low-temperature codeposition
technique”. Note that in all cases, the ¢ value is slightly lower than in the bulk material®”,
even for the pristine compound!%-284041 this feature being more pronounced in MnsGes films
grown by SPE. Interestingly, despite the 3.7 % in-plane lattice mismatch between MnsGes
and Ge(111), no residual in-plane strain is observed from cross-section TEM on our films
(not shown here). We believe that the film relaxation occurs via the formation of an array
of interfacial dislocations. Such a lattice accommodation between MnsGes and Ge(111) has

7,26,40

been reported in previous works where the in-plane a-parameter appears partially or

fully*? relaxed even for layers as thin as a few nanometers.

Besides its effect on the lattice parameters, the C incorporation in MnsGes is known

to significantly boost the Curie temperature that, in turn, becomes a key parameter to
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FIG. 7. (a) XRD pattern of a MnsGes thin film synthesized on a Ge(111) substrate. (b) Zoom
on the (0002) Bragg peak of the Mn;GesC, for different C concentrations z. (c) Shift of the

Mnj;GesC, (0002) Bragg peak as a function of the C content.

verify the C concentration of the films'®>. We have therefore measured the temperature

dependence of the magnetization for various C concentrations as shown in Fig. 8. We have
then determined Ty by fitting the M —T' curves using a phenomenological model that obeys
both the Bloch power law at low temperature and reproduces the critical behavior near
Te*3. This approach was successfully used in a recent work on sputtered Mns;GesC,, films*?.
However, in our case, the shape of the temperature dependence of the Mn5Ge3C,, films can
be well described by the above-mentioned model only in the pristine and highly doped films
as evidenced by the dashed lines in Fig. 8. For the intermediate C concentrations, the
theoretically sharp transition at T is smoothed over a large range of temperatures. We
have therefore considered T¢ as the inflexion point of the M — T curve that can be precisely
determined by plotting the local minimum in the magnetization derivative as a function of
temperature?®. For z = 0 and 0.9, the T values are very close to the ones extracted from
the fit using the above model and equal to 294 K and 435 K, respectively. However, for
intermediate C concentration, a broad minimum or even several features in the derivative
spectra are observed as shown in the inset of Fig. 8 for x = 0.5. Such a broadening of the
magnetic transition could also be observed in ref. 15 for lightly C-doped films. However, in
our case, this phenomenon is most probably accentuated by the longer annealing time and

crystallization process due to the significantly larger thicknesses of the present films and can

17



be explained by the inhomogeneous material composition as discussed in Sec. IV A. The film
can therefore be seen as a juxtaposition of areas with different magnetic characteristics that
are directly related to the local C concentration. In highly doped films, the C concentration
exceeding everywhere the critical value of x = 0.5, the magnetic behavior becomes again
more uniform through the film. Overall, despite the spread of magnetic local response in
several samples, we clearly note an increase of Tx with the increasing C concentration, up
to a maximum value of ~435 K for a C concentration of z = 0.5 and above, which is in very
good agreement with the previous studies®!®. However, the inhomogeneous distribution of C
raises the issue of its incorporation in Mn;Ges lattice. In the following, advanced techniques
sensitive to both the elements and their atomic local environment have been used to track
the C position and identify its genuine role in the structural modification and magnetic

properties.
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FIG. 8. Magnetization of C-doped MnsGes thin films for various C concentrations as function
of temperature. The magnetic field was 1 Tesla in plane, which corresponds to the magnetic
saturation of our films?3. Inset: Temperature dependence of the magnetization (triangles) and its
derivative (line) for the Mn;GesCyp 5 film. The vertical arrows indicate the several local minima

corresponding to various T¢ for z = 0.5.
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C. Local structure

1. Manganese K-edge EXAFS

The effect of C incorporation on the MnsGes matrix was explored by EXAFS at the
K edge of Mn. Measurements were carried out on a model sample of Mn;Ges, and sam-
ples MnsGe3C, with C doping x=0.5 and x=0.9. The EXAFS spectra are shown in Fig. 9
whereas the related Fourier transforms are presented in Fig. 10.

The data were analyzed by using a model of Mn;Ges following the crystallographic deter-

MngGes
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2 4 6 8 10 12
Photoelectron Wavevector k (A '1)

FIG. 9. EXAFS spectra collected at the Mn-K edge for different samples. Points: experimental
data. Lines: fits. The data for sample z = 0.9 were cut at 9.54~" due to the presence of a strong

and wide Bragg peak centered at k ~ 10.1A7!. The numeric results of the fits are then presented

in Table IV.

mination presented in ref. 37. Attempts to include Mn-C correlations (expected at about 2
A by the various DFT models) did not yield reliable results and were not further considered.
The theoretical EXAFS signals were generated using the Feff8.4 code®® and the fits were
carried out with the ARTEMIS code?”. Both Mn; and Mn;; sites exhibit a split first coor-
dination shell with a component at roughly 2.50-2.60 A (composed mostly of Ge neighbors,
peak a in Fig. 10) and the other at 2.95-3.02 A (composed mostly of Mn neighbors, peak
B in Fig. 10). The data were analyzed using a model considering both sites with the two

subshells. As free parameters, we used a global cell expansion factor (i.e. all the interatomic
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Magnitude of the FT (A %)

FIG. 10. Fourier Transform modules of the EXAFS spectra presented in Fig. 9. Points: exper-
imental data. Lines: fits. In all cases, the weighting factor is k? and the starting point of the
transform is k=3 A~!. Fitting was carried out in R space in the interval R=1.5-3.2 A. The main
coordination peaks are labeled with letters a (mostly Mn-Ge bonds) and 8 (mostly Mn-Mn bonds).

The numeric results of the fits are then presented in Table IV.

distances were scaled by the same factor in the fit) and different Debye-Waller factors o7 and
o3 for the two subshells. The bond multiplicities were those determined by the calculations.
Further common factors were the edge position Eg and the amplitude correction factor S3.
The most relevant results of the fit are shown in Table IV.

The EXAFS analysis suggests that the C incorporation maintains the base structure of the
cell as also shown by XRD and it has a very visible effect on the configurational disorder
of the second subshell that it is found to increase with respect to the pure material in the
C-doped samples. On the other hand, a small contraction of the interatomic distances is
detected with C addition considering the accuracy of the EXAFS analysis (about 1 %). The
DFT simulated structures of Table II are fairly compatible with this finding (contraction or
stability of the dominant Mn-Ge bond) as shown in Fig 11.

No direct Mn-C bond was detected in the Mn K-edge EXAFS spectra thus. To retrieve

some hints on the site of C, an analysis of the XANES spectra was carried out.
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FIG. 11. Variation of the distance Rsnge in C-doped samples with respect to the undoped material
as derived from the XAS analysis in experimental data and from the geometrical analysis in ab

initio calculated structures of Table II.

2. Carbon K-edge XANES

To determine the incorporation site of C in the matrix, the XANES experimental data

at the Carbon-K edge were compared with the simulations of the spectra for the C; and

TABLE IV. Quantitative results of the analysis of the EXAFS data shown in Figs. 9 and 10 . In
each case, the relative expansion variation is relative to the undoped sample. Errors in the last

figure are indicated in parentheses; for variations the error bar is 1% absolute.

Sample | Ryrnge (A)|Variation (%)| o2 A? | Rarnan(A)|Variation (%)| o3 A2
MnsGes [37)|  2.588 0.6 . 2.528 0.6 ;
- - 3.056 0.6 -

MnsGes | 2.57(2) 0.004(1)| 2.51(2) 0.004(1)

3.04(2) 0.013(3)

x=0.5 2.56(2) 0.7 ]0.005(2)] 2.50(2) 0.7 |0.005(2)

3.02(2) 0.7 ]0.022(9)

x=0.9 2.53(2) 1.8 [0.005(5)] 2.47(2) 1.8 [0.005(5)

2.99(2) 1.8 0.02(2)
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C; 4+ Vanrr structures plus various Mn carbides®®. Since ref.15 has evidenced the formation
of clusters at high carbon content, the analysis is divided in two parts: low- (£<0.5) and
high- (z~ 1) C concentration. The XANES simulations were carried out with the FDMNES
code® on clusters with radius Rxanps = 7.5 A (150 atoms on the average) using the muffin

tin approximation. The results for the low-concentration data are collected in Fig. 12. In

I
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J\’\—/M 2C2Star1nn
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APB2Ge

1C2Starinn

Normalized absorbance

x=0.2

—x
280 285 290 295 300 305 310
Energy (eV)

FIG. 12. Carbon-K edge normalized XANES of sample x = 0.2 compared with the spectra sim-
ulated starting from the DFT structures. The markers y, § and e label the main features of the

spectra.

this case, only a qualitative analysis has been carried out. The splitting of the main line at
285 eV is present in all the spectra, more marked in C;, 2APB2Ge and latstar. Note that
these structures are also compatible with the EXAFS data as shown in Fig. 11.

In the case of high C concentration, we note a slightly higher spacing for the peaks n-¢
(Fig. 13, 1.7 V) with respect to the low-concentration case d-¢ (Fig. 12, 1.5 eV) and a lower
spacing between the peaks v-n (Fig. 13, 5.0 eV) with respect to the peaks x-d (Fig. 12, 7.2
eV). This demonstrates that a different structure is formed at high carbon concentration.
For what concerns the possible structure for the aggregates, it is reasonable to rule out both
Mn;C3 and Mn;C, as the relative contribution of the 1 and ¢ height values are opposite to
what is observed in the sample. On the other hand, the experiment is in good agreement
with the Mny3Cg when considering the peak relative heights of n and ¢ and positions of all
n, @, and vy peaks.
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FIG. 13. Carbon-K edge normalized XANES of sample z = 0.9 compared with the spectra simu-
lated for compounds Mn;C3 (ICSD-69534), Mn;Cy (ICSD-69535), MngsCs (ICSD-69536)8. The

markers ¢, 1, and v label the main features of the spectra.

V. DISCUSSION

A. Pristine Mn;Ges layers

As a reference, we first discuss a MnsGes thin film sample. The STEM-EELS analysis
indicates the presence of Ge-rich defects, even in C-free thin films (not shown here). It
is worthy to emphasize that a Ge excess with respect to the stoichiometric Mn:Ge ratio
has already been observed using Rutherford backscattering spectrometry in thin films also
grown by SPE on a Ge substrate!. The latter work also points out a large dislocation
density. However, defects in Mn;Ges have not been specifically considered and studied
yet. From the DFT simulations presented in Sec. III, the overabundance of Ge in Mn;Ges
may be assigned to structural defects in the bulk material. Two kinds of defects with
negative formation energy have been identified. Both include interstitial Ge atoms located
in the octahedral voids and therefore, induce an excess of Ge compared to the stoichiometric
compound. Whereas single interstitial Ge atoms cause a considerable increase of the unit
cell volume (+5.6%), the very same defect associated to a vacancy of Mn;; leads only to
modest lattice parameter modifications with, moreover, a lower associated formation energy.

Although our STEM-EELS analysis does not fully corroborate the existence of the latter
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defect, it confirms the presence of Ge atoms in interstitial 2b positions in the Mn-depleted
line defects. The latter have been identified as APB, which is supported by DFT calculations
and STEM simulations. Although a full study of these defects is beyond the scope of the
present paper, our simulations stress the important role of the combination of interstitial
Ge atoms with Mnj; vacancies.
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FIG. 14. (a) Schematic view along the c-axis of the hexagonal MnsGes structure. (b) Represen-
tation of the coherent epitaxy of Mns;Ges film onto Ge(111) substrate. Mn; atoms are placed in
specific H3 sites of the Ge surface®. The columns of octahedral voids formed by Mn;; atoms are
located above the remaining Hs positions and act as Ge diffusion channels (represented here in

yellow).

It is worth noting that the active sites for binding the interstitial atoms (C or Ge) form
linear chains of octahedral voids that are parallel to the second backbone of the MnsGes

structure, i.e., the Mn; chains as shown in Fig. 14(b). According to a study on the first
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stage of Mn deposition on Ge(111)%°, Mn atoms first replace Ge adatoms and then shift to
well-defined neighboring Hs sites that are believed to initiate the Mn; linear chains?®. Two
out of the three Hj sites are occupied by Mn atoms as pictured in Fig. 14. Note that Mn
diffusion coefficients in Ge are close to Ge self-diffusion®*. Little diffusion of Mn into the
Ge substrate is therefore expected. However, atomic transport during phase formation is
quite fast in MnsGes, even in crystalline thin films®? in which the diffusion path cannot be
attributed to grain boundaries as in polycrystalline layers®. All these findings suggest the
existence of an effective diffusion route taken by the Ge atoms during the Mn;Ges SPE on
Ge(111). The chain of voids that are located above the remaining Hj sites may act as a
privileged diffusion channel for Ge to diffuse out of the substrate through the Mn;Ges film
and react with Mn until its total consumption®. Our DFT calculations do not address such
kinetics, but the presence of Ge-rich defects and their position within the MnsGes lattice

give insight into the probable formation process of Mn;Ges by SPE.

B. Mn;GesC, layers

Similarly to the pristine compound, DFT calculations indicate that thermodynamically
stable defects in Mn;Ge3C, are located along the chains of octahedral cavities. The lowest
formation energy is found when the C atoms occupy one of the two available 2b positions
in all the unit cells, corresponding to z = 0.5. Interestingly, our calculations reveal that the
standard deviations of all the atomic positions in the considered cell reach a minimum in
this configuration. In other words, Mn5;Ge3Cy 5 is a stable ternary alloy and in this respect,
is very similar to interstitially stabilized Nowotny phases?. This agrees with experimental
findings in which the domain of thermal stability of the Mn;Ge3C, phase spreads over a
significantly wider temperature range than the pristine compound?”.

The presence of interstitial C atoms partially explains the decrease of c-lattice parameter
as highlighted by our DFT calculations that show a decrease of 0.6% in the Mn;Ge3Cy 5 unit
cell volume with respect to the pure compound. Note that in our thin films, the in-plane
parameter variation is constrained by the presence of the substrate. The cell contraction
translates into a decrease of ¢ unlike the free standing DFT calculations. We have also
identified Ge-rich line defects. The depletion of C at these APBs could be explained by

a local change in the stacking sequence at the boundary, creating a local packed structure
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with low C solubility. It results in a significant reduction of the average structure volume.
Further studies of the line-defects network as a function of C concentration may clarify
the role played by the dislocations in the lattice relaxation. A mixed scenario combining
C; defects and APB may be envisaged and would result in the present unit cell volume.
Note that the reduction of the lattice parameters upon C uptake has been observed in other

2054 Note also that moving from the 'Ge;

types of interstitially stabilized Nowotny phases
+ Vi,  structure in Mn;Ges to the 'C;” one in Mn;GeszC, would be sufficient to explain
the variation of out-of-plane lattice parameter.

The DFT simulations also indicate that the incorporation of a second C atom in a unit
cell leads to a positive formation energy (+0.2 eV). This is in excellent agreement with the
work of Spiesser et al. in which a concentration over z = 0.6 leads to the formation of clusters
of manganese carbides but its exact nature could not be identified up to now!. Although
the HR-STEM characterization did not evidence any specific carbide signature in our case,
the XANES measurements at the C-K edge of the highly carbon-doped MnsGes thin films
indicate strong similarities with Mng3Cg. Therefore, the C-rich samples present a complex
local structure with Mng3Cg well-defined atomic bonds. Similar stable phases, though not
fully formed, have already been reported in the Mn-Ge system®. The formation of MngysCg
is consistent with the Mn-C phase diagram where it is the first phase to appear from a
Mn-rich compound. Furthermore, the temperature during the sample growth is compatible

with this Mn carbide formation and its thermal stability®®.

VI. SUMMARY

In this paper, we have investigated the growth of Mn;GesC, as a function of C con-
centration using SPE. The C doping is an efficient tool to tune the magnetic properties of
this compound. However, its incorporation into Mns;Ges was not fully understood yet. The
structural properties of the MnsGe3C, thin films have therefore been systematically studied
using a multiscale approach by using various advanced characterization techniques includ-
ing XRD, EXAFS, XANES, STEM and EELS. Our results were systematically compared
to DFT calculations. With the aim of describing the defects observed experimentally, we
screened a wide range of defects in Mn;Ge3C, exhibiting low formation energy. The results

are summarized as follows:
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(a) The active sites for binding the interstitial C atoms have been experimentally iden-
tified. C atoms are located at the center of the octahedral voids of the MnysGes cell. DFT
calculations support this result and draw an upper limit of occupancy to one out of the two
sites per unit cell. The simulations are also consistent with the experimental observation of
the reduction of the unit cell volume. This experimental finding indisputably confirms the
C interstitial position that was considered in the magnetic properties’ calculations, which
ascertains our understanding of the enhancement of the magnetic order: hybridization be-
tween Mnll and C atoms takes place, which strengthens the exchange interaction between
MnlI atoms and thus, boosts the Curie temperature.

(b) Elemental diffusion that is inherent to the SPE process plays a crucial role in the
compound formation and its magnetic properties. Here, we have observed a competing
behavior between Ge and C atoms, leading to an inhomogeneous elemental distribution of
Ge and C. This is to be correlated to a broad magnetic transition because of a presumed
distribution of local Curie temperatures within the thin films. The use of a low-temperature
codeposition technique should significantly improve the C distribution homogeneity and thus
lead to more abrupt magnetic transition.

(¢) In C-rich thin films, Mny3Cg carbides have been identified as the most probable phase
containing the excess of C.

(d) Line defects have been imaged in this compound. They are mainly constituted of Ge
atoms placed in the supposedly octahedral positions, inducing an antiphase boundary. In
addition to inducing stress relaxation, these defects most probably act as diffusion channel
for Ge atoms coming from the substrate to diffuse through the forming Mn;Ges layer and
react with the remaining Mn layer until its entire consumption, which makes SPE an effective
process to form MnsGes.

In summary, this paper provides a comprehensive picture of the structure of MnsGezC,
thin films grown by solid phase epitaxy, which is essential for optimizing their magnetic
properties. From a more general point of view, it illustrates the intimate interplay between
growth process, the presence of different phases and defect formation, and the resulting

physical properties.
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