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DŝƌĞĐƚ TEM ŽďƐĞƌǀĂƚŝŽŶ ŽĨ ɲͬɶ ŝŶƚĞƌĨĂĐĞ ŵŝŐƌĂƚŝŽŶ ĚƵƌŝŶŐ ĐǇĐůŝĐ ƉĂƌƚŝĂů ƉŚĂƐĞ 

transformations at intercritical temperatures in an Fe-0.1C -0.5Mn alloy. 

J Nutter(a), H Farahani(b), W M Rainforth(a), S van der Zwaag(b) 

a) Department of Materials Science and Engineering, University of Sheffield, Western Bank, 

Sheffield S10 2TN, United Kingdom. 

b) Faculty of Aerospace Engineering, Delft University of Technology, Kluyverweg 1, 2629HS 
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Abstract 

The kinetic behaviour of austenite/ferrite interfaces in a low carbon ʹ 0.5 mass% Mn 

containing steel during Cyclic Partial Phase Transformation (CPPT) experiments has been 

investigated using hot stage Transmission Electron Microscopy (TEM). Individual interfaces 

were observed to display behaviour typical of CPPT experiments as recorded in macroscopic 

ĚŝůĂƚŽŵĞƚƌǇ ĞǆƉĞƌŝŵĞŶƚƐ ĂŶĚ ĚĞŵŽŶƐƚƌĂƚĞĚ ŝͿ ƚŚĞ ͞ŶŽƌŵĂů͕͟ ŝŝͿ ŝŶǀĞƌƐĞ ƚƌĂŶƐĨŽƌŵĂƚŝŽŶƐ ĂŶĚ 

iii) a stagnant stage in which the interface migrates at a very low velocity as a result of the 

interface passing through a Mn enriched zone due to the preceding transformation. The 

length of the stagnant stage determined from the TEM observations shows excellent 

agreement with that measured from dilatometry and kinetic modelling, whilst the distance 

migrated from the interface shows some disparities which are primarily attributed to 

differences in assumptions about grain geometry and nucleation. No special interface 

features were observed when the interface changed direction and passed through the 

previously Mn-enriched zones. General observations on the interaction of the transformation 

interface with microstructural features are also reported. 

Keywords: in situ Transmission Electron Microscopy, Phase Transformations, Ferrite Growth, 

Austenite, Steels. 
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1. Introduction 

The solid-state phase transformations which occur during thermomechanical processing of 

relatively lean construction and automotive steels are key to the production of different 

microstructures and therefore different mechanical properties in the final product [1,2]. 

Hence understanding the kinetics of these transformations has attracted significant research 

interest for many decades [3-8]. The nucleation and growth of ferrite (ɲ-phase) from the 

parent austenite (ɶ-phase) is a key transformation to understanding phase transformations in 

steels, with the actual growth kinetics found to be intermediate between two limiting cases 

ʹ diffusion controlled and interface controlled growth, with the rate limiting factor being the 

diffusion of alloying elements away from the transformation interface and the intrinsic 

mobility of the interface itself respectively [9-11].  The actual rate of interface migration is a 

function of the temperature and the transient enrichment of substitutional alloying elements 

at the moving austenite-ferrite interfaces [3]. 

Since in the usual isothermal and isochronal transformation studies the effects of (continued) 

nucleation and (simultaneous) growth cannot be separated and the effect of element 

partitioning on the interface mobility cannot be determined accurately, recently the concept 

of cyclic partial phase transformations (CPPT) has been used to investigate partitioning phase 

transformations in Fe-C-M and Fe-C-Mn-X alloys using modelling and experiments [12-20]. 

During a cyclic partial phase transformation experiment the temperature is cycled between 

two temperatures, T1 and T2͕ ďŽƚŚ ǁŝƚŚŝŶ ƚŚĞ ɲнɶ ƉŚĂƐĞ ƌĞŐŝŽŶ ΀ϭϰ΁͘ UƐŝŶŐ ƚŚŝƐ ĂƉƉƌŽĂĐŚ͕ ƚŚĞ 

effect of nucleation, which is difficult to measure experimentally [14], can be excluded from 

an analysis of the kinetics as the transformation only progresses through the migration of 

already existing interfaces [13,21]. Secondly, in a CPPT experiment it is much easier to 
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unambiguously allocate the interface kinetics to the local interface conditions present, which 

in itself is a function not only of the steel composition (in particular the Mn concentration as 

Mn has a high partitioning coefficient and can affect the effective interface mobility 

significantly [15]) and also of the thermal history. 

While the results of conventional dilatometry during CPPT in terms of interface behaviour and 

kinetics can be analysed based on relatively simple and undisputed assumptions regarding 

the initial and transient grain structures, and assuming all grains behave more or less 

identically, understanding the mechanisms responsible for the transformation stages can be 

informed by direct observation of the motion of individual interfaces during the various stages 

of the CPPT transformation and recording the changes in interface velocity and interface 

character (if any). 

Previously, hot stage TEM experiments have been used to successfully observe 

transformation behaviour in steels during the austenite to ferrite or ferrite to austenite [22-

25], austenite to bainite [26, 27] and austenite to pearlite transformations [28] under 

continuous cooling or heating or isothermal conditions. Interfaces were observed to 

continuously change in character (from clearly incoherent to likely to be coherent) along the 

moving interface and to interact with microstructural features and suggested that interfacial 

structure may influence the mobility of the interface, however, in the previous TEM 

experiments the interface motion observations were only qualitative linked to the 

macroscopically determined transformation kinetics. 

Adapting CPPT experiments for in situ hot stage TEM experiments allows the direct 

ŽďƐĞƌǀĂƚŝŽŶ ŽĨ ƚŚĞ ďĞŚĂǀŝŽƵƌ ŽĨ ŝŶĚŝǀŝĚƵĂů ɲͬɶ ŝŶƚĞƌĨĂĐĞƐ ĚƵƌŝŶŐ ĐǇĐůŝĐ ŚĞĂƚ ƚƌĞĂƚŵĞŶƚ͘ IŶ 

particular, this makes it possible to investigate in greater detail the interface behaviour and 
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morphology immediately before, during and after the stagnant stage, this being the most 

discriminating feature in the CPPT concept and the feature affected most strongly by local 

substitutional element concentrations. 

2. Experimental 

2.1 Materials Examined 

The composition of the steel used in this study was Fe-0.0848C-0.47Mn (mass%), with the full 

composition given in table 1 below. This steel was selected as it has been used most 

extensively in the original and later CPPT experiments and showed clear manifestations of the 

normal, stagnant and inverse transformations under a wide range of cycling conditions [16-

18].  The initial microstructure consisted of a mixture of allotriomorphic, Widmanstätten and 

bainitic ferrite. Machined 5 mm x 10 mm cylindrical specimens suitable for dilatometry were 

sectioned along the cylinder axis and mechanically thinned to 100 µm. 3mm discs were 

punched out from this material and electropolished using a Struers TenuPol-5 

electropolishing unit at -40°C with a 5% Perchloric Acid, 35% 2-Butoxyethanol, 60% Methanol 

Solution. Specimens with a smooth central perforation and large electron transparent region 

were selected for use in the TEM experiments. 

C 

0.848 

Mn 

0.47 

Si 

0.03 

Al 

0.02 

B 

<0.0003 

S, N 

<0.001 

O 

0.0017 

Fe 

Balance 

 

Table 1: Table of composition of the materials used in the TEM and dilatometry experiments 

(all in mass%). 
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2.2 Dilatometry 

To guide the setting the right temperature and cooling and heating conditions for the in-situ 

transformations in the TEM and to link the observations of individual interfaces to 

macroscopic behaviour, companion dilatometry experiments were performed. To this aim, 

cylindrical specimens were heat treated using a DIL 805D dilatometer, in vacuum. The 

temperature difference across the specimen was monitored by spot welding thermal couples 

at the end and centre of the sample. For reliable and accurate measurements, only those 

measurements for which the temperature difference between the two thermocouples was 

less than 3°C were used. 

2.3 In Situ Hot Stage TEM 

Hot stage TEM was carried out in a JEOL JEM 3010 UHR TEM operated at 300kV, with a LaB6 

filament, in spot size 1. The hot stage was a GATAN model 628 single tilt heating holder, with 

a model 628.09J water re-circulator. The heat treatment was programmed using Python with 

the PySerial library. This used the SMART heating mode to adjust the temperature at regular 

intervals, whilst simultaneously collecting the measured temperature from the holder. A 

typical example of the thermal cycle yielding the most informative TEM observations is shown 

in figure 1 below. The heating and cooling rates were ±8.6°C/min, and T1 and T2 were selected 

as 790°C and 840°C respectively. Extensive preliminary experiments were conducted to 

determine the mismatch between the actual sample temperature in the field of view and the 

temperature setting of the specimen holder [29]. These indicated that there was a 130oC 

temperature difference between the specimen temperature and that measured by the 

thermocouple. However, since the stagnant stage length is dependent on heating/cooling 

rate, we are confident that the relative temperatures measured during successful thermal 
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cycling are accurate, due to the close match (discussed below) between the TEM observations 

and bulk experiment. 

 The transient TEM images from which the interface migration was derived were recorded 

using a TVIPS camera attached to the JEOL 3010 operating with a 100 ms exposure time. 

Recordings were started some time before the expected occurrence of the first step in the 

transformation and were continued for three heating and cooling (T1-T2-T1) cycles or as long 

the interface could be followed. If necessary, the sample was repositioned with respect to the 

beam in order to keep track of the moving interface or to shift to relevant features in its 

vicinity. To have the right balance between resolution and tracking of the moving interface a 

low magnification of 4,000 times was applied resulting in a field of view of 5.8 x 5.8 µm. The 

uninterrupted recording times ranged from 40 to 60 minutes.  A total of five specimens 

underwent the heat treatment. Three specimens were successfully cycled in the two-phase 

region, whilst the two remaining specimens became fully austenitic in the electron 

transparent region on heating to T2 and these latter observations were deemed invalid as 

there must have been a clear mis-recording of the actual specimen temperature, probably as 

a result of non-representative thermal contact between the holder and the sample. 
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Figure 1: Temperature against time for the imposed heat treatment, with the start and finish 

temperatures of the two-phase region, determined using Thermo-Calc indicated. 

2.4 Video analysis 

The two phases of interest, austenite and ferrite, were distinguished both during TEM operation 

and from analysis of the video after the thermal treatment. To determine the phase present on 

either side of the interface in a more objective manner rapid selected area electron diffraction 

measurements were made at relevant stages of the thermal cycle and these were recorded on 

the video as well. After the experiment, still frames from the video were sampled at intervals with 

a particular focus on extracting the position of the interface. Automatic alignment of these frames 

was carried out using the Linear Stack alignment with SIFT plugin for the FIJI is Just ImageJ (FIJI) 

software and manually with the GNU Image Manipulation Program (GIMP) using any immobile 

feature in the frames as a reference. Interface velocities were determined by measuring the 

distance travelled more or less normal to the interface migration between frames. Where 

appropriate this was done for a single observed section of interface at regular intervals of 500nm 

and these measurements were used to calculate standard errors. 

2.5 Kinetic Modelling 

Kinetic modelling was performed using DICTRA [30] with the MOBFE2 and TCFE8 databases. 

A composition of Fe-0.0848-0.47Mn was used and the heat treatment was selected to match 

the T1 and T2 temperatures and the heating/cooling rates achieved in the TEM experiments. 

In the calculations two austenite region sizes of 25 or 40 µm were used, representing 

austenite grain sizes of 50 and 80 µm respectively. 

3. Results  

3.1 Dilatometry and Kinetic Modelling 
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Figure 2 shows the length change against temperature for during thermal cycling using 

dilatometry. Characteristic features of CPPT experiments, the inverse transformation and 

stagnant stage [12,13], as well as the normal transformation are visible and marked in the 

curves of figure 2(a). 

A first approximation of the ferrite volume fraction against temperature is shown in figure 

2(b). This was obtained using the Lever rule. Some caution is necessary interpreting the 

resulting estimates for the ferrite fraction because the steel is a ternary alloy (i.e. theoretically 

the Lever rule does not apply) and because the curve is not a closed loop with some 

transformation plasticity visible during thermal cycling. This volume fraction was used to 

estimate the interface position and velocity under assumed cubic and spherical geometries 

as shown in figure 2(c-f). The velocity is related to the change in volume fraction by equation 

1 [31-34]: 

dfɲ/dt = 3(N*g)1/3(1-fɲ2)vɲarctanh2/3(fɲ)       (1) 

Where N* is the nuclei density (based on a ferrite grain size of 40 ± 2.2 µm, determined using 

the standard linear intercept method), g is a geometry factor (g=1 for cubic and g=4ʋ/3 for 

spherical geometry), vɲ is the interface velocity and fɲ ferrite volume fraction. 
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Figure 2: (a) Length change against temperature during thermal cycling, with the normal and 

inverse transformation and stagnant stage indicated with blue, green and red arrows 

respectively,  (b) Ferrite volume fraction against temperature, (c) Interface position against 

temperature assuming spherical geometry, (d) Interface position against temperature 

assuming cubic geometry, (e) Interface velocity against temperature assuming spherical 

geometry and (f) Interface velocity against temperature assuming spherical geometry. The 

interface velocity is negative for the ferrite to austenite transformation. 

Figure 3 presents the results of DICTRA simulations given the same applied heat treatment. 

The predicted migration distances with 25 µm and 40 µm austenite grain size are 6.3 and 8.7 
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µm respectively. These values are intermediate between the estimated 5.6 and 9.0 µm based 

on interpreting the dilatometer data using a spherical and cubic grain shape estimate. 

 

Figure 3: Predicted interface position against temperature for a 25 µm austenite region and a 

40 µm austenite region. 

3.2 TEM Observations 

Figure 4(a) and 4(b) shows the interface position and interface velocity against temperature 

for the most complete set of interface observations presented in this paper, which are 

representative of the other, less complete, observations of interface motion across multiple 

cycles and specimens, with a total of 4 interfaces followed. The presence of the inverse 

transformation and stagnant stage are clearly apparent in the curve. The total migration 

distance by interface 2 over the course of the cycle is 19.4 µm, with the average stagnant 

stage length across all three cycles estimated to be 15°C (119 seconds) during cooling and 

16°C (127 seconds) during heating. 
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Figure 4: (a) Interface position against temperature, (b) Interface velocity against temperature 

as determined for the TEM observations and (c) Interface velocity against temperature for the 

austenite to ferrite transformation comparing the TEM observations (left hand axis) and 

dilatometry (right hand axis). The interface velocity is classified as negative for the ferrite to 

austenite transformation. 

The interface velocity behaviour differed on heating and cooling. During heating there was a 

sustained increase in velocity during the normal transformation. Although the maximum 

measured velocity of 700 nms-1 occurred at 834°C, this was associated with the rapid 

movement of a migrating triple boundary. Measurements of this kind are relatively localised 

and not necessarily representative of the behaviour of all existing interfaces and are likely to 

be averaged out when using techniques such as dilatometry. Therefore, the assumed peak 

for the comparison with bulk data is considered to be at the maximum temperature of the 

cycle, 838°C, and to have a value of 300 nms-1. Averaged across 3 cycles the peak velocity was 

220 nms-1 (with a standard deviation of 70 nm) occurring at 838oC. 
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On cooling there was a rapid acceleration of the interface, reaching a peak velocity of 500 

nms-1 at ~814°C. Continued cooling lead to a sustained decrease in interface velocity until the 

minimum temperature of the cycle, 791°C, was reached. This behaviour was also found for 

other cycles/interfaces, as shown in figure 4(c), where it is compared with the velocity 

estimated from dilatometry (assuming cubic geometry) and shows good agreement in the 

peak temperature between TEM and bulk observations. The same peak velocity was 

measured for another interface which could be tracked successfully during this stage of the 

transformation. 

The interface was captured during the normal and inverse transformations as well as during 

the stagnant stage. One feature of the interfaces under observation was that there was 

sometimes a tendency for interfaces between an adjacent ferrite and austenite grain to 

become segmented. Segmentation is used to describe observations for which the interface 

between a single austenite and a single ferrite grain displayed distinct regions of differing 

morphology, i.e. the interface between two grains could therefore display both straight and 

curved morphologies at different points along its length.  This was most commonly seen when 

there were large numbers of twins in the austenite and was particularly pronounced when 

the twin boundaries intersected with the austenite-ferrite interface. Segmentation of this 

type can be seen in figure 7(a) where the twin boundary intersects the interface (blue arrow) 

and separates curved and straight segments of ɲͬɶ ŝŶƚĞƌĨĂĐĞ͘ 

During the normal transformation stage, when the migration is relatively rapid, the interface 

morphology was observed to evolve continuously with the interface shifting between a 

straight, curved or a wave-like structure.  In contrast, the interface displayed a more stable 

morphology during the stagnant stage. During this period the observed morphology was 
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typically straighter or more monotonically curved. Figure 5 shows a montage of the austenite-

ferrite interface at the end of the stagnant stage and immediately after the start of the normal 

transformation. The predominantly (but not perfectly) straight interface became visibly more 

wavelike as stagnant stage ended and the normal ferrite to austenite transformation 

commenced.  

During the so-called stagnant stage, the interface was not observed to become completely 

stationary for any significant length of time. Instead, the interface continued to migrate 

slowly, and during cooling the migration direction reversed, over the course of the stagnant 

stage. During the stagnant stage the total distance travelled by the interface plotted in figure 

4(a) was 0.5 and 1.1 µm respectively for heating and cooling respectively. Averaged across 

the three cycles, the migration distance was 0.8 ʅm for heating and 1.0 ʅm for cooling. For 

the interface plotted in figure 4(a) the interface migration reversed slightly during cooling so 

the difference in position between the start and end of the stagnant stage was only 0.2µm.  

More generally, the observations showed that where the position could be correlated across 

cycles or part of the cycle, the interface occupied approximately (but not exactly) the same 

locations at the temperatures corresponding to the start of the inverse transformation and 

the start and end of the stagnant stage. This indicates that there was reasonably good 

reversibility of the interface across cycles, as has also been deduced on the basis of 

dilatometric data [17,18] and lower resolution Scanning Laser Confocal experiments [19]. 

There were some broad similarities in interfacial structure between cycles with the 

differences primarily attributable to either differences in the location and density of twin 

boundaries near the interface in the austenite grain or the differences at points were multiple 

grains of the growing phase met. This is illustrated in figure 6 which shows the same length 
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of the interface at equivalent stages of the cycle (in this case, the start of the normal austenite 

to ferrite transformation) for all three cycles. The curvature of the interface can be seen to be 

inverted in 6(a) compared to 6(b) and 6(c) due to the presence of twin boundaries behind the 

interface. 

 

Figure 5: Composite of bright field TEM images of the interface at (a-c) the end of the stagnant 

stage (814°C) and (d-e) after the normal transformation had begun (822°C). Black arrow 

indicates features immobile between (b) and (d).  

In figure 7, part of the ferrite to austenite transformation is shown. Several features of the 

observed migrating interface are illustrated here. First, as noted above, the austenite grain ɶ1 

contains a twin boundary which intersects with the interface as in figure 7(a). There is an 

apparent change in the morphology of the interface at this point with a smoothly curved 

upper section of the interface clearly distinguishable from the straight section on the lower 
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left side. As the interface migrated, grain ɶ2 grew only slowly (potentially due to shape 

constraints), resulting in the elimination of the interface between ɶ2 and ɲ1 due to the growth 

of the adjacent austenite grains. Another noteworthy feature of the behaviour was the 

changes to the grain boundary topology between the ferrite grains, ɲ1 and ɲ2. Between figure 

7(a) and 7(b) the migration of the ɲ2-ɶ3 interface appeared to induce an abrupt change in the 

curvature of the boundary in the region immediately ahead of the transformation interface. 

It was not uncommon to observe changing grain boundary structure ahead of, or behind, the 

ɲ-ɶ interface during thermal cycling. In cases where a migrating triple point was observed, 

competition was seen between the two grains of the growing phase, resulting in the lateral 

displacement of the triple point and the rapid movement of incoherent grain boundaries to 

accommodate this displacement. At the end of the illustrated period, all of the four remaining 

grains (two austenite and two ferrite) formed a single junction, which was only maintained 

for a short period of time.  

One unusual aspect of the migration behaviour, intrinsically not detectable from dilatometry 

data, was localised acceleration of the interface when two interfaces came into close 

proximity. An example of this process is shown in figure 7, where the acceleration rapidly 

eliminated the remaining ferrite with a zip-like motion. The phenomenon of localised 

acceleration of interfaces for meeting interfaces has also been observed in recent EBSD 

experiments [35], however, in this case, the curvature of the interface may have also 

influenced the behaviour. 
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Figure 6: Bright field TEM of the interface at the beginning of the normal austenite to ferrite 

transformation for each cycle (a) at 1065.7 seconds, with the presence of a complex twin 

structure behind the interface (820°C) (b) 1749.1 seconds (821°C) and (c) 2435.1 seconds 

(823°C). 

Dislocations were observed in the ferrite during interface migration and typically were 

observed to migrate towards and annihilate with both the ɲ/ɶ interface and nearby grain 

boundaries. In general, freshly emitted or pre-existing dislocations were not observed in the 

austenite grains during thermal cycling. However, this may not indicate the absence of 

dislocations in the austenite, only that they were not visible under prevailing contrast 

conditions. 

Other dislocation behaviours were also observed. On one occasion dislocations which had 

been moving ahead of the interface were seen to coalesce and form a structure similar to a 
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low angle boundary in what had previously been a single ferrite grain. This process is shown 

in figure 8. 

 

Figure 7: Bright field TEM of the interface migration during the ferrite to austenite 

transformation (a) at 708.3 seconds (811°C) (b) at 740.1 seconds (816°C) (c) at 751.9 seconds 

(818°C) (d) at 756.9 seconds (819°C) and (e) Showing the time-temperature position of each 

frame. Vertical lines, from left to right, indicate the time depicted in frames (a)-(d). Black 

arrows indicate common positions between frames as the stage was moved. 
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Figure 8: Bright field TEM of the alignment of dislocations ahead of the moving interface 

during the ferrite to austenite transformation (a) at 2242.8 seconds (832°C) (b) at 2244.8 
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seconds (832°C) (c) at 2247.8 seconds (833°C) (d) at 2250.7 seconds (833°C) and (e) showing 

the time-temperature position of each frame. Vertical lines, from left to right, indicate the 

time depicted in frames (a)-(d). Black arrows indicate the position of an immobile ferrite grain 

boundary, blue arrows indicate a region with a high density of dislocations. 

4. Discussion 

The transformation behaviour during a CPPT treatments on a Fe-0.1C-0.5Mn as derived from 

dilatometric results was almost perfectly reproduced in the in-situ TEM observations of 

individual moving interfaces and the distinct transformation stages associated with CPPT heat 

treatments could be identified. On initial cooling the expected, normal transformation from 

austenite to ferrite was observed. Immediately after reaching the lower T1 temperature, 

when heating of the specimen began, the austenite to ferrite transformation was observed 

to continue for a short time ʹ the so-called inverse transformation. Subsequently, there was 

a period in which the interface moved only slowly, without ever becoming completely static, 

which continued on heating, and this corresponds to the stagnant stage identified from 

dilatometry. The same process can be observed for the ferrite to austenite transformation. 

This further confirms the results of Chen et al. [17,19] that distinctive CPPT behaviour is the 

result of the behaviour of individual interfaces.  There is good almost quantitative agreement 

between the behaviour of the interface in the TEM and that derived from dilatometry. 

Chen et al. [15] estimated the effect of nominal Mn concentration on the duration of the 

stagnant stage as 35°C per mass% Mn, by modelling the behaviour of Fe-0.02C-XMN (X= 0.1, 

0.2, 0.3) during cyclic partial phase transformations at a heating and cooling rate of 10°C/min, 

close to that used in the present experiments. For a 0.5Mn steel this would correspond to a 

stagnant stage of 17.5°C. Using the data of Chen et al. to adjust for the different heating and 
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cooling rates (10°C/min against 8.6°C/min) the present experiments would be expected to 

exhibit a stagnant stage of approximately 16°C. This is in surprisingly good agreement (the 

deviation being <1°C) for both stagnant stages as measured in TEM and indicates that similar 

conditions prevail at the interface in each case. This level of agreement (and that of the good 

match in the temperature at which the peak velocity during the austenite to ferrite 

transformation occurred) provides a good indication that interfacial conditions are sufficiently 

similar in both the TEM experiment and the bulk dilatometry experiments. 

During the normal transformations the interface displayed a (relatively) rapidly evolving 

morphology. The interface often shifted between a straight, curved or wave-like morphology. 

In the first two cases the migration was smooth, with little change in the shape of the 

interface. However, when the morphology became wavelike, the interface motion appeared 

to be undulating with a less stable interface shape. Overall, parts of the interface could be 

seen to switch between these competing morphologies over the course of the 

transformation.   

The evolution of the morphology also displayed a long-term trend over the course of a single 

T2-T1-T2 cycle. On cooling, the stagnant stage was characterised by the slow migration of the 

boundary accompanied by the reshaping of the interface, which had the effect of inverting 

the curvature of the interface. In the case of the stagnant stage on heating the inversion of 

this curvature did not occur until the ferrite to austenite transformation had commenced. In 

both cases, the interface became more irregular when the normal transformation 

commenced, displaying the dynamic behaviour outlined above. As the temperature 

approached the T1 or T2 temperature, the interface became more regular, becoming 

straighter or smoothly curved, which continued into the inverse transformation. 
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The interfacial mode switching during the normal transformation are similar to those of Onink 

et al. [22] in a high purity Fe-C alloy isothermally transformed between 710-770°C. In this case 

interfaces were also found to vary between curved and nearly straight morphologies and 

interfaces were also found to undergo segmentation. Since this phenomenon was observed 

in transformations of both Fe-C-Mn and Fe-C steels, the mode switching during the 

movement of an interface is considered to be intrinsic rather than due to minute local Mn 

concentration variations. In the current TEM observations only the actual rate of migration of 

the interface can be measured, making it difficult to distinguish the contributions of the 

interface mobility and the driving force. However, since the driving force arises from 

thermodynamic considerations (temperature and local composition) it is likely that the 

driving force remains homogeneous along the interface and consequently that the interface 

mobility is the parameter which varies locally. Many studies of the mobility of grain 

boundaries [36][37] have shown that boundaries possess different mobilities for different 

orientations. Therefore, instead of maintaining a particular interface topology along its full 

length, the interface aims to maximise the overall rate of transformation by progressing faster 

in regions of relatively high mobility, and slower in regions where mobility is relatively low.  

The origin of this friction is the intrinsic resistance to migration which applies even on 

interfaces in pure metals [38]. Smooth, gently curved interfaces were also observed in Fe-C-

Mo steels by Purdy [23] alongside a small number of facetted interfaces. Observations on 

interstitial free steels using HT-CLSM [39΁ ĂůƐŽ ĨŽƵŶĚ ĐƵƌǀĞĚ ɲͬɶ ƚƌĂŶƐĨŽƌŵĂƚŝŽŶ ŝŶƚĞƌĨĂĐĞƐ͕ 

and interfaces containing a mixture of smooth and jagged regions. 

The observations of local acceleration when two boundaries are in proximity and migrating 

triple points shows complex interface behaviour. The localised zip-like acceleration may be 
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due to the overall reduction in interfacial energy by replacing two ɲ/ɶ interfaces with a single 

ɶ/ɶ ŐƌĂŝŶ ďŽƵŶĚĂƌǇ͘ “ƚƵĚŝĞƐ ĐĂůĐƵůĂƚŝŶŐ ƚŚĞ ŐƌĂŝŶ ďŽƵŶĚĂƌǇ ĞŶĞƌŐǇ ĨŽƌ ɲ-Fe using molecular 

dynamics indicate that the energy, ʍɲɲ, for <100> symmetric tilt grain boundaries is up to 1.2 

J·m-2 [40, 41]. This is comparable to estimates of the austenite grain boundary energy in low 

carbon steels at 1000oC of 1.0-1.3 J·m-2
 [42]. Embedded atom model simulations indicate that 

the ɲ/ɶ interfacial energy, ʍɲɶ, is approximately 0.8 J·m-2 [43]. This indicates that the zip-like 

acceleration could, in fact, lead to a reduction in the total interfacial energy as 2ʍɲɶ > ʍɶɶ. 

Furthermore, it shows that neighbouring interfaces, as observed in TEM, also influence the 

behaviour in ways not necessarily accounted for by traditional models. The observation of 

accelerated interface motion is against the conventional notion of soft impingement due to 

overlapping of carbon gradients or hard impingement due to ferrite interfaces meeting. The 

sample volume affected by the acceleration effect upon grain impingement is, however, too 

small to be detectable with macroscopic techniques such as dilatometry. 

As expected, the agreement between the behaviour was quantitatively less perfect for the 

interface velocities and the change in position compared to the very nice agreement in 

stagnant stage length. For the austenite to ferrite transformation the TEM derived peak 

velocities were a factor of 11 times higher than those estimated from dilatometry and 

applying a very simple averaging technique based on spherical grain morphology. The TEM 

peak velocities were a factor of 5 times higher than the dilatometry derived peak velocity 

for the ferrite to austenite transformation. This is not attributed to artefacts such as 

localised beam heating, as this would be expected to enhance one transformation whilst 

retarding the other. As stated above, the good agreement at which the peak temperature 

occurs in the austenite to ferrite transformation, as well as the lengths of the inverse and 
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stagnant stages, indicates that interfacial conditions are sufficiently similar in both the TEM 

and dilatometry.   

In hot stage TEM experiments, there is the potential for the acceleration of the kinetics due 

to diffusion along the surface of the thin foils. Laird and Aaronson [44], for example, found 

that this contributed to the development of atypical microstructures during ɽ phase 

precipitation in Al-Cu alloys. However, it should be noted that precipitation of this kind 

occurs on a different length scale: 10-100  nm, compared to the micrometer scale as in the 

present study. Conversely, Onink et al.[22] reported measured interface velocities for Fe-

0.36wt% C steels carried out using 120kV and a 300kV LaB6 TEM microscopes (that is, with 

comparable microscope conditions to those described above). These measured velocities 

were comparable to calculated velocities. Therefore, from the most relevant results 

reported in the literature no significant acceleration of the kinetics is expected due to thin 

foil artefacts such as surface diffusion. The surface diffusion of Mn can be ruled out during 

the stagnant stage, as any such artefact should have led to a reduction in the measured 

stagnant stage length. 

The difference in velocities might also be related to the existence of a thermal gradient along 

the sample length during the dilatometry experiments on the order of 3°C between the two 

thermocouples. As grains along the length of the specimen reach the peak velocity at different 

nominal temperatures, the peak velocity would be averaged out resulting in a lower overall 

estimate. Furthermore, the peak velocities were typically sustained for a relatively small time 

period and would have also been averaged out if measured over longer time intervals. 

Consequently, the disparity may be the result of the use of higher frequency measurements 

to precisely determine the temperature of the peak velocity.  Over the entire cycle, the 
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difference in the overall migration distance is a factor of ~2-3 (depending on assumed 

geometry), indicating that average velocities over the course of the cycle are closer than a 

comparison of the peak velocities might imply. 

It is important to consider that there is also contribution from the assumed geometry of the 

specimen when calculating the migration distance from dilatometry data. Changing from 

ƐƉŚĞƌŝĐĂů ƚŽ ĐƵďŝĐ ŐĞŽŵĞƚƌǇ ŝŶĐƌĞĂƐĞĚ ƚŚĞ ĞƐƚŝŵĂƚĞĚ ŵŝŐƌĂƚŝŽŶ ĚŝƐƚĂŶĐĞ ďǇ ϯ͘ϰ ʅŵ͘ FŽƌ ƚŚŝƐ 

reason, the migration distance is not well defined when comparing the 3D dilatometry case 

with the 2-dimensional TEM observations (as well as the 1D modelling performed using 

DICTRA).   

Van Leeuwen et al. [45] computationally compared the austenite to ferrite transformation 

kinetics for a given interface mobility but by varying the number of nuclei per grain. The grain 

geometry was assumed to be a tetrakaidekahedron, which possesses grain edges and corners, 

unlike a spherical grain and so could incorporate more realistic nucleation. For a 

transformation which proceeds at constant velocity and with ferrite nucleating on each grain 

corner, a tetrakaidekahedron predicts a slower transformation than an equivalent spherical 

austenite grain. If fewer nuclei were assumed to form within the grain, the transformation 

rate became even slower.  

In the present case, it is the rate of transformation that is fixed, and so by comparison with 

the model of Van Leeuwen et al. the spherical model would be expected to underestimate 

the migration velocity and distance. In the present study closer agreement, a factor of ~2, is 

achieved assuming cubic grain and edge nucleation as is assumed by Liu et al. [31, 32] and 

Kempen et al. [34]. 
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Dislocation movement was observed in the foils both during interface migration and in the 

period before migration began. Dislocations were most clearly visible on the ferrite side of 

the interface, although dislocations were also observed in the austenite. Periods of increased 

dislocation activity often corresponded with the austenite to ferrite transformation, 

indicating that the build-up of stress due to differences in specific volume between the two 

phases was potentially the cause of this activity. These dislocations moved towards the 

transformation interface before being eliminated. Similar behaviour was observed by Onink 

et al. [22] who suggested that with an appropriate Burgers vector and glide plane, dislocation 

movement could relax stresses. The observation of dislocations moving ahead of the interface 

and forming a new boundary in the ferrite was unique in the TEM observations. The process 

by which this occurs appears similar to traditional descriptions of recovery where large 

numbers of dislocations align to form low angle grain boundaries [46]. 

5. Conclusions 

Successful cyclic partial phase transformation experiments were performed on a Fe-0.1C-

0.5Mn alloy using hot stage TEM allowing the direct observation of the behaviour of individual 

austenite-ferrite interfaces. The interfaces were observed to display all the distinctive 

features of CPPT experiments including the normal and inverse transformations and a 

stagnant stage on both heating and cooling. There is a very good match in the stagnant stage 

length observed in the TEM, estimated to be 15-16°C, and that predicted using kinetic 

modelling and found using dilatometry. This is approximately the expected length predicted 

from Chen et al. [15] when the different heating and cooling rates are considered. 

There was no significant period during the stagnant stage during which the interface was 

completely static. Instead it was characterised by slow migration of the interface and a 
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reversal in direction of that migration. However, total displacement over the course of the 

stagnant stage was less than 1 µm which would be undetectable in macroscopic dilatometric 

experiments. No special interface features were observed during the stagnant stage, but the 

interfaces became slightly straighter than during the faster transformation stages. During the 

fastest stages of transformation the interfaces showed some mode switching between 

straight and curved segmented growth. 

There was a semi-quantitative agreement for the variation in interface velocity during the 

non-stagnant stages of the transformation cycle with the velocities derived from dilatometric 

data. Peak velocities occurred at approximately the same temperatures and displayed the 

same overall behaviour. However, the TEM observations of the total distance migrated were 

a factor of 2 higher overall compared to the kinetic modelling or the first approximate made 

using dilatometry. This may be due to differences in assumptions about grain geometry and 

nuclei distribution. 

Finally, the TEM observations showed several cases of strong acceleration of interface motion 

when two ferrite-austenite interfaces connected at a triple point came in closer contact. 

Clearly, in such cases minimisation of the total surface energy can provide an additional 

driving force for interface motion. Such an acceleration is not predicted by current phase 

transformation kinetic models but will have a minimal effect on the macroscopic 

transformation behaviour as only a very small volume fraction of the sample is affected. 
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