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� Density of Ni-Ti controlled via control
of L-PBF process parameters.

� Element concentration in Ni-Ti alloy
controlled via L-PBF settings.

� Enthalpy and phase change
temperatures controlled via L-PBF
settings.

� Thermal variation in samples linked
to resulting sample density.

� Thermal variation is samples
controlled via alignment of print
direction.
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a b s t r a c t

In this work, nitinol samples were produced via Laser Powder Bed Fusion (L-PBF) in the horizontal and
vertical orientations with systematic variations in laser power, scan speed and hatch spacing parameters.
Increased density was positively correlated with increased laser power, scan speed and hatch spacing for
the horizontally built samples but not for the vertically built samples. A smaller difference in the average
temperature within a printed layer, associated with the vertically built samples, was linked with reduced
porosity and reduced porosity variability between samples. Control of the L-PBF parameters was found to
allow control of the resulting part chemical composition which also directly affected phase transforma-
tion temperatures, and related phase structures. The laser process parameters were found to have a sig-
nificant effect (p < 0.01) on the martensite start/finish temperature, austenite start/finish temperatures,
and the total temperature span. The volumetric energy density was also found to have a direct correlation
with both the cooling (r = 0.52) and heating (r = 0.53) enthalpies, which was found to be due to increased
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nickel evaporation. Such control of phase change properties afforded from L-PBF is important for many of
the end applications for nitinol components including within the energy and precision actuation sectors.
Crown Copyright � 2022 Published by Elsevier Ltd. This is an open access article under the CC BY license

(http://creativecommons.org/licenses/by/4.0/).

1. Introduction

Unlike most polymeric and metallic shape memory materials,
Ni-Ti or Nitinol intermetallic shape memory alloys (SMAs) have
certain desirable mechanical and functional properties highly use-
ful to the aerospace, smart structures, sensors/actuators, energy
and biomedical sectors [1,2]. Ni-Ti is generally highly ductile, with
low stiffness, good corrosion and wear resistances, and possess
good biocompatibility. The composition of Ni:Ti is typically in a
50:50 ratio, however, based on applications, this can vary between
45:55 to 55:45 [1,3,4]. By controlling the composition, microstruc-
ture and processing conditions, Ni-Ti can be tailored with specific
functional characteristics which can be exploited for bespoke
applications. The various functional characteristics are shape
memory effect, pseudoelasticity (mechanical phenomenon) and
pseudoplasticity (thermal phenomenon).

The shape memory effect in Ni-Ti originates from the solid
state phase transformations that occur during the deformation
and/or thermal cycling [5]. When Ni-Ti with a martensitic phase
is deformed, the crystal structure of the phase transforms to a
detwinned martensite phase. When the temperature of the
material is then raised above the transformation temperatures
(TTs), the phase changes from martensite (B190 monoclinic crys-
tal structure) to austenite (B2 BCC structure) regaining the pre-
trained shape. When the material is then cooled to room tem-
perature, the phase reverts back to a twinned martensite state.
It has been found that a higher Ti content results in higher
transformation temperatures enabling the shape memory effect
to be set to that which is required depending on the application.
A higher Ni content on the other hand can be set to lower the
transformation temperatures sufficiently below room tempera-
ture such that the austenite phase is present and advantage
can be taken of the superelastic (pseudoelastic) property of Ni-
Ti, without the chance of phase change, for applications such
as biomedical implants [2,5,6].

The superelasticity in Ni-Ti can recover from about 8–10%
strain, before it deforms plastically. This remarkable property
along with good damping curves, low stiffness, good corrosion
resistance and good biocompatibility (TiO2 prevents Ni leaching
into the human body), enables Ni-Ti to be used in stents, implants,
spinal fusion cage, bone plates/screws and other medical applica-
tions [7–12]. During phase transformations, latent heat is absorbed
or released during the shape deformation or recovery. The solid-
state phase transformations between martensite and austenite
involve absorption/release of latent heat in a significant quantity
[3,13,14]. This concept has inspired the use of Ni-Ti in heat pump
and heat recovery applications, for which high heat transfer rates
can be realised by creating Ni-Ti geometries with high surface
areas.

Although Ni-Ti can be processed through several conventional
manufacturing methods such as casting or powder metallurgy,
the material is very difficult to fabricate in such processes, due to
the high reactivity of titanium, and poor machinability of the alloy.
Achieving a uniform and homogenous composition and producing
complex structures using Ni-Ti are still challenges. With the advent
of additive manufacturing (AM), the process of laser powder bed
fusion (L-PBF) has been found to be highly compatible with Ni-Ti
processing. Through this method, complex geometries can be cre-
ated and the resulting part will require less or even no post-

processing, and can have pre-designed porosity levels, homoge-
neous composition and tailored transformation properties [6,15–
20]. The L-PBF method, also called selective laser melting (SLM),
is widely used for fabricating metallic structures.

In L-PBF, initially a thin layer (<100 lm) of power is spread on a
substrate plate placed on the build platform. A computer-
controlled high-power laser beam is then scanned on the powder
bed according to the 2D geometry slice extracted from the 3D
CAD model of the part. The powder particles melt by absorbing
the laser energy, and solidify to produce the shape specified by
one cross-sectional slice (a layer) of the input CAD model. This step
is repeated to build up the part layer-by-layer with the help of a
spreader/recoater blade, an adjustable build platform and a pow-
der delivery platform, until the complete 3D part is built. The laser
process parameters such as laser power, scan speed, hatch spacing,
and scanning strategy, control the intra/inter-layer thermal gradi-
ents and cooling rates which result in different microstructures
leading to different part properties [15–17,21–23]. These complex
thermal gradients and epitaxial solidifications can have a signifi-
cant effect on the phase transformation characteristics of Ni-Ti.
Over the past years, several researchers have worked on under-
standing the effect of L-PBF operational parameters on the part
properties [21,24–28]. However, the investigation of the sensitivity
of the functional characteristics of Ni-Ti to the material composi-
tion and L-PBF process control is still in its early stages and
requires further research to provide sufficient fundamental under-
standing in these areas and subsequent end applications.

In this work, Ni-Ti bar-shaped samples were 3D printed using a
L-PBF machine in both horizontal (bar long axis in the layer plane)
and vertical (bar long axis normal to the layer plane) build orienta-
tions. The samples were then analysed for relative density levels,
transformation temperatures, compositional changes, phases pre-
sent, and thermal expansion properties. The primary aim was to
investigate significant correlations of selected laser parameters
with the chemical, thermal and physical properties of the L-PBF
processed Ni-Ti. The results and findings enhance the existing fun-
damental knowledge and provide a better understanding of the
design space for Ni-Ti.

There have been no studies to date which have examined the
temperature evolution during the metal AM processing of Ni-Ti
for measuring the effect of intralayer average temperature differ-
entials on the resulting part densities. In addition, the effect of
the process parameters on the Ni loss, phase transformation tem-
peratures, the temperature range of each phase, and transition
enthalpies and enthalpy ratios has not previously been presented.
In this paper, the transformation characteristics and temperatures
were measured via DSC and dilatometry thermal analyses. In this
work, the significance of Ni reduction during the L-PBF process
on the Ni-Ti thermal characteristics for the martensite, austenite
and R-phases was also identified and elaborated. This paper fills
these gaps in knowledge.

2. Methodology

2.1. Powder material

The Ni-Ti powders with a composition of Ni (49.9 at.%) - Ti (50.1
at.%) were supplied by Ingpuls GmbH, Germany. The higher Ti con-
tent was chosen in order to ensure that, after L-PBF, the shape
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memory Ni-Ti phase change temperature was above room temper-
ature. The composition was re-confirmed through an energy dis-
persive X-ray spectrometry (EDX) unit attached to a Hitachi

S5500 field emission scanning electron microscope (FE-SEM). To
produce powders of suitable size and shape for L-PBF, the as-
received powders were gas-atomised by electron induction melt-
ing inert gas atomisation (EIGA). The particle size distribution
(PSD) was D10 = 12.3 lm; D50 = 28.1 lm; D90 = 57.3 lm, where
Da represents the diameter of the powder particles corresponding
to the ‘‘a” volume percentage of particles present. The PSD was re-
analysed using a Malvern Mastersizer 3000 with an Aero S disper-
sion unit. The analysis was carried out using a refractive index of
1.958, and a particle absorption index of 1. The air pressure was
set to 1 bar to prevent any particle aggregation and searing. Pow-
der morphology was investigated using a Zeiss EVO LS-15 SEM
machine. The phase transformation temperatures of the as-
received powders were also analysed, using a Netzsch DSC 214 dig-
ital scanning calorimetry (DSC) following the ASTM F2004-17 stan-
dard, with liquid nitrogen for the sub-zero temperature range.

2.2. L-PBF process

Ni-Ti samples were 3D printed using the Aconity MINI (GmbH)
SLM machine equipped with a Nd:YAG fibre laser system from IPG
Photonics having a wavelength of 1068 nm, and a maximum power
capacity of 200 W. The build chamber was installed with a rubber-
based recoater blade. The chamber was flooded with argon gas
(99.999% purity) to ensure minimum oxygen content (<50 ppm)
throughout the printing process to reduce the chance of oxidation
during melting and solidification. A powder supply factor of 1.8
(nearly twice the layer thickness) was used throughout the print
to ensure a sufficient spreading of powder. In order to reduce spat-
ter on fresh layers, the print sequence started from the inert gas
exit side of the build chamber.

In order to reduce time, energy and material consumption, a
Box-Behnken (BB) design of experiments (DoE) containing three
factors (laser power, scan speed, hatch spacing) with three levels
was followed, keeping layer thickness (40 lm) and spot sizes
(50 lm) constant. The BB design includes sample production for
repeatability analysis with the centre node repeated five times.
Samples with these 17 sets of process conditions for each build ori-
entation (Prefix: Horizontal – H; Vertical – V) were printed as
shown in Fig. 1. The sample dimensions were 10 � 10 �

55 mm3. Laser powers of 120, 150 and 180Wwere used along with
scan speeds of 600, 800 and 1200 mm/s, and hatch spacings of 40,
55 and 70 lm. The layer thickness of 40 lm was set based on the

feedstock particle size distribution, to help ensure good powder
spread and flowability on the build platform.

These parameter sets can be used to calculate the volumetric
energy density, VED, which can be calculated as Eq. (1):

VED ¼
P

v � h� t
ð1Þ

where, P is the laser power (W); v is the scan speed (mm/s); h is the
hatch spacing (lm); and t is the layer thickness (lm). The VED can
be explained as the energy released from a unit volume of material
during the L-PBF process. It can also be defined as quantifying the
thermal energy readily available for the material to transit from
powder state to a dense state [29]. For the current range of process
parameters, the VED varies from 44.64 to 156.25 J/mm3. Table 1
shows the complete set of process parameters in the DoE that were
used to print the samples.

The samples were arranged on the substrate plate at an in-plane
angle of 45� for vertical samples, and 30� for horizontal samples, in
order to reduce any impact load on the recoater assembly, and to
allow a more gradual gas flow/fume removal over the layers in
the chamber during print. A simple stripe scanning strategy was
maintained as shown in Fig. 2(a) with a rotation of 90� for each
subsequent layer. This prevents any unwanted overheating around
the corners of the sample. The build chamber ambient tempera-
tures during the process were 20 ± 1 �C.

2.3. Sample characterisation methods

The densities of the as-fabricated H/V samples were measured
by Archimedes principle following ASTM B962-17 with the help
of an analytical balance, Sartorius Entris II Essential BCE124I-1S, hav-
ing an accuracy and repeatability of ±0.1 mg. The samples were
ground lightly to flat on all faces with 240 grit abrasive paper,
and cleaned thoroughly. The weights of samples were measured
in acetone, and densities were calculated. For the following charac-
terisation methods, only vertically built samples were analysed,
and no post-fabrication heat treatments were performed prior to
analysis. The samples for different characterisation methods were
extracted as shown in Fig. 2(b), these sub-parts were cut using
diamond-infused blades with at constant slow traverse speed, to
avoid excess heat or stress-induced microstructure alteration.
DSC thermal analysis was performed on the 17 samples to obtain
the heat flow properties and phase transformation temperatures.
The thermal cycle range examined was from �60 �C to 130 �C,
and then cooled back to �60 �C, maintaining a heat/cool ramp rate
of 10 �C/min. The sub-zero temperatures were attained using liq-
uid nitrogen. The same process cycle was followed for the powder

V1V2

V3V4V5V6

V11 V10 V9 V8 V7

V15 V14 V13
V12

V17
V16

H5H6

H7H11

H2H12

H15H17

H1 H4

H10
H14

H3

H8

H9

H13
H16

(b)(a)

Fig. 1. Ni-Ti samples as printed on the Ni-Ti build plate - horizontally built samples (a); vertically built samples (b); prefix: V-vertical/H-horizontal.
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samples as well. The L-PBF samples were prepared and tested
adhering to the ASTM F2004-17 standard.

Dilatometry tests were conducted to identify the thermal
expansion coefficients (CTES) and phase changes. For this, samples
of dimensions 20x10x7.5 mm3 were prepared with very flat,
smooth and parallel surfaces for the dilatometry test which was
conducted on Netzsch DIL 402PC. The samples were heated from
room temperature to 250 �C and held for 10 min and then cooled
back to room temperature. The heating/cooling rate was set to
1.5 �C/min. The correction samples, equipment calibration and
sample preparation were based on ASTM E228-17 standard.

EDX was performed using the Aztec Live System from Oxford

Instruments NanoAnalysis on EVOLS15 version from Carl Zeiss SEM
machine, to identify the change in Ni content and investigate its
effect on shape memory effect. The samples were cold-mounted
and ground using SiC abrasive papers P240, 600, 800 and 1200,
and then polished to a high surface finish using 6, 3, 1 lm diamond
suspensions and 60 nm colloidal silica. Microstructure was
revealed by swabbing with the etchant 15 mL HF + 10 mL
HNO3 + 10 mL CH3COOH + 5 mL glycerol, for about 2–3 s. The
above-mentioned SEM and an optical microscope Keyence

VHX2000E 3D Digital Microscope were used to capture the micro-
scopic images. X-ray diffraction (XRD) was used to analyse the

phases present in the printed parts. A Bruker D8 X-Ray Diffractome-

ter equipment with CuKa source having a wavelength of 1.5406 Å.
The scans were performed in the 2h range of 35� to 65� under
locked coupled mode with an increment of 0.01� and 6.65 sec/step.
The scan duration was 6 h for each sample.

2.4. Thermal data and response analysis

The thermal data of the melt pool was recorded by two pyrom-
eters (from KLEIBER Infrared GmbH) setup in the Aconity SLM
machine. The pyrometers detect the light emitted from the region
of laser incidence (range of 1500–1700 nm), and the output infra-
red (IR) data is logged in terms of voltage (mV) units and coordi-
nates on the build plate (x, y). In this work, single layer plot was
made to illustrate the thermal gradients across the section of the
sample. The data acquisition rate was 100,000 samples per second.
A single build layer is represented by roughly 6 million data points,
each containing the coordinate and temperatures (in mV). The
temperature readings were translated to a normalised scale in a
range of 0 to 1 to represent the thermal profile.

The output data (responses) from each of the experiments were
analysed through Design-Expert 13 software, and only the models
having a high significance and prediction reliability value with no

Table 1

Laser process parameters used for printing the Ni-Ti samples.

Sample no. (V/H) Laser power (W) Scan speed (mm/s) Hatch spacing (lm) VED (J/mm3)

1 150 900 55 75.76
2 120 600 55 90.91
3 180 600 55 136.36
4 180 1200 55 68.18
5 150 600 40 156.25
6 150 900 55 75.76
7 150 1200 40 78.13
8 180 900 70 71.43
9 180 900 40 125
10 150 900 55 75.76
11 150 1200 70 44.64
12 120 900 40 83.33
13 150 900 55 75.76
14 150 900 55 75.76
15 120 1200 55 45.45
16 150 600 70 89.29
17 120 900 70 47.62

(a) (b)(n+1)

layer (n)

(n-1)

Fig. 2. (a) Scanning strategy illustrated showing the 90� rotation between each layer and scan direction reversal; (b) position of samples cut from the printed parts for various
characterisations (1 - dilatometry; 2 - SEM/EDX; 3 - DSC).
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significant lack in data fit, are presented in the results section. The
surface response equations are in terms of actual factors and the
levels of each process parameters used. The equations also include
coefficients appropriate to accommodate the actual units of each of
the process parameters. The presented response surfaces each
show the response to two of the input parameters with the third
parameter kept constant at its mid-level.

3. Results and discussion

3.1. Particle analysis

The powders were found to contain a near-equiatomic compo-
sition of Ni (49.9 at.%) – Ti (50.1%) through EDX measurement. The
particle size distribution shown in Fig. 3 is an average of three
results obtained from the supplied material batch, and this is quan-
tified using the parameter Da which represents the diameter of the
powder particles corresponding to the volume percentage (a = 10,
50 and 90) of particles present. D [4,3] is calculated by the equip-
ment via the weighted average value by volume, and it can be con-
sidered as the average particle diameter, and does not depend on
the number of particles. D10 = 12.3 ± 0.8 lm; D50 = 28.1 ± 2.2 lm;
D90 = 57.3 ± 7.7 lm; D [4,3] = 34.0 ± 3.1 lm. The powders were
observed to have near-spherical shapes as shown in Fig. 4. Most
of them were almost perfect spheres, whereas some particles were
ellipsoidal with tiny satellite particles (Fig. 4(b)) attached.

3.2. Input-output correlations

In order to check for possible correlations between the input
process parameters and the responses, Pearson correlation and p-
value significance parameters were used. Strong or relevant corre-
lation was inferred for the responses that shows a Pearson coeffi-
cient (r) of 0.35 or greater, and a p-value of 0.05 or below in the
model. A higher value of r and a lower p-value indicates a stronger
correlation and a higher degree of significance, respectively. A neg-
ative r value indicates inverse relation, and vice versa. The term
VED was not an input factor in the BB DoE model, and therefore
the p-value is not applicable in the case of VED. All relevant corre-
lations are listed in Table 2.

3.3. Density measurements

The densities of the samples were measured using Archimedes’
method in acetone medium. The relative densities (with respect to
theoretical density value of Ni-Ti = 6.45 g/cc) were found to vary
between 97.2% and 97.9% for the vertically built samples, whereas

for the horizontally built samples, larger variations between 93.4%
and 98.5% were observed for similar process conditions. As seen in
Fig. 5, most of the samples built in horizontal orientation showed
lower densities compared to the vertically built samples. However,
all of the samples (2,3,5,16) printed using the lower scan speed of
600 mm/s showed high reductions in densities. The other process
settings for the horizontal produced samples (sets 4, 8, 9, 11 and
17) resulted in higher densities. These latter samples had a combi-
nation of higher laser power and lower energy density with large
hatch spacing. It was also seen that for horizontal samples, the
VED showed high negative correlation with the densities. The
selected parameter levels did not cause a large variation in density
the case of the vertically built samples.

For the relative density responses from 17 H/V samples printed
with different laser powers (P), scan speeds (v) and hatch spacings
(h), the actual equation for the relative density (RD) of printed sam-
ples, the response surface equations are reported as Eq. (2) and Eq.
(3):

RDverticalð%Þ ¼ 94:52953þ 0:032001P � 0:001192v

þ 0:051402h� ð3:075E� 06ÞPv � 0:000572Ph

þ 0:000033vh ð2Þ

RDhorizontalð%Þ ¼ 63:82459þ 0:039849P þ 0:035340v

þ 0:321426h� 0:000072Pv � 0:001757Ph

þ 0:000499P2 � 0:000011v2 ð3Þ

From these, it can be seen that for vertical samples that the laser
parameters pose both linear and two-factor interactive effects on
the relative density. In the case of horizontal samples, additional
quadratic effects from laser power and scan speed are also
observed. Fig. 6 shows the response surfaces of the effect of process
parameters on vertical and horizontal builds; two process param-
eters are varied in each of the graphs while the third is kept at
the medium levels. As seen in Fig. 6(a) and (b), the vertical build
showed only slight variations (nearly planar effect) in densities
with respect to the process parameters. From the model, it was
found that only the interaction between laser power and hatch
spacing showed a high level of significance (p = 0.0059) on RD

for the vertical built samples. Larger variations along with quadra-
tic response surfaces can be seen in the case of the horizontal
builds (Fig. 6(c) and (d)). The scan speed showed the largest effect
on the RD compared to laser power and hatch spacing. It was also
found that for the current set of parameter levels, the VED has an
inverse relationship with the resulting relative densities of the hor-
izontally built samples.

In most of the earlier studies, more focus had been on under-
standing the effect of VED on the densification of Ni-Ti samples.
However, depending on the parameter levels taken into account
and factors that have been considered to remain constant, optimal
VED values to obtain high RD varied widely between each of the
studies. For instance, a high RD of 99% and above, were achieved
by Saedi et al. [30] and Walker et al. [31] at a VED of 55 J/mm3.
Meier et al. [32] observed high RD at a VED of 85 J/mm3. Haberland
et al. [33] achieved an RD of 99% and higher, using a very high VED

of 200 J/mm3 whereas a VED of 111–126 J/mm3 produced RD of
>99% in work reported by Dadbakhsh et al. [34]. In the current
study, the higher RDhorizontal of 97.90% and 97.88% were attained
using a VED of 125 J/mm3 and 47.62 J/mm3 respectively, and the
high RDvertical of 98.31% and 98.52% were achieved for the same
VED values respectively. All of these arguments including the
results from the current work, point towards the requirement to
use more detailed information than just the VED value for generat-
ing a correlation with the output RD. Such correlations could for
example take into account in a more detailed manner the processFig. 3. Gaussian particle size distribution of raw Ni-Ti powders used.
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parameters and potentially also other properties such as the pow-
der and inert gas related properties.

The RD variations in both H/V samples can be understood in
relation with the thermographs plotted in Fig. 7. The figures show
the normalised thermal profiles of the middle layer for one plate of
the horizontal builds and one of the vertical build. It can be seen
that the horizontal samples underwent large thermal variations
in the samples across the build plate as compared to the vertical
samples with the same process conditions. As seen in Table 2, it
can be seen that the effect of energy density was substantial in
the case of horizontal samples. For instance, sample H15 (VED =
45.45 J/mm3) has the least variable overall temperature profile,
whereas H17 with 47.62 J/mm3 has a slightly higher variation in
thermal profile. Sample H12 with 83.33 J/mm3 and H2 with
90.91 J/mm3 exhibited the highest variation in temperature profile.
This logically follows from the processing conditions, as the hori-
zontal build has a larger surface area and therefore a larger time
interval between the print of each layer. This leads to higher extent
of heat dissipation increasing the temperature differential across
the layer and also would produce larger interlayer thermal gradi-
ents when compared to the vertical builds. In the vertical samples,

Fig. 4. Powder morphology as observed in SEM (secondary electron): spherical (a) and magnified view of an ellipsoidal particle (b) with some attached satellite particles.

Table 2

Pearson coefficients and p-values indicating input-output correlations.

Correlation r p

Vertical Samples

Laser Power –Ms 0.4063 0.0009
Scan Speed –Ms �0.5000 0.0009
Hatch Spacing –Ms �0.6563 <0.0001
Laser Power –Af �0.7855 <0.0001
Laser Power –RMTR �0.5238 0.0123
Hatch Spacing –RMTR 0.5139 0.0136
Laser Power –TTR �0.6463 0.0007
Scan Speed –TTR 0.5122 0.0039
Scan Speed – Ni Evaporation �0.5817 <0.0001
Hatch Spacing – Ni Evaporation �0.6980 <0.0001
VED– Ni Evaporation 0.8585 N/A
VED– Endothermic Enthalpy 0.5333 N/A
VED– Exothermic Enthalpy 0.5155 N/A

Horizontal Samples

Laser Power – Density 0.4122 0.0001
VED– Density �0.4825 N/A
Scan Speed – Density 0.5847 <0.0001
Hatch Spacing – Density 0.4207 0.0001

Fig. 5. Relative densities of samples built vertically and horizontally using the set of 17 process conditions, measured using Archimedes principle; 95% confidence interval
implemented based on n = 3.
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the temperature differential is lower (sample V2; more uniform
colour map in Fig. 7 (b)) than is evident from the horizontal sample
colour maps (Fig. 7 (a)), where the rate of change of the tempera-
ture gradient from one end of the sample to the other appears to be
higher.

The average temperature differentials (TDavg) of each of the
samples on the horizontal build shown in Fig. 7, were also com-
pared to those recorded from the samples printed in the vertical
orientation. The average differentials were calculated using the
normalized temperature data through the centerline as shown in
the enlarged color maps of H2 and V2 in Fig. 7. TDavg was calculated
by first obtaining the rolling differential of the consecutive data
points and then averaging the sum of the differentials. Even though
the TDavg did not show a significant correlation with the actual
density values, it indicated a noticeable trend with how density
varies. As shown in Fig. 8, it can be seen that the densities are typ-
ically higher when the TDavg is lower, and vice versa. The differ-
ences in the TDavg of vertical and horizontal samples are
indicated by D. As D decreases, the difference in densities were also
found to decrease. In the case of samples H/V 17, the D was nega-
tive, and this reflected as density being higher for H17 compared to

V17. In general, the vertical samples were found to have a lower
TDavg , indicating a more uniform intra-layer thermal profile which
then translated into smaller density variations and a less
significant direct and two-factor interaction relation. In contrast,
the higher TDavg in the horizontal samples can be seen to have
resulted in larger variations in density within the horizontal sam-
ples, for similar parameter sets. This is also supported by the statis-
tical data shown in Table 2.

These larger temperature differentials and interlayer thermal
gradients extend to causing various defects in the samples, and
are found here to have resulted in lower sample densities. In addi-
tion to the density results, this is corroborated by the optical
micrographs shown in Fig. 9 (c and d), where porous defects are
found to be significantly high in sample H2 compared to sample
V2. After the density tests, wire-EDM was performed on sample
H2, and sample V2 is in the same condition (240 grit finish) as used
for density tests. These different surface finishes can be ignored at
the moment to focus attention on the presence of pores.

The porosities found in L-PBF processed parts can be identified
based on the causes of occurrence and morphologies. Sufficient
laser power and VED is necessary to melt the powder on one layer

Fig. 6. Response surfaces showing the effects of the laser process parameters on relative densities of the vertically built samples (a) with v = 900 mm/s and (b)h = 55 lm; and
on the horizontally built samples (c) with v = 900 mm/s and (d) h = 55 lm.
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and re-melt the previous layer, to ensure epitaxial solidification.
This is necessary for strong interlayer bonding which helps to pre-
vent undesirable intermetallic phases, and various types of pore
formations [5]. Almost all of the samples were found to contain a
set of irregular pores or voids. These occur due to various
process-induced effects. One of them is the balling defect which
occurs due to the expansion of trapped oxygen between layers pro-
ducing a collapsed region or retention of the pore. Epitaxial solid-
ification and low oxygen levels are necessary to reduce the chances
of these irregular pores. The partial pressure at equilibrium for
oxygen (near the melting point of Ti) has to be less than 16.2 bar
to avoid oxidation. This is generally very impractical, and therefore,
oxidation cannot be completely ruled out in L-PBF processes even
though the chamber is flooded with argon or other inert gases
[34,35]. Irregular pores can also be formed due to lack of fusion.
These are found in larger sizes (few hundreds of microns), and is
commonly seen spanning along the boundaries of several melt
pools. As seen in Fig. 9(a), these defects in some cases accompany
unmelted powder particles. This indicates the lack of fusion due to
insufficient laser energy which fails to generate an effective melt-
ing and region of fusion overlap.

Many of the porosities found near the edges of the vertically
printed samples (sample V2 presented in Fig. 10) were of gas-
induced type. These pores are spherical in shape and occur due

to the trapping of ambient gas in the powder bed; not having suf-
ficient time to escape the melt pool. Since a huge fraction of spher-
ical pores were formed near the edge regions, this can be also due
to a coupled effect of process conditions (e.g., high scan speed) that
could have resulted in poor gas removal and insufficient melting
near the edges. The observed sizes of these pores were in the range
of 5–50 lm. The formation of gas induced pores is a dynamic pro-
cess that involves nucleation and growth of pores, and then an
eventual out-gassing (removal/escape of gas) during the rapid
solidification of melt pools. Due to insolubility of these gases in liq-
uid metals, the gas pores follow Marangoni convection to escape
easily through the melt pool surface. High energy densities tend
to generate high temperatures which might evaporate lower melt-
ing point constituents (for instance, Ni) accelerating the pore
nucleation. At the same time, a higher energy density can induce
a higher thermal gradient between the apex and boundary of the
melt pool, which in turn boosts the Marangoni convection acceler-
ating the out-gassing process [36,37].

Along with the above-mentioned porosities, some large voids
were also observed in samples H2 and V2. These are also a few
hundreds of microns in size and more of an irregular spherical
morphology. These can be identified as the keyhole porosities.
The keyhole pores are caused under high instability in the melt
pool due to surface tensions and hydrostatic pressures generated

Fig. 7. Thermal IR data plots showing the temperature variations across the middle layer in: (a) horizontal build including the magnified view of samples H2, and (b) vertical
build including the magnified view of sample V2; normalized temperature scale has been used.

Josiah Cherian Chekotu, R. Goodall, D. Kinahan et al. Materials & Design 218 (2022) 110715

8



by the high energy density or localized high penetration of laser
beam [38]. These are often formed near the bottom region of the
melt pool and can be seen in BD view (Fig. 9(c)) of sample H2.
The formation regions can be somewhat assumed to be melt pool
boundaries. It is to be noted that the spot size (50 lm) and hatch
spacing (40, 55, 70 lm) in the current work causes laser tracks
to overlap to a higher extent than in many previously published
works. This can create localized thermal instabilities that could
favor the keyhole formation.

The porosity in particles is formed during the gas atomization
process, and imperfections such as satellites and skewed sphericity
as seen in Fig. 4 can also lead to porosity. This causes inhomogene-
ity during powder deposition and could result in air pockets
between the thin layers. Another possible cause of porosity is the
presence of spatter/melted droplets from the melt pool produced
during the previous scans. As explained by researchers
[25,36,39–41], this might occur at higher VED values and lower
scan speeds, causing the pressure in the melt pool to exceed the
surface tension levels of the molten material.

The L-PBF process tends to create residual thermal (unbalanced)
stress profiles between the printed layers. These stresses are usu-
ally caused by the large thermal gradients from multiple remelting
and solidification cycles. The thermal expansion on one layer cre-
ates tensile stress while the layer beneath undergoes compressive
stresses. This differential stress phenomenon is induced across the
underlying layers, and these layers can be affected in this way mul-
tiple times. This can ultimately lead to delamination or warpage of
samples from the build plate. As scan overlaps are highly possible
with the laser process parameters used in this work, the possibili-
ties of residual stresses are quite high. This can initiate cracks
throughout the cross-section of the layer affecting the mechanical
properties. The presence of microcracks can be seen in Fig. 9(b).
These effects can create pores which could act as crack nucleation
sites and end up in crack propagation. However, the rapid cooling
in L-PBF can suppress the propagation mechanism in the structure
[42,43] and result in shorter microcracks.

Observing the microscopic view of sample cross-section in
Fig. 10(c), we can see a rectangular pattern. This pattern can be
confirmed as a forefront of the brick-like structures that extend

beneath the surface, as seen through a fractured face (Fig. 10(d))
of the same sample. At the molecular scale, Ni-Ti is extraordinarily
ordered as compared to most of the metals/alloys that form ran-
dom solid solutions, rather than an orderly arrangement as seen
inside a diamond or salt crystal. However, the Ni-Ti structure is
arranged in cubic form with almost 90�angles resulting in these
brick-like structures. The right angle arrangement becomes acute
or obtuse under the application of heat, and the shape is deformed.
Upon cooling, the structure again becomes cubic and regains the
right angles and the original programed shape is regained (shape
memory).

3.4. Transformation temperatures

The transformation temperatures were calculated from the heat
flow vs temperature graphs generated through the DSC analysis as
shown in Fig. 11. Each peak starting and ending from the baseline
represent the presence of a stable phase. The stable phases found
were martensite (low temperature phase with monoclinic B190

crystal structure) and austenite (high temperature phase with
body-centred cubic B2 crystal structure). The start and finish tem-
peratures of each of these phases are estimated by plotting tangent
lines where the heat flow deviates from the baselines, as illustrated
in Fig. 11.

Compared to the raw powders, most of the as-fabricated sam-
ples exhibited an overlapping peak merged with the austenitic
transformation region. Due to this, the peaks may appear slightly
wider in L-PBF samples. In the raw powders, a shoulder can be seen
on either peaks denoting an inhomogeneous heat flow among the
powder particles [44]. This indicates the presence of a third unsta-
ble intermediary phase; identified as an unstable variant (R*) of the
R-phase (rhombohedral crystal structure). The R* formation is
mainly caused by the cold work performed during the fabrication.
This can be further accelerated if Ni-rich precipitates are present
[5,45]. A shift of the peaks to the higher side of TTs was observed,
see Fig. 12 (a). The critical transformation temperatures considered
are martensite start (Ms) and finish (Mf ) temperatures, R-phase
variant start (Rs*) and finish (Rf *) temperatures, and austenite start
(As) and finish (Af ) temperatures. Since all of the samples contain-
ing R* phase has an overlapping peak, Rf * and As can be considered
as the same point.

The transformation temperatures were found to be highly sen-
sitive to the Ni-Ti composition as shown in Fig. 12, which repre-
sents the experimental results from several research works in the
past [46]. In the L-PBF process, the high laser energy results in fas-
ter evaporation of Ni due to its lower melting point (1455 �C) as
compared to that of Ti (1668 �C). Another possibility of this compo-
sitional change owes to the formation of stable phases such as Ni3-
Ti or Ni-rich precipitates such as Ni4Ti3 (metastable) which
ultimately depletes the Ni content in the matrix giving rise to
TTs due to the remaining higher Ti content. However, these phases
or precipitates generally do not affect the shape memory effect
(SME) directly, instead it changes the composition of the matrix
[5]. At times, the distribution of Ni and Ti could be non-uniform
in indicated by a number of additional small peaks in DSC curves
which can adversely affect the shape recovery [47].

All of the current samples in the as-fabricated state exhibited a
Ni reduction of 1.2 to 1.8 at.%. TheMs for raw powder (Ni � 49.9 at.
%) was found to be 49.4 �C which agrees with the literature values
seen in Fig. 12. The Ni reduction that occurred in the current study
was found to elevate the transformation temperatures in general
compared to the raw powders (Fig. 13). Since the current feedstock
has a higher Ti content, the rise in transformation temperatures are
not considerably high, as compared to that of the samples printed
using Ni-rich Ni-Ti powders [46,48]. The increased Ms tempera-

Fig. 8. Average temperature differential for vertical and horizontal samples 2, 12,
15 and 17, difference in differentials of vertical and horizontal samples of each set
are denoted by D.
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tures of L-PBF processed samples were found to have very small
variations between 61.2 �C and 63.3 �C. This further agrees with
the literature findings for corresponding Ni contents (48.1 to 48.7
at.%); the Ms temperatures become steady around 60 to 65 �C for
this compositional range. Further to the L-PBF process, theMf tem-
peratures increased by 1.2 to 9.0 �C, and Ms temperatures
increased by 11.8 to 13.9 �C. The Rs* increased by 20 to 25 �C,
and Rf * or As increased by 7.0 to 19.8 �C, while Af increased by
5.0 to 13.9 �C. It can be also seen that the martensite transition
and R-phase transition temperature span increased in the L-PBF
samples as compared to that of the raw powder used.

An XRD analysis was performed at room temperature (20 �C) on
two L-PBF samples and raw powder to identify the different phases
present. As observed in Fig. 14(a), the patterns confirm the pres-
ence of mostly B190 martensite phases. The presence of martensite

phase in the matrix was also confirmed in microscopy, seen in the
form of needle-like structure (Fig. 14(b)). The peak around 60�
indicating an R (222) phase or a B190 (121) was stronger for the

raw powders. The peak around 41� showing B190 (1 1
�

1), was
weaker in the case of V7, however, it was stronger and wider in
the case of V2. Comparatively, most of the B190 peaks were stron-
ger and wider in the case of V2. Some of the minor obscure peaks
may indicate the presence of secondary phases such as NiTi2 and
Ni3Ti [49]. The presence of R-phases and precipitates or secondary
phases might be caused due to intense thermal stresses generated
from the processing conditions. The presence of Ni4Ti3 precipitates
often results in a stable R-phase [49].

It has to be noted that the austenitic transformation (heating
cycle) is an endothermic process, while themartensitic transforma-

BD2

LD

BD

BD2

LD

BD

Keyhole pores

Irregular voids

Cracks caused by 

thermal stresses

Horizontal 

sample

Ver�cal 

sample

(b)

(d)(c)

(a)

Fig. 9. (a) SEM image showing porosity found in sample V11 showing lack of fusion indicated by unmelted particles trapped between layers; (b) microcracks of sample V7;
optical micrographs showing the extent of porosities observed on (c) horizontally built (H2) and (d) vertically built (V2) samples having same process parameters. (LD –
sectional lateral face corresponding to print layer; BD and BD2 – faces corresponding to the build direction as illustrated).

Josiah Cherian Chekotu, R. Goodall, D. Kinahan et al. Materials & Design 218 (2022) 110715

10



tion (cooling cycle) is an exothermic process involving enthalpy
changes. This transition enthalpy (J/g) was determined by plotting
the heat flow curve (W/g) generated via DSC against the time
parameter (seconds). The martensitic transformation peak in the
new plot (Fig. 11) is then isolated, and the area enclosed by the peak
is calculated by integrating the curve using MATLAB trapezoidal
numerical integration (trapz) function to get the cooling enthalpy
(DHcooling). A similar method is followed for the austenitic transfor-
mation peak to get the heating enthalpy (DHheating). As observed in
Fig. 15, the transition enthalpy changes during the heating and
cooling cycles are different from each other. In general, the enthalpy

change during cooling cycles is higher compared to that of the heat-
ing cycles. To better understand this calorific difference, the transi-
tion enthalpy ratio (TEr) was calculated using Eq. (4).

TEr ¼
DHheating

DHcooling

ð4Þ

Referring to Fig. 15, it can be seen that after the L-PBF process-
ing, the TEr values dropped from 0.97 (raw powder) to a range of
0.72–0.83. Ideally, the net heat inflow or outflow should be equal
and balanced (TEr = 1), indicating complete phase transformation
of the material. However, due to the processing conditions, mate-

Keyhole pores

200 μm

Spherical pores

(a)

(b)

(c)

(d)

Fig. 10. (a) Polished LD face of sample V2 showing the presence of keyhole pores; (b) detailed view of spherical gas-induced pores formed along the edges; (c) magnified view
showing the rectangular patterns; (d) fractograph showing brick-like structures beneath the rectangular pattern on the surface.

Mf Ms

Rs*

Rf*/As

Af

Sample V1 Sample V1

(b)(a)

Fig. 11. Illustration of determining the (a) transformation temperatures and (b) transition enthalpy from the DSC graphs.
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rial inhomogeneity and different entropies in play, the extent of
transformation can differ in a real scenario. The entropies are
linked to the thermal and dynamic equilibrium, and the entropy
production due to phase transformations [50]. This results in a dif-
ference in calorific values during heating and cooling cycles. It is
interesting to note that the raw powder has a high TEr value close
to 1; indicating a good compositional homogeneity and least ther-
mal or dynamic entropies. As mentioned earlier, the TEr value can
also point towards the extent or volume of material undergoing
phase change. Based on the DHheating and DHheating , it can be implied
that the material transformed to austenite (heating) decreased by
10–30%, while the transformation to martensite (cooling)
increased by 1–9% in the case of L-PBF samples (Fig. 15). It is inter-
esting to note that VED showed a high positive correlation with the
cooling (r = 0.5155) and heating (r = 0.5333) enthalpies, which also
positively correlated with a relative increase in Ti content within
the alloy.

Analysing the effect of the laser process parameters on TTs, it
can be seen that certain critical temperatures or range of temper-
atures showed a significant effect on these values. Martensite start
temperatures generally lie about halfway across the transition
temperatures span, and therefore they can be used as a quick ref-
erence to understand the functional property that the material
might possess. The full transformation temperature range, TTR =

Af �Mf , and Af temperatures indicate the boundaries of a transi-
tion span. This could help the engineers to identify the operational
range of the material for specific applications. Rs� ! Ms transfor-
mation range (RMTR) is the transition span where the phases are
unstable as the crystal structure tends to change dynamically to
the most suitable variant of martensite or R-phase or austenite.
In the current DoE, Ms was found to have a linear relation (Eq.
(5)) with the process parameters (Fig. 16(a) and (b)); scan speed
and hatch spacing poses an indirect relation with higher signifi-
cance, while the laser power poses a direct impact on Ms. Af was

Fig. 12. DSC plots showing the shift in transformation peaks and the presence of an intermediate phase after L-PBF processing compared to the raw powders (a); variation of
martensite start temperature (Ms) with Ni content (b) [46].

Fig. 13. Ni evaporation (increase in Ti content) in all samples and their transformation temperatures showing different phases: Austenite transition (Af-As); R-phase
transition stage 1 (As-Rs*); R-phase transition stage 2 (Rs*-Ms); and Martensite transition (Ms-Mf).
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found to have a two-factor interactive (Eq. (6)) relation (Fig. 16(c)
and (d)); however, laser power exhibited a stronger indirect influ-
ence on the Af compared to the other two parameters. A linear
relation (Eq. (7)) was found to exist with the RMTR range also. Laser
power exhibited an indirect relation with a higher significance,
while a direct effect on RMTR was observed with the hatch spac-
ings (Fig. 16(e)). In a recent work by Zhu et al [48], hatch spacing
was found to have a linear relation with TTs, which may be attrib-
uted to a reduction in Ni content and increasing dislocation densi-
ties. In the case of TTR, the estimated relation (Eq. (8)) was again
found to be linear, having the laser power posing a negative rela-

tion with high significance, and the scan speed posed a positive
relation. The response surface for TTR is shown in Fig. 16(e).

Ms Cð Þ ¼ 63:68235þ 0:012083P � 0:001208v � 0:035h ð5Þ

Af Cð Þ ¼ 168:55294� 0:382222P � 0:009056v � 0:45h

þ 0:000094Pv þ 0:003889Ph� 0:000111vh ð6Þ

RMTR Cð Þ ¼ 15:85245� 0:044167P þ 0:001667v

þ 0:086667h ð7Þ

V7
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Fig. 14. (a) X-ray diffraction patterns observed in raw powder, and the L-PBF produced samples V2 and V7; (b) martensitic structures as seen in optical micrograph of sample
V2.
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TTR Cð Þ ¼ 100:94608� 0:100417P þ 0:007958v þ 0:063333h ð8Þ

3.5. Nickel evaporation

As discussed in the previous section, Ni evaporation or increase
in Ti content in the matrix have a significant effect on the shape
memory behaviour of the material by increasing the TTs. In the
current work, the raw powder had Ni composition of 49.9 at.%
which is just around the corner of the plateau region in the graph
shown in Fig. 12. Therefore, the change in Ni content (1.2–1.8 at.%)
that occurred in the L-PBF resultant samples did not cause a huge
change in the TTs. If the Ni content had been higher in the raw
material, the effect of Ni evaporation would have been consider-
able. Thus, the level of Ni evaporation plays a critical role in deter-
mining the performance of the functional property for the specific
application. It is necessary to have high input energy to cause this
phenomenon, and therefore the effect of laser process parameters
needs to be addressed.

From the response analysis, it can be seen that a two-factor
interactive relation (Eq. (9)) exists between the Ni evaporation
and process parameters in the current DoE. Fig. 17 shows the
response surfaces representing the combined effect of process
parameters on Ni evaporation. It was found that the scan speed
and hatch spacing (with higher significance) posed a negative rela-
tion with the output. It was also seen that the VED shows a highly
significant (>85%) direct relation with the Ni evaporation. A nar-
rower hatch spacing causes laser track overlap which ultimately
results in high VED, and this finding correlates well.

Nievaporation at:%ð Þ ¼ 0:905882þ 0:008333x� 0:000528y

þ 0:02zþ 2:77778E� 06ð Þxy

� 0:000167xz� 5:55556E� 06ð Þyz ð9Þ

3.6. Thermal expansion characteristics

The linear thermal expansion properties of all L-PBF samples
were analysed through dilatometry. Thermal strain curves were
formulated as shown in Fig. 18 (a), based on the thermo-
mechanical data generated by the instrument. The linear thermal
expansion coefficients (CTES) were then calculated (Eq. (10)) by
taking the slopes of the thermal strain curves around a selected

region where the linear expansion is stabilised or where a steady
state of stable phase is found. The heating and cooling cycles
exhibited slightly different slopes, and therefore an average of
these values were used to quantify the resultant CTE values used
for the study.

CTE ¼
DL

L0:DT
ð10Þ

where, DL denotes the change in one linear dimension, L0 is the
original length, and DT is the change in temperature causing the lin-
ear thermal expansion. The CTE values for the L-PBF samples were
found to be between 10.7E and 06 and 12E-06/�C; sample V1 was
tested to have a CTE of 10.8E-06/�C and for V2 and V3, CTE was
found to be 11.4E-06/�C. These results lie close to the theoretical
CTE value of 11E-06/�C for austenite (high temperature) phase in
Ni-Ti [51]. The CTEs were calculated in the high temperature (aus-
tenitic) region. No significant correlations were found between
the process parameters and CTE. The thermal expansion coefficients
generally decrease with an increase in the bond energy. A higher
bond energy also results in higher melting point. Therefore, the
CTE will be lower in a material that has higher melting point. Since,
the compositional variation of L-PBF samples in this study are not
considerable, this has not caused any significant change in the CTE.

From the CTE evolution and thermal strain curves shown in
Fig. 18, we can see abrupt dips or humps during heating and cool-
ing. These dips or humps indicate a sudden shrinkage or expansion
of the material. These characteristic dip/hump indicates solid-state
phase transformations as the temperature changes causing the
instrument probe that is in contact with the sample, to detect an
abrupt contraction or expansion of the sample [52]. The entry
and exit tangents (Fig. 18(a)) of these humps in thermal strain
curve give an estimation of the corresponding transformation tem-
peratures. Since the machine could not cool the sample below
room temperature, the Mf temperatures have been excluded. The
transition after the start of austenite phase was not clear enough
in heating cycle, and therefore only Ms, Rs*, and As were focussed
in the study. As seen in Fig. 19, the temperatures were close
enough to the values found through the DSC curves. Ms and Rs*
showed high correlations (r = 0.536 and 0.473 respectively)
between the two methods (DSC and dilatometry). There was no
significant correlation between the As temperatures obtained by
the two methods. The difference in Ms values obtained through

Fig. 15. Enthalpy changes during austenitic and martensitic transformations, and enthalpy ratio (TEr) for each of the L-PBF samples and raw powder.
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the two methods ranges between 1.4 and 7.8 �C; difference
between Rs* values ranges 0.2–5.5 �C; and for As the range was
found to be between 0.2 and 15.8 �C. Large variations in CTE will

be observed when a phase transformation occurs. To explain the
expansion phenomenon in Ni-Ti, both the DSC and dilatometry
data can be referred to.

Fig. 16. Response surfaces of laser process parameters on transformation temperatures of vertical samples keeping the third parameter at middle level: martensite start (a,
b); austenite finish (c, d); R-phase to martensite transition range (e); Full transformation temperature range (f).
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Due to the monoclinic structure of the martensite phase, it is
possible for the martensite during transformation to form 24 dif-
ferent variants [53,54], and select a crystallographic equivalent
variant as it transforms into austenite phase. Since, there is a frac-
tional presence of R-phase in sample V2 as observed in DSC and
XRD analysis, when the Ni-Ti is heated crossing Ms temperature,
the crystal lattice tends to conform to the phase variant that has
lower free energy. Martensite phase has been found to have lowest
energy, while the R-phase has an intermediate, and austenite hav-
ing the highest free energies as shown in Fig. 20. It should be noted
that the difference between the free energies of R-phase and
austenite is not significant, and the lattice always prefers to choose
the phase that has a lower free energy state for stability.

The dips and humps in Fig. 18(b) can be explained based on the
transformation between each phase, which often results in an
expansion or contraction depending on the lattice parameters of
the crystal structures. The monoclinic B190 martensite lattice
parameters are a = 2.877 Å, b = 4.686 Å and c = 4.099 Å, while
the austenite B2 (BCC) structure has a shorter lattice a = 3.014 Å.
Therefore, an M to A transformation results in a change in the lat-
tice parameters: a increases by 7%, while b and c decreases by 8.8%
and 1.6%. However, the overall unit-cell volume differs by only
0.4% [55]. In the case of rhombohedral R-phase, lattice parameters
are defined in terms of hexagonal lattice index having a = 7.358 Å
and c = 5.2855 Å. A rhombohedral unit cell is a skewed version of
BCC austenite elongated by 0.94% in the [111] direction [56].

Therefore, a transformation from R* to A is likely to cause
contraction.

As observed in Fig. 18(b), the CTE is initially constant (� 8E-06/
�C, close to the theoretical CTE of martensite phase [51]) when
heated from room temperature. Once the temperature crosses
Ms, the martensite shifts to a lower energy variant while trans-
forming to an R-phase variant. This can result in a dip in the CTE.
This dip is further deepened to a few negative CTE values, which
indicates a contraction as temperature rises. Depending on the
homogeneity of the material, austenite and R-phase can coexist
with clear boundary between them [58]. Owing to this possibility,
some of the martensite may start to transform to austenite directly
instead of transitioning through an R-phase. This causes a negative
CTE as the lattice contracts with an increase in temperature. More-
over, the R* in sample V2 is an unstable variant, and exists as a
shoulder on the austenitic transformation. This points towards an
inhomogeneity in the bulk phase compositions.

When the material is further heated to above R*, R-phase starts
to form indicating a sharp surge in CTE values due to an elongation
in the lattice. Once the temperature is around As, the CTE values
start to gradually level off and decrease (R* to A lattice contraction)
until Af is crossed, after which the curve gradually stabilises to
austenitic CTE value� 11.4E-06/�C. Both martensitic and austenitic
CTE values were found to be very close to the theoretical values.
While cooling, due to the incapability of the instrument, the
cooling rate could not be maintained. This resulted in the cooling

Fig. 17. Response surfaces for Ni evaporation resulting from the L-PBF process showing the effects of (a) scan speed and hatch spacing, (b) scan speed and laser power, and (c)
hatch spacing and laser power.
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rate decreasing rapidly as natural cooling started to take over from
around 70 �C and below. Due to this anomaly, the CTE evolution of
the sample could not be properly understood as it highly depends
on the cooling rate. However, this would not affect the determina-
tion of the Ms from the thermal strain curve, as the peak is depen-
dent on the temperature changes. CTE evolution curve was
therefore plotted only till 60 �C for the cooling cycle, to see the
trend of the curve. Even though the actual mechanics are not
understood, it can be seen that there has been a dip going to the
negative CTE region. This indicates a possible lattice transforma-
tion from austenite to a martensite, owing to an elongation of
the unit cell.

4. Conclusions

As-fabricated Ni-Ti samples were 3D printed using the L-PBF
(SLM) technique, and the effect of process parameters on the part
density, material composition and phase transformation tempera-
tures were analysed. To examine the relative part densities, the
effect of build orientations (horizontal and vertical) were also con-
sidered. Variation in densities among the L-PBF samples were

linked to the thermograph findings, and certain process-related
defects. The laser energy input caused Ni evaporation which results
in higher transformation temperatures than that of the raw mate-
rial used. The transformation behaviour was further investigated in
detail based on the DSC graphs. The endothermic and exothermic
enthalpy changes associated with phase transformations were also
compared and investigated to elucidate the extent of transforma-
tions. The thermal expansion characteristics for the printed sam-
ples were also studied, via dilatometry. The generated results
helped in exploring the underlying mechanics of linear expansion
in Ni-Ti, and comparing the TTs to that produced via DSC analysis.
All significant correlations between the input process parameters
and the characterisation results were presented in the form of
response surfaces and actual equations. The following conclusions
summarise the important findings from this work:

1. The relative densities of samples printed horizontally showed
higher variations between 93.4% and 98.5%, while vertically
printed samples showed only small variations resulting in den-
sities of 97.2% to 97.9%. For the current parameter levels, the RD

of vertical samples presented a linear and two-factor interactive

Fig. 18. Plots of the (a) thermal strain curve for samples V1, V2 and V3 showing austenite and martensite phase transformations; and the (b) evolution of CTE with
temperature for sample V2.
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relation, while the RD of horizontal samples showed an addi-
tional quadratic relation also, with the laser process parame-
ters. For the horizontal samples, an inverse effect between RD

and VED was also found; highest impact was found to be from
the scan speed. Low densities were found to be linked to poros-
ity defects that are cause by trapped/escaped gas voids, keyhole
formations, and defective powder particles. The structures also
contained microcracks formed from residual thermal stresses.

2. The difference in densities of the samples printed vertically and
horizontally were linked to the intralayer temperature differen-
tials. Higher difference in TDavg causes larger differences in den-

sities of samples printed in either orientation. The vertical
samples were found to have a lower TDavg , which resulted in
a higher average density and the lower density variability com-
pared to the horizontally printed samples.

3. In general, L-PBF samples were found to contain an unstable
overlapped R-phase with the austenite phase; the finding was
corroborated in XRD analysis also. Compared to the raw pow-
ders, the L-PBF samples showed higher TTs associated with
the reduction in Ni content. The Mf temperatures elevated by
1.2 to 9.0 �C. Ms temperatures increased by 11.8 to 13.9 �C;
showed a linear relation to the process parameters. Rs* elevated
by about 20 to 25 �C, and Rf */As by 7.0 to 19.8 �C. Af increased
by 5.0 to 13.9 �C, and showed a linear and two-factor interactive
relation to the process parameters. Both RMTR and TTR showed
linear relations to the laser parameters.

4. The transition enthalpies for A to M and M to A transitions dif-
fered considerably, giving rise to lower transition enthalpy
ratios (0.72 to 0.83) whereas the enthalpy ratios for raw pow-
ders were quite high (0.97); this was related to the extent of
material that has undergone phase transformations.

5. The Ni content was found to reduce by 1.2 to 1.8 at.% under the
parameter levels used in this work. A linear and two-factor
interactive relation was found to exist between the Ni evapora-
tion and the laser parameters. VED exhibited a high direct cor-
relation (>85%) with the Ni evaporation. Scan speed and hatch
spacing were found to have a negative correlation to this occur-
rence. Considering the above findings, we can conclude that the
feedstock (pre L-PBF) composition combined with the potential
of L-PBF process parameters to cause Ni evaporation (which
alters the TTs) can be exploited to process Ni-Ti for specific
applications. For instance, for heat pump applications, TTs in
the range of 70 to 100 �C is optimal for the operation conditions,
whereas, lower TTs in the range of �20 to 10 �C will be optimal
for superelastic applications.

6. The linear CTE s for L-PBF samples were found to vary between
10.7E-06 and 12E-06/�C under the austenitic region, and be
approx. 8E-06/�C for the martensitic region, in close agreement
to the theoretical values. The transformation temperatures
found via dilatometry and DSC were also in good agreement.

Fig. 19. Transformation temperatures (martensite start,Ms; R-phase start, Rs*; austenite start, As) from dilatometry data compared with the ones obtained from DSC analysis.

Fig. 20. Illustration of Gibbs free energy of martensite, R-phase and austenite
phases at different temperatures, compared with the DSC curve similar to the L-PBF
samples in this work; dotted line represents heating cycle; figure reproduced from
Deurig and Bhattacharya (2015) [57].
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The above findings were for the current selection of process
parameters and levels. These could differ greatly with respect to
the material composition chosen, operation environment, and
range of parameters used. For instance, the relationship between
VED and part density does not clearly explain how density can be
controlled, this strongly encourages the need for a new relation-
ship that considers different aspects of the L-PBF process, such as
powder material characteristics, laser processing properties and
inert-gas flow properties, in more detail. A few of the defects could
be avoided prior to the process itself, for instance, a meticulous
preparation and recycling of raw powders processed with good
morphology and rheology can help to avoid chances of certain
internal porosities. Substrate preheating can help to reduce the
residual thermal stresses. Indeed typically, the as-fabricated sam-
ples are preferred to undergo annealing or thermal post-
processing in order to relieve thermal stresses, and combat the for-
mation of precipitates and secondary phases that affects the matrix
composition and/or the SME characteristics. In future work, it is
planned that the resulting physical properties will be examined
further.
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