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Abstract 

Al-2.85 wt% Fe alloy has been subjected to nonequilibrium containerless solidification using 

a 6.5 m drop tube. Spherical samples were collected and sieved into 7 sizes fractions ranging 

from 850 m to 53 m, with the estimated cooling rates being 150 to 11000 K s-1 respectively. 

XRD analysis was employed on all droplet size fractions for identification and evolution of the 

phases, showing that Al, Al6Fe and Al13Fe4 were formed for all sizes while Al5Fe2 was 

observed only in droplets  150 m in diameter. Microstructural evaluation was conducted by 

using SEM and optical microscopy, showing that droplet larger than 300 µm in diameter 

exhibited distinct morphologies; microcellular, dendritic α-Al with interdendritic Al13Fe4 

eutectic and an Al-Al6Fe eutectic region. With increasing cooling rate, the Al-Al6Fe region 

disappeares. EDX analysis reveals that increasing the cooling rate increased the dissolved Fe 

content in α-Al from 0.37 wt% Fe to 1.105 wt% Fe, and correspondingly the eutectic fraction 

decreased from 49.7 vol.% to 26.7 vol.%. Measurement of the lamellar spacing allowed the 

eutectic growth velocity and interfacial undercooling to be calculated, wherein the Al-rich 

boundary of the eutectic coupled zone could be reconstructed. This shows a coupled zone 

skewed significantly towards the intermetallic side of the eutectic. In order to understand the 

effect of nonequilibrium the solidification on the mechanical properties microhardness of the 

droplets was measured. The microhardness has risen from 55.3 HV0.01 to 66.5 HV0.01 for ≥850 µm and ≤ 75 µm droplets respectively. 

Keywords: Al-Fe alloys, containerless solidification, microstructure, TEM, microhardness 

1. Introduction 

Fe is present in most secondary Al as an impurity element [1]. The presence of Fe has significant 

detrimental effects on mechanical properties, corrosion resistance, formability and surface 

finish of Al alloys by forming intermetallics such as needle like Al13Fe4 
[2]. Although Al13Fe4 

(also sometimes denoted as Al3Fe) is the only stable intermetallic phase up to 40 wt% Fe, 

nonequilibrium solidification processes can promote the formation of a number of 

thermodynamically metastable intermetallics, which can either improve the mechanical 

properties, especially, high temperature strength, elastic moduli and thermal stability of iron 

bearing aluminium alloys [3] or, as a minimum, have a less deleterious effect on the mechanical 

properties than is the case with Al13Fe4.  

These metastable intermetallic phases include the orthorhombic Al6Fe and Al5Fe2 phases [4], 

together with a range of others intermetallics including AlmFe (m=4.0 to 4.4), AlxFe (x=5.0 to 

5.5) and Al9Fe2 
[3]. The formation of these phases, and therefore which phase may be selected, 
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depends upon the thermal and solidification conditions, as well as Fe concentration of the alloy 
[5,6].  Of the metastable intermetallics, the transition between stable Al13Fe4 and metastable 

Al6Fe appears to be the easiest to facilitate. According to the metastable phase diagram 

proposed by Murray [7], the Al-Al13Fe4 eutectic composition of 1.7 wt% Fe moves to 2.8 wt% 

Fe in the Al-Al6Fe eutectic, although the eutectic temperature is not much changed, being 655 

°C for the Al-Al13Fe4 eutectic compared with 648 °C for the Al- Al6Fe eutectic. However, only 

very small departures from equilibrium are required to mediate this transition, with Al-Al6Fe 

being the dominant eutectic in Bridgman growth experiments at velocities > 0.1 mm s-1 and the 

Al13Fe4 intermetallic disappearing completely for growth velocities above 1-10 mm s-1, 

depending upon the Fe-concentration of the base alloy [8,9]. This transition corresponds to an 

interface temperature for the eutectic close to that of the equilibrium eutectic temperature for 

the growth of the Al-Al6Fe eutectic. In addition, decagonal quasicrystalline and amorphous 

phases have been reported via melt spinning and powder milling [4,10]. While quasicrystalline 

phases can be observed in dilute systems (2.5 at%Fe), amorphization requires higher Fe content 

as high as 10 at.% Fe [4,11]. 

Rapid solidification (RS) techniques provide significant microstructural and constitutional 

changes [10,12,13] in many alloys. Some of the unique properties achieved by RS techniques 

consist of solid solubility extension, grain size refinement, formation of metastable phases and 

in some cases formation of amorphous and quasicrystalline phases, with many of these effects 

improving the mechanical properties of alloys, especially lightweight metals [10,14]. 

Consequently, there has been considerable interest in exploring whether RS processing of 

contaminated and mixed alloy scrap Al, particularly via powder metallurgical techniques, can 

provide a cost effective route to upcycle such scrap without the need for refining the scrap prior 

to processing[15]. 

Rapid solidification can be achieved by different techniques including, but not limited to: drop 

tube processing, electromagnetic levitation, melt spinning and glass fluxing. The drop tube 

technique is a containerless solidification process which combines deep undercooling and high 

cooling rate under free-fall conditions, wherein buoyancy driven convection may be much 

reduced. Such containerless processing eliminates possible heterogeneous nucleation sites 

from mold/container walls, while the use of high vacuum or inert gas atmospheres within such 

equipment avoids oxidation, which also reduces the density of favourable sites for 

heterogeneous nucleation [16–18]. Moreover, drop tube processing provides a good analogue for 

commercial powder production techniques, such as high pressure gas atomisation (HPGA), and 

we might reasonably expect that microstructures observed in drop tube studies will be 

replicated in commercial HPGA powders of similar composition.  

Al-Fe alloys have been of interest to many researchers due to various structures with 

extraordinary physical and mechanical properties [16,19].  The solid solubility of Fe in Al is very 

low (0.05 at.%) [20]. There are numerous studies on the extension of the solid solubility of Fe 

in Al via different rapid solidification techniques [4,6,11,20]. In the majority of these, as might be 

expected, the degree of supersaturation increased with both the Fe-content of the liquid and the 

level of departure from equilibrium (generally either higher cooling rate or deeper 

undercooling), with the published extensions ranging between 2 to 10 at.%. However, in one 
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seemingly anomalous study, Nayak et al. [4], using melt spinning on Al-Fe alloys containing 

between 2.5 to 20 at.% Fe, found that the solid solubility of Fe decreased with increasing Fe 

content. Perhaps even more surprisingly they found that increasing the linear wheel speed from 

20 to 40 m s-1, thus increasing the cooling rate, also decreased the solid solubility of Fe. 

Chen et al. [3] studied the microstructural evolution of impulse atomized, hypoeutectic Al-0.61 

wt% Fe and hypereutectic Al-1.90wt% Fe droplets, with diameters of 355µm and 

corresponding cooling rates of 95 K s-1 and 170 K s-1 respectively. They reported that in both 

samples the primary phase to form was α-Al with a dendritic morphology, rather than an 

intermetallic [3], a fact they attributed to the shift in the eutectic point under rapid solidification. 

AlmFe was found to be the only intermetallic in the hypoeutectic droplet, while in the 

hypereutectic, and hence faster cooled, alloy Al13Fe4 and small amounts of Al6Fe were detected 

using neutron diffraction and TEM, in addition to AlmFe. They also reported that the dendritic 

growth direction for both samples was <111> rather than <100>, <100> being the expected 

growth direction for fcc metals with a low entropy of fusion [3]. 

Drop tube studies on the Al-Fe system date back to 1988. Since then, limited researches have 

been made. In a study by Cochrane et al. [21] based on drop tube processed Al-8wt% Fe, 250-

120 µm droplets processed in helium showed that primary faceted Al13Fe4 and a rod like 

eutectic between α-Al and Al6Fe formed at lower undercooling, ΔT. Increasing ΔT resulted in 

the formation of the α-Al + Al6Fe eutectic only. Moreover, increasing the cooling rate, and thus 

ΔT, changed the morphology of the powders from a fine cellular structure to cellular-dendritic. 

However, the cooling rate of the droplets in this experiment was not estimated. The minimum 

undercooling below the liquidus temperature to achieve primary Al, primary Al6Fe and 

partitionless solidification were estimated as 140 K, 225 K and 290 K, respectively [21]. Similar 

cellular-dendritic microstructures were also observed by Sharma et al. in drop-tube solidified 

Al-3.6wt% Fe droplets with a diameter of 500 µm produced in a helium atmosphere [22]. Sharma 

et al. found that the primary phase was α-Al with an estimated the undercooling for this alloy 

of 450 K below the Al13Fe4 liquidus, or 375 K below the metastable extension of Al liquidus. 

The purpose of this investigation is to characterize rapidly solidified drop tube processed Al-

2.85 wt% Fe samples as a function of cooling rate. For this purpose, XRD, optical microscopy, 

Scanning Electron Microscopy and Transmission Electron Microscopy techniques were 

employed. The microhardness values of the samples were measured in order to understand the 

effect of the cooling rate on the mechanical properties. 

2. Experimental Procedure 

The Al-2.85 wt% Fe alloy was prepared using high purity Al (>99.999 wt%) and high purity 

(99.9 wt%) fine iron wires. These were melted together in a high vacuum furnace, with the 

melt being held for 30 minutes at a temperature of 1150 °C before being slowly cooled to room 

temperature. In order to ensure complete dissolution of the iron, the alloy was sectioned and 

mounted in resin. The mounted sample was then investigated using XRD, optical microscopy 

and SEM. After such examination, and making sure that Fe is completely dissolved in Al, the 

prepared alloy was placed in an alumina crucible which has three laser drilled holes of 300 µm 

diameter in the base. The alumina crucible was then mounted in a graphite susceptor and sealed 
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to the top of the drop-tube. Two alumina heat shields were placed around the susceptor, which 

was induction heated using a 3 kW RF generator.  

The drop tube was evacuated to a pressure of 10-2 mbar and backfilled with dry, oxygen free, 

nitrogen gas to a pressure of 500 mbar. This process was repeated 3 times in order to flush any 

residual oxygen from the drop-tube. The final evacuation was done using a turbomolecular 

pump to a pressure of 2.7x10-5 mbar and the drop-tube was again filled to 400 mbar with dry, 

oxygen free, nitrogen gas. An R-type thermocouple was inserted into the crucible, just below 

the level of the melt, to measure the temperature of the sample. Once molten, the melt was 

ejected by pressurizing the alumina crucible with 4 bar nitrogen gas.  

The resulting spherical samples were collected from the bottom of the drop-tube after cooling 

and sieved in to 7 different size fractions, namely: 850-500 µm, 500-300 µm, 300-212 µm, 

212-150 µm, 150 -106 µm, 106-75 µm and 75-53 µm.  

The sieved samples were investigated by XRD using a Philips X’Pert Diffractometer with Cu 

Kα radiation and a step size of 0.033° between 2θ values of 20° to 80° at room temperature. 

Following XRD analysis, the samples were hot mounted in resin. The mounted samples were 

ground using 800, 1200 and 2000 grit SiC papers progressively. The ground samples were then 

polished using 6 µm, 3 µm and 1 µm diamond pastes. The final polishing was made using 0.05 

µm colloidal silica on a semiautomatic polisher for 1.5 minutes to obtain a scratch free surface 

finish. Between each grinding and polishing stage, samples were washed using dilute detergent, 

running water and methanol and then dried with hot air. The samples were checked under 

optical microscope after each stage. The polished samples were etched for optical microscopy 

using Keller’s Reagent (1% HF, 1.5 % HCl, 2.5% HNO3 and 95% water).  

The microstructures of the samples were analysed using an Olympus BX51 optical microscope, 

Hitachi Su8230 SEM and Carl Zeiss EVO MA 15 SEM with built-in energy dispersive X-ray 

analyser (EDS). For SEM analysis, the samples were carbon coated. SEM images were used 

for additional quantification of the microstructure. A Transmission Electron Microscope 

(TEM) sample was cut using Focused Ion Beam (FIB) connected to FEI nova 200 NanoLab 

FEGSEM. The sample was later investigated using FEI Titan3 Themis 300 TEM. 

The image processing software ‘Image J’ was used for the measurement of the volume fraction 

of the phases and the inter-lamellar spacing from the SEM and optical microscope images. The 

fraction of eutectic was measured by converting the area of interest in the RGB images to grey 

scale and using the ‘threshold’ function in the software. Eutectic spacing and secondary 
dendrite arm spacing were also measured by using the software. Lines with a length, l, were 

drawn perpendicular to the lamellar eutectic and the number of lamellar eutectics, c, were 

count. The lamellar eutectic spacing, 𝜆, were, then, determined by the following equation: 𝜆 =  𝑙𝑐 
(1) 

With the same procedure being used to measure the Secondary Dendrite Arm Spacing (SDAS). 

Microhardness measurements were conducted using a TukonTM 1202 Wilson Hardness 

(Vickers) using 10g load at room temperature, with such measurements being made on the 
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mounted and colloidal silica polished samples. For each sample, at least 10 measurements were 

made. 

3. Results 

3.1 Cooling Rate 

The cooling rate of the droplets in free-fall down the drop tube cannot be measured. However, 

the cooling rate of such droplets can be calculated using the heat balance of the solidifying 

droplets and can be expressed as [23,24] 𝑑𝑇𝑑𝑡  [𝐶𝑝𝑙  (1 − 𝑓)  +  𝐶𝑝𝑠𝑓] + 𝐿 𝑑𝑓𝑑𝑡  =  6𝑑 𝜌𝑙   [𝜀 𝜎𝑆𝐵  ( 𝑇4 −  𝑇𝑅4) + (ℎ𝑚(𝑇 − 𝑇𝑅)] (2) 

where 𝑑 is the droplet diameter, 𝐶𝑝𝑙  is the specific heat of the melt, 𝐶𝑝𝑠 is the specific heat of the 

solid, 𝑓 is the solid fraction, 𝐿 latent heat, 𝜌𝑙 is the density of the melt, 𝜀 is the surface 

emissivity, 𝜎𝑆𝐵 is the Stephan-Boltzman constant, T is the instantaneous temperature of the 

droplet, 𝑇𝑅 the temperature of the gas (room temperature) and ℎ𝑚 the heat transfer coefficient 

of the droplet falling through a gas. The heat transfer coefficient, ℎ𝑚, is given as:  ℎ𝑚 =  𝜅𝑔𝑑  (2.0 + 0.6 √𝑅𝑒 √𝑃𝑟3 ) 
(3) 

where 𝜅𝑔  is the thermal conductivity of the gas, 𝑅𝑒 the Reynolds number and 𝑃𝑟 the Prandtl 

number, with the Reynolds and Prandtl numbers being given by: 𝑅𝑒 =  𝑣𝑟  𝜌𝑔 𝐷𝜂𝑔  Pr =  𝐶𝑝𝑔 𝜂𝑔𝜅𝑔  
(4) 

where 𝜌𝑔 is the density, 𝜂𝑔  the dynamic viscosity, 𝑣𝑟 flow velocity and 𝐶𝑝𝑔 the specific heat of 

the back-fill gas. 

 The thermophysical constants used in the cooling rate calculation are given in Table 1. 

 

Table 1: Thermophysical properties of N2 and Al used in the cooling rate calculation. 

Material Parameter Value 

 

Nitrogen gas [25] 

𝐶𝑝𝑔  1039 (J kg-1 K) 𝜂𝑔   1.78 x 10-5 (N s m-2) 𝜅𝑔   2.6 x 10-2 (W m-1 K-1) 𝜌𝑔  1.16 (kg m-3) 

 

Aluminium [26] 

𝐶𝑝𝑙   1180 (J kg-1 K-1) 𝐶𝑝𝑠  910 (J kg-1 K-1) 𝜌𝑙  2385 (kg m-3) 

L 396 (kJ kg-1) 

 

Figure 1 shows the calculated cooling rate of the solidifying droplets as a function of diameter, 

d. The cooling rate ranges between 150 K s-1 and 11,000 K s-1 for 850 µm and 53µm droplets, 
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respectively. Kasperovich et al. [27] and Erol et al. [23] have both estimated the cooling rates 

experienced during drop-tube processing. The estimated cooling rates here are lower than those 

in [23,27], due both to our use of N2 as a cooling medium, which has a significantly lower thermal 

conductivity than He as used by Kasperovich et al. and Erol et al. and due to the lower liquidus 

temperature (and hence lower temperature differential between the melt and the ambient gas) 

of Al melts, compared to the melts studied by both Kasperovich et al. and Erol et al. Using a 

power law fit, the relationship between cooling rate, dT/dt, and droplet diameter, d, is written 

as: 

dT/dt = 9.7 x 106 x (d/m)-1.707 (5) 

 
Figure 1: Estimated cooling rates of the droplets as a function of droplet size, d. 

 

3.2 XRD Results 

Figure 2 shows the XRD patterns of the rapidly solidified Al-2.85 wt% Fe as a function of 

droplet diameter. The XRD patterns indicate three intermetallics phases: equilibrium, 

monoclinic Al13Fe4, metastable, orthorhombic Al6Fe and metastable, orthorhombic Al5Fe2. 

Al5Fe2 was probably formed at small volume fraction as it was not identified in the 

microstructure of the samples.  α-Al, Al13Fe4 and Al6Fe are the dominant phases for all sample 

sizes and, thus, cooling rates.  With increasing cooling rate, in addition to these three phases, 

Al5Fe2 is observed in samples with a diameter smaller than 106 µm, with a corresponding 

cooling rate higher than 3300 K s-1. It may be noted that, as the most intense diffraction peak 

of Al5Fe2 (311) overlaps with Al (200), it is difficult to distinguish these two peaks in XRD 

patterns. 
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Figure 2: XRD patterns and phase identifications of the droplets as a function of size range. 

3.3 Microstructure and phase identification 

Figure 3 shows an SEM micrograph of the furnace cooled, Al-2.85 wt% Fe sample with an 

average cooling rate of 20 K min-1. As the phase diagram of Al-Fe suggests, the microstructure 

consists of proeutectic Al13Fe4 and α-Al + Al13Fe4 eutectic. The proeuctectic Al13Fe4 has a 

compact, blocky morphology but this transitions into long thin needles radiating out from the 

initial blocky crystal during the eutectic growth phases. Note that, in the absence of primary α-

Al, the growth of the intermetallic is unconstrained, leading to the observed thin needle like 

crystals of Al13Fe4. This is the classic morphology for this phase and the one which is attributed 

to causes such a significant drop in the mechanical properties of Fe-contaminated aluminium. 

 

+ 

+ 
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Figure 3: SEM micrograph of the drop tube cooled sample showing blocky Al13Fe4, Al13Fe4 

needles and α-Al matrix. 

Figures 4a and 4b show optical micrographs of the samples from the largest two size fractions, 

850 µm < d < 500 µm and 500 µm < d < 300 µm, respectively. It is clear from the figure that 

there exist three distinctive regions: a microcellular region (designated with circles in the 

figures, which we hypothesise also indicate the location of nucleation on the sample), a 

dendritic region and a rod-like eutectic region. Magnified SEM images of these areas for a 850 

µm < d < 500 µm droplet are given in Figure 5. From the extensive presence of dendrites, it 

can be seen that α-Al is the primary phase. According to the equilibrium phase diagram and 

the microstructure of the furnace cooled sample given in Figure 3, the primary phase expected 

is the Al13Fe4 intermetallic, the composition of the alloy being hypereutectic. However, it is 

evident from the microstructure (Figure 5 b and c)) that the primary phase formed is α-Al rather 

than Al13Fe4 intermetallic, which suggests that the resulting undercooled liquid was on the α-

Al side of the eutectic coupled zone. This result accords with that made by [3], using impulse 

atomisation. The fine microcellular region, (figure 5a), consists of primary α-Al with a lamellar 

intercellular eutectic. This then transitions into a dendritic morphology for the α-Al, again with 

a lamellar interdendritic eutectic (Figure 5 b and c), followed by a transition to pure eutectic 

growth (Figure 5d), with this being a rod-like eutectic. According to [28], Al-Al6Fe forms a  fine 

rod-like morphology while Al-Al13Fe4 is a lamellar eutectic, wherein we tentatively associate 

this terminating eutectic as being that between α-Al and Al6Fe, with the interdendritic lamellar 

morphology being that for the Al-Al13Fe4 eutectic (TEM-SAD confirmation of this is given in 

Section 3.3) Transitions in the solidification morphology, such as those observed here, are not 
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uncommon, particularly in eutectic melts [29], wherein the transition is usually associated with 

a drop in undercooling as solidification proceeds. As such, the fully eutectic microstructure is 

likely to represent the last portion of the droplet to solidify. As the Al6Fe eutectic point (2.8 

wt% Fe) is more iron rich than that for Al13Fe4 (1.8 wt% Fe), there appears to be no requirement 

for the growth of α-Al, the base alloy being very close in composition to the Al-Al6Fe 

equilibrium eutectic. Thus, this marks a transition from interdendritic Al13Fe4 being the 

dominant intermetallic to rod-like Al6Fe being the dominant form as distance away from the 

nucleation point increases. Using the ImageJ image processing software, the eutectic spacing 

of the intermetallics and fraction of α-Al were measured from Figure 5 and similar SEM 

micrographs. The average cross-sectional diameter of the rod-like Al6Fe was measured as 140 

nm and thickness of Al13Fe4 lamellar was measured as 120 nm. The fraction of the dendritic 

Al in Figure 5b is measured at 59 vol.%, while the interdendritic eutectic occupies 41 vol.%. 

Henein et al. [30] reported the average eutectic fraction for the impulse atomized Al-1.9 wt% Fe 

and Al-0.6 wt% Fe as 33.1 vol.% and 18.2 vol.%, respectively, with the higher volume fraction 

reported here likely reflecting the higher Fe content of these samples.   

 
Figure 4: Microstructures of rapidly solidified Al-2.85 wt% Fe a) 850-500 µm and b) 500-300 

µm droplets (circles showing the nucleation start zone). 
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Figure 5: Typical microstructures of large droplets 850 µm< d < 500 showing a) magnified 

image of the nucleation region, microcellular region b) dendritic region, c) magnified image of 

the dendritic region and d) eutectic region. 

Typical SEM microstructures for the 300 µm < d < 53 µm droplets are given in Figure 6. These 

droplets show dendritic and microcellular regions only. While some shows a single nucleation 

zone (designated with a circle), others appear to display multiple nucleation zones. Boundaries 

of the dendrites radiating from the nucleation zone(s) are indicated with arrows. There are two 

main changes in the microstructure compared to coarse droplets. Firstly, the fraction of α-Al in 

the dendritic portion of the microstructure rise as the droplet size decreases and 

correspondingly that of the eutectic phase decreases. This is likely due to the increasing cooling 

rate, and thus deeper undercooling, increases the permissible supersaturation of Fe in α-Al. 

This would permit a higher volume fraction of α-Al, and hence require less intermetallic. 

Secondly, below a droplet diameter of 300 m we do not observe the pure α-Al + Al6Fe eutectic 

as the terminating phase within the solidification sequence. Assuming that, in the largest 

droplet size fractions, this is due to a decrease in the undercooling towards the end of 

solidification, we would surmise that in the smaller size fractions the macroscopic heat 

extraction rate was sufficient to overcome this.  
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Figure 6: Microstructures of a) 300<d<212, b) 212<d<150, c) 150<d<106, d) 106<d<75 and 

e) 75<d<53 size fractions, with arrows showing boundaries of growing dendrites and circles 

showing the nucleation start zones. f) Enlarged view of the 106 < d < 75 m sieve fraction 

showing that the interdendritic eutectic remains of the lamella morphology irrespective of sieve 

fraction/cooling rate. 

The morphology of the microcellular region (presumed to be where solidification initiated) 

also changes with increasing cooling rate. The microstructures of the microcellular regions for 

the 106-75 and 75-53 µm spherical samples are given in Figure 7. Figure 7a shows 

microcellular structure 106-75 µm droplet where α-Al is surrounded by lamellar eutectic. This 

morphology is identical to the morphology of microcellular region of the 850-500 µm droplet 

given in Figure 5a, although somewhat finer. Figure 7b also shows the morphology of the 

a b 

c d 

e f 
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microcellular region in the 106-75 µm samples, but now a different eutectic morphology is 

evident. This we believe is a divorced eutectic, with this structure first being observed in this 

size fraction, which would therefore mark the transition from a fully lamellar eutectic to a 

mixed morphology containing both divorced and lamellar eutectic. The estimated average 

cooling rate for this transition is 4745 K s-1, with similar structures being observed in the 75-

53 µm samples, as shown in Figure 7c and 7d, with these samples experiencing higher cooling 

rates. Figure 7d illustrates this mixed morphology, showing the transition from the divorced to 

the lamellar eutectic as distance from the presumed nucleation point increases. 

 

  

  
Figure 7: SEM BSE micrographs taken from the solidification start zone of a) 106-75 µm 

sample showing cellular α-Al surrounded by lamella-like eutectic, b) 106-75 µm sample 

showing divorced eutectic with intermetallics with various size and morphology, c) 75-53 µm 

sample depicting divorced eutectic on which dendritic α-Al grows with lamellar-like 

intermetallic and d) magnified image of solidification zone of c). 

Secondary dendrite arm spacing 

During drop tube processing it is not possible to monitor the thermal history of the droplets 

directly. Thus, there are two ways to estimate the cooling rates of the droplets: 1) using 

mathematical models and 2) using the secondary dendrite arm spacings of the samples. The 

estimated cooling rate of the droplets using a mathematical model was given in Figure 1. SDAS 

of the α-Al was measured for all sample sizes using image processing software. Figure 8 shows 

the measured SDAS for each sieve fraction, plotted as a function of the average cooling rate 

α-Al 

Lamella eutectic 

Divorced 

eutectic zone 

Dendritic 

zone 

Cellular 

structure 

a b 

c 
d 
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for that sample size. This shows that the SDAS decreases with decreasing droplet size and, 

consequently, increasing cooling rate and ranges between 4.2 to 1.4 µm. Theoretically,  it is 

predicted that [31] SDAS should scale as:  𝑆𝐷𝐴𝑆 = 𝐾 ∗  𝑇̇−𝑛 (6) 

where 𝑇̇ is the cooling rate, 𝐾 is a material constant and the exponent 𝑛 ranges between 0.2 

and 0.4. In this work, based upon cooling rates between 150 and 8000 K s-1 we calculate the 

parameters as being K = 31.06 and n = 0.367. The only other work of which we are aware in 

which these coefficients have been calculated for the Al-Fe system is that due to Miki et al. [32] 

who calculated K and n for an Al-0.55 wt% Fe alloy as 33.4 and 0.333, respectively, which are 

sufficiently close to the values determined here to give confidence in the cooling rate estimates 

used.  

 
Figure 8: Secondary dendrite arm spacing (SDAS) as a function of average sample size. 

EDS analysis 

Using EDS analysis, the elemental composition of the primary α-Al, interdendritic eutectic and 

the terminating pure eutectic zones, as labelled in Figure 5, were measured as a function of the 

sample size in order to quantify the departure from equilibrium. As the intermetallics are very 

fine, it is not possible to get a representative EDS measurement from an individual intermetallic 

lamella, these being smaller than the interaction volume of the electron beam. Thus, instead of 

point EDS analysis, area EDS analysis was employed upon the eutectic regions.  
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Five to ten EDS measurements were taken from each sample size and the Fe content of α-Al 

as a function of average cooling rate is shown in Figure 9. The equilibrium Fe solubility in α-

Al is limited, being around 0.05 wt. %Fe. However, rapid solidification resulted in the 

extension of the Fe solubility in α-Al. Fe solubility was found to rise to 0.37 wt. %Fe in the 

slowest cooled samples with an average corresponding cooling rate of 150 K s-1. The solubility 

of Fe in α-Al rises with increasing cooling rate, tending more-or-less asymptotically to a 

limiting value of 1.105 wt% Fe at the highest cooling rates. Assuming that the Fe 

supersaturation may be uniquely related to the metastable extension of the α-Al solidus, the 

undercooling of the melt prior to nucleation may be estimated. Moreover, if the solidus line is 

linear with composition, this would correspond to undercoolings between 96 and 189 K, with 

the observed maximum supersaturation reflecting a maximum attainable undercooling for the 

material, with the likelihood being that further increases in cooling rate would lead to little or 

no further increase in supersaturation. Moreover, such a limiting value for the undercooling, 

which in turn will be determined be the efficacy of heterogeneous nucleation, will be highly 

sensitive to both the purity of the material used and the cleanliness of the processing conditions, 

potentially explaining why such a large range has previously been reported in the literature.  

The elemental compositions of the interdendritic eutectic and eutectic zones were also 

measured. Regardless of the imposed cooling rate, the composition of the terminating eutectic 

zone did not change, with this being measured as 2.9 ± 0.2 wt. %Fe for sample sizes 

850 m < d < 500 m and 500 m < d < 300 m (the terminating eutectic region only being 

observed in these two size fractions). To within experimental error, this figure corresponds to 

the Al-Al6Fe eutectic composition (2.8 wt. %Fe), tending to confirm that the rod-like eutectic 

morphology is the α-Al + Al6Fe eutectic and probably grew close to equilibrium. Moreover, 

by elimination, the lamellar morphology can be associated with the α-Al + Al13Fe4 eutectic. 

However, it is observed that the cooling rate does affected the composition of the interdendritic 

eutectic. Figure 10 shows the Fe content of the interdendritic eutectic as a function of average 

cooling rate. The lowest Fe content was measured as 3.9 wt% Fe in samples with size of 850-

500 µm. This figure then rises with decreasing sample size, reaching a maximum of 4.8 wt. 

%Fe in the finest sample size. This would be consistent with a eutectic coupled zone that was 

skewed towards the intermetallic phase, wherein smaller droplets attaining higher 

undercoolings would be expected to show a more Fe-rich eutectic.  
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Figure 9: Dissolved Fe in α-Al as a function of average cooling rate. 

 
Figure 10: Composition of the interdendritic eutectic as a function of average cooling rate. 
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Eutectic volume fraction can be calculated from the SEM images by measuring the surface 

percent of the phase. Using image processing software, images were converted to grey scale 

format and a threshold function was employed to measure the fraction of the interdendritic 

eutectic. Figure 11 shows the interdendritic eutectic volume per cent as a function of average 

cooling rate. Boundaries of the corresponding cooling rate of the sieve fractions are given as 

error bars in the figure. It is clear from the figure that the trend is for the volume fraction of the 

interdendritic eutectic to decrease with increasing cooling rate. While the largest sample size 

fraction consisted of 49.5 vol. % interdendritic eutectic, this figure dropped to 26.7 vol. % in 

the smallest sample size. This is consistent with a higher Fe supersaturation in the α-Al and 

with the higher Fe content of the eutectic. As the cooling rate increases the eutectic growth rate 

may also be expected to increase and as a consequence the lamellar spacing should decrease. 

As shown in Figure 12 this is indeed the case, with the eutectic spacing ranging from 0.75 µm 

in the largest droplets to 0.15 µm in the smallest.  

 
Figure 11: Eutectic volume per cent as a function of the average cooling rate.  
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Figure 12: Interdendritic eutectic spacing as a function of average cooling rate. 

TEM analysis 

A FIB sectioned sample taken from the eutectic-interdendritic boundary region of 850-500µm 

sample was further examined under TEM. This region was selected as it contained both the 

pure rod-like eutectic phase and the interdendritic lamellar eutectic phase. Results are given in 

Figure 13. Figure 13a shows the TEM bright field image of the rod-like eutectic. A TEM 

Selected Area Diffraction (SAD) pattern (Figure 13b) taken along [11̅0] zone axis from point 

1 as labelled in Figure 13a, reveals this phase to be Al6Fe. Figure 13c shows the TEM bright 

field image of lamellar eutectic. The TEM-SAD pattern given in Figure 13d reveals that the 

intermetallic phase in the lamellar eutectic is Al13Fe4. Moreover, in the transition region from 

interdendritic eutectic to rod-like eutectic there is a compact precipitate region, as shown in 

Figure 13e. The SAD pattern (Figure 13f) shows that this also belongs to Al13Fe4. Figure 13e 

also shows rod-like and acicular precipitates. 
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Figure 13: a) TEM bright field image of the rod-like eutectic, b) TEM diffraction pattern of 

point 1 showing the diffraction pattern of Al6Fe along the [11̅0] zone axis, c) TEM bright field 

image of the lamella-like interdenritic eutectic, d) TEM diffraction pattern of point 2 depicting 

the diffraction pattern of Al13Fe4 along the [1̅7̅4] zone axis, e)TEM bright field image of point 
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the intermetallic formed between rod-like eutectic and interdendritic eutectic, f) TEM 

diffraction pattern of point 3 depicting Al13Fe4 along the [12̅3] zone axis. 

3.4 Microhardness 

In order to understand the effect of non-equilibrium solidification on the mechanical properties 

of the alloy, Vickers microhardness measurement have been employed on all sample fractions 

with a standard indenter using 10 g load and 10 s dwell time. The results are given in Figure 

14. The minimum microhardness was observed in the slowest cooling droplet, 850 µm< d < 

500, and measured as 53.5 ± 2 HV0.01. Microhardness values of the droplet then gradually rise 

with increasing cooling rate and reached a maximum value of 66.14 ± 1.14 HV0.01 in the 

106 µm < d < 75 µm droplets. The total increase in the microhardness is however limited, being 

only around 20%. This relatively small increase in microhardness, despite the large departures 

from equilibrium experienced during solidification, is likely to be due to the competition 

between increasing superaturation and scale refinement [33] with increasing cooling rate, both 

of which will tend to increase the microhardness and a decreasing volume fraction of 

intermetallic, which will tend to oppose the increasing microhardness.  

 
Figure 14: Microhardness value (in HV0.01) as a function of cooling rate. 

4. Discussion 

An Al-2.85 wt% Fe alloy has been subjected to nonequilibrium solidification using drop tube 

processing, with cooling rates ranging between 150 and 11000 K s-1. An increase in Fe 
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solubility in the α-Al phase is observed with increasing cooling rate, with this ranging from 

0.37 wt% Fe at the lowest cooling rate to 1.105 wt% Fe at the highest cooling rate. For 

commercial secondary or mixed alloy Al scrap, this would mean that even with fairly high Fe 

contents, techniques such as gas atomization, which produce cooling rates similar to those 

discussed here [34], should be able to produce Al powders free from intermetallics. This 

contradicts to the finding of Nayak et al. [4], who observed that the dissolved Fe content 

decreases with increasing wheel speed, and consequently increasing cooling rate, in melt-spun 

Al-Fe alloys. Due to the higher supersaturation of Fe retained in solid solution at these higher 

cooling rates, it is expected that the interdendritic eutectic volume fraction should decrease 

with increasing cooling rate. As shown in Figures 8 and 10, eutectic volume fraction and Fe 

solubility in α-Al are indeed inversely related. 

However, if intermetallics do form, control of the phases formed does not appear to be easily 

possible. In particular, SEM analysis suggests that increasing the cooling rate does not shift the 

interdendritic eutectic from that based on Al13Fe4 to that based on Al6Fe. On the contrary, while 

intermediate cooling rate gives a mixed eutectic, increasing the cooling rate tends to promote 

the formation of just Al13Fe4. For the Al-Al13Fe4 eutectic, the relationships between , v and 

T have been well characterised [16,35] so that we may write 𝜆√𝑣 = 22.4 µm1.5s−0.5 and 𝜆Δ𝑇 =8.79 µm K, wherein the measured lamellar spacing given in Figure 12 may be converted to an 

estimate of the growth rate for the interdendritic eutectic and the undercooling at the eutectic 

front. This conversion is shown in Figure 15.  

 
Figure 15: Eutectic growth velocity (right-hand axis) and interfacial undercooling (left-hand 

axis) for the Al-Al13Fe4 lamellar eutectic, estimate from the lamellar spacing.  

What is striking in Figure 15 is the high growth velocities and the commensurately high 

interface undercoolings observed here for the growth of the Al-Al13Fe4 lamellar eutectic. This 

finding is both novel and contrary to the body of literature on phase selection in Al-Fe alloys 

conducted via Bridgman growth. Typically, in such Bridgman studies Al13Fe4 begins to be 



21 

 

replaced by Al6Fe at growth velocities of around 0.1 mm s-1, with the transition being complete 

between 1-10 mm s-1 (depending upon Fe concentration), with the maximum interface 

undercooling being no more than a few Kelvin [28]. Conversely, here we observe the Al-Al13Fe4 

eutectic at growth velocities in excess of 20 mm s-1, with a corresponding interfacial 

undercooling of nearly 60 K. We tentatively suggest that this difference reflects a fundamental 

difference in the phase selection behaviour of Al-Fe alloys depending upon whether growth is 

in a positive temperature gradient (Bridgman growth) or a negative temperature gradient 

(deeply undercooled droplets). In particular, the easier nucleation of Al13Fe4 in deeply 

undercooled melts (relative to Al6Fe), may be a possible mechanism contributing to this effect.  

Most of the droplets considered in this study appear to show just a single nucleation event, 

particularly in the larger size fractions, although this is not universally so. Figure 6b shows a 

droplet displaying multiple nucleation sites (3 nucleation sites shown with white circles) on 

which primary dendrites grow. Multiple nucleation sites can occur when there are a) multiple 

homogeneous nucleation sites, b) multiple impurities in the melt or c) dendrites breaking and 

providing sites for multiple nucleation, with both (b) and (c) representing heterogenous 

nucleation. We consider it unlikely, given the estimated undercoolings for these droplets, that 

homogeneous nucleation is able to occur. Similarly, as the cooling rates for the droplets in 

Figure 6 a and e are fairly high, there is likely to be insufficient time for dendrite fragments to 

be swept into the melt. Moreover, flow velocities in the drop-tube processed samples are likely 

to be very low, and thus it is unlikely that dendrite fragmentation is the reason for the multiple 

nucleation. Consequently, it is likely that at least some droplets are experiencing multiple 

heterogeneous nucleation events, either on impurities or surface oxides. Such multiple 

nucleation events become more likely as the undercooling increases, as the nucleation energy 

barrier decreases as 1/(T)2. Moreover, if such multiple surface nucleation events result in the 

last liquid to solidify being towards the centre of the droplet, rather than on its margins, the 

probability of mixed microstructures being observed in small size fractions will be increased. 

This would be in line with studies that show that gas atomised powders can show significant 

variability, even within a given size fraction, due to the stochastic nature of nucleation and the 

considerable consequent variability in the nucleation undercooling [36]. 

The Fe content of the interdendritic eutectic (Figure 10) was found to increase with increasing 

cooling rate, which would be consistent, as mentioned above, with a eutectic coupled zone 

being skewed towards the intermetallic. In fact, as both the composition and the undercooling 

(and hence interfacial temperature) of the eutectic are known, the left-hand (Al-rich) side of 

the coupled zone may be reconstructed, with the data points from Figures 10 and 15 being 

shown in Figure 16, superimposed upon the metastable phase diagram. What is surprising here 

is that the boundary of the coupled zone is displaced so far from the equilibrium eutectic point, 

although given the consistency of the EDS composition measurements made on the eutectic, 

we consider that this result is likely to be reliable. Also shown on Figure 16 is, for one size 

fraction (150-106 m), the conjectured solidification path. The droplet undercooling, estimated 

from the supersaturation of the α-Al phase is 93 K, wherein primary solidification yields a 

volume fraction of around 67.5 vol.% α-Al with an Fe content of 0.95 wt%. Termination of 

primary α-Al growth occurs at an undercooling of 34 K, transitioning to an Al-Al13Fe4 eutectic 
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with an average Fe concentration of 4.6 wt% Fe, this comprising the remaining 32.5 vol.% of 

the microstructure.  

In summary, we conclude that rapid solidification via powder metallurgical techniques are 

likely to provide a useful upcycling route for mixed Al scrap that is not too heavily 

contaminated with tramp Fe, as fairly substantial increases in the solid solubility of Fe mean 

that this can be retained in solid solution at cooling rates appropriate to such processes. 

Moreover, a number of researchers have shown that the mechanical properties of rapidly 

solidified Al-Fe alloys can further be improved by heat treatment, with this resulting in the 

formation of very fine spherical and needle-like precipitates, which can easily be controlled 

depending on the dwell temperature and time. However, for more heavily Fe contaminated 

scrap, such powder metallurgical processing appears to offer little control over the phase 

selection of the intermetallics present, with Al-Al13Fe4 being the dominant intermetallic 

observed at all cooling rates. However, scale refinement of the intermetallic may render it 

somewhat less harmful to mechanical properties, particularly in smaller powder sizes.  

 
Figure 16: Estimated location of the Al-rich side of the eutectic coupled zone for the growth of 

Al-Al13Fe4 eutectic.  

5. Conclusions 

In the present work, rapid solidification of Al-2.85 wt.% Fe droplets within the diameter range 

of 850-53 µm with estimated cooling rates ranging between 155-11500 K s-1 were produced 

under containerless condition using a 6.5 m drop tube. The results are summarized as follows. 

1) Microstructure of the large samples consisted of dendritic α-Al, lamellar eutectic and 

rod-like eutectic. Rod-like eutectic disappeared with decreasing sample size.  

2) Dissolved Fe in α-Al was found to be increasing with decreasing sample size 

(increasing cooling rate) from 0.35 wt.% Fe to 1.105 wt.% Fe. 
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3) TEM results revealed that lamellar eutectic is Al-Al13Fe4 while rod-like eutectic is Al-

Al6Fe. 

4) Al-Al13Fe4 eutectic was observed at growth velocities in excess of 20 mm s-1. 

5) Microhardness was found to be increasing from 53.5 ± 2 HV0.01 to 66.14 ± 1.14 HV0.01 

with increasing cooling rate. 
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