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Abstract

The influence of hydrogen on dislocation mobility in pure single crystal iron subjected to
micro- and nanoindentation testing perpendicular to the (100) plane has been analysed using
electron back-scattered diffraction (EBSD) and transmission electron microscopy (TEM) and
simulated using the self-consistent kinetic Monte-Carlo (SCKkMC) method. The
nanoindentation load curve for the hydrogen free sample has two major constant load pop-ins,
and multiple smaller pop-ins, whereas the hydrogen charged material has only one pop-in but
with a longer loading release. A well defined cell structure was observed below the indenter in
the hydrogen free condition, but the dislocations were homogenously distributed in the
hydrogen charged sample. The SCkMC simulations showed that it is difficult for dislocations
to glide out of the primary slip plane after hydrogen charging compared with the hydrogen free

sample under the present loading conditions.

Keywords: Pure iron single crystal; hydrogen induced softening; micro- and nanoindentation;

self-consistent kinetic Monte-Carlo (SCKkMC) simulations.

Hydrogen embrittlement has been studied for more than three decades but there are still many
contradictory reports on the underlying mechanisms for embrittlement [1-3]. One explanation

for this is that there are several mechanisms of hydrogen embrittlement occurring concurrently.
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There are many embrittling mechanisms proposed of which three are widely reported: (1)

stress-induced hydride formation and cleavage [4-7]; (2) hydrogen enhanced localized

plasticity (HELP) [8-12], which depends on the dislocation mobility increasing owing to a
reduction in activation energy of dislocation motion with hydrogen atoms in their core. The
fracture process is a highly localized plastic failure process rather than an embrittlement; and
(3) hydrogen induced decohesion (HEDE) [13, 14]. This mechanism assumes that the atomic
bonding at the crack tip is weakened by the presence of hydrogen in solid solution. Many
experimental studies have been reported on hydrogen embrittlement related mainly to these
three mechanisms, mostly focussing on mechanical properties and microstructures after tensile

or fatigue testing to failure [15-17].

Fundamental to the embrittling mechanisms is an understanding of the effect of hydrogen on
the dislocation mobility and whether it promotes hardening or softening. Much work has been
undertaken by Kimura, Matsui and co-workers [18-21], who showed that hydrogen can induce
softening in very high purity iron single crystals in the temperature range 200-273K, but
hardening occurs in conventional purity single crystal iron at room temperature or at
temperatures below 200K. However, the influence of hydrogen on dislocation nucleation and
mobility at the onset of deformation is much less studied and it is still an open question to how
hydrogen hardens or softens alloys [22—28]. Thus, to answer these questions and avoid these
complications, a high purity iron single crystal with the (100) plane parallel to the indentation
surface was chosen. Micro and nanoindentation was undertaken on the hydrogen free and
hydrogen charged conditions to observe the effect of hydrogen on the dislocation nucleation

and mobility with the onset deformation.

Iron single crystals, with a (100) orientation, were purchased from Goodfellow, Cambridge,

UK with a purity of 99.98%, with a sample size of ¢10mmx2mm. The (100) orientation was



selected as it gives 4 symmetrical slip systems, which simplifies the modelling. The single
crystal also avoids the effects of grain boundaries etc. The carbon content of the single crystal
was measured at 200ppm. Specimens with the original size were prepared by standard
metallographic methods on the surface for micro- and nanoindentation tests, which included
grinding from P400 to P1200 and polishing up to 0.04 um colloidal silica particles. To remove
the grinding and polishing induced surface stress the specimens were electropolished with an
electrolyte solution of 5% perchloric acid, 35% butoxyethanol and 60% methanol. For
hydrogen charged specimens electrochemical hydrogen charging was undertaken using 1 g/L
in an aqueous solution of 3 wt% NaCl and 0.3 wt% NH4SCN with a current density of 10 mA
cm’ for 24 hours at room temperature. This led to a hydrogen concentration in the sample of

30 £ 3 appm as measured by thermal desorption spectroscopy.

Microindentation testing was performed using a Micro Materials Nano Test Vantage with the
indentation axis parallel to the test sample’s surface (i.e., (100) plane). The opposing surface
to the test surface was ground flat and parallel. Specimens were mounted to a precision ground
hardened steel plate with a thin layer of adhesive. Indentation tests were run with a constant
crosshead speed of 0.1 mm/min with incremental unloading (50-30 % of the peak force) and
reloading cycles until the specified 40 cycles was reached. A total of 17 tests were performed.
A spherical tungsten-carbide tip was used for all tests with a radius of 19 mm. The standard
method for converting indentation load-displacement data into indentation stress-strain curves
was followed [29, 30]. Nanoindentation tests were carried out using a Bruker Hysitron TI
Premier equipped with the continuous stiffness measurement with a 1 um radius spherical
diamond tip. The tests were carried out under load control to peak displacements of 80 nm in
all samples. The indentation strain rate was 0.013s™. A total of 17 tests were performed for

each condition.



The microindentation load displacement curve and its corresponding indentation strain-stress
curves from hydrogen-free and hydrogen charged single crystals are shown in Figs. 1 (a) and
(b). The indentation strain-stress curve for the hydrogen free sample can be divided into various
stages: following yield, there is a region of rapid work hardening. The rate of work hardening
gradually decreases to the end of the test. The stress strain curve for the charged sample is quite
different. After the same elastic behaviour as the uncharged sample, the stress strain curve
remains approximately linear to the end of the test, with no evidence of the rapid work
hardening observed in the hydrogen free sample. The indentation stress of the charged and
uncharged converges towards the end of the test. Clearly, the hydrogen significantly affected

the work hardening behaviour.

In order to accurately measure the effect of hydrogen on dislocation structure and mobility,
nanoindentation tests with a loading force up to 1000 uN was used on the hydrogen free and
hydrogen charged single crystals. The nanoindentation loading displacement curves show four
stages: initial elastic loading; an excursion in depth (pop-in), which is associated with the onset
of plasticity; subsequent plastic loading; and elastic unloading in Fig. 1 (¢). In the hydrogen
free samples, multiple pop-in events are observed for most of the tests, with the first two being
distinct while others at higher loads were only just above the noise level. The second pop-in
was 150-200uN higher than the first, with a similar increase in indentation depth for each pop-
in. In contrast, a single pop-in event was observed in the hydrogen charged condition. In this
first pop-in, a distinctly longer release stage is observed compared with the hydrogen free

sample.
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Fig. 1 (a) Microindentation load-displacement curve; (b) the microindentation stress-strain curve calculated
from the microindentation load-displacement curve; and (c) nanoindentation load-displacement curve, on
hydrogen-free and hydrogen charged pure iron single crystal.

In order to observe the dislocation substructure, TEM specimens were extracted from the site-
specific locations of the indenter surface using the FIB lift-out technique with a FEI Helios
Nanolab 650 SEM/FIB. Three indents were examined per condition. During the FIB lift-out
from the indenter surface, platinum (Pt) was slowly deposited on the location of interest to
preserve the corresponding indentation surface at the location. TEM observations of the FIB
samples were then conducted in a JEOL F200 TEM operated at an accelerating voltage of 200
kV. Orientation mapping was undertaken in the TEM using a Nanomegas ASTAR system, an
automated crystal orientation and grain boundaries mapping tool using precession electron

diffraction. Diffraction patterns were recorded using the external camera, with an exposure

time of 40 ms.

The TEM results were found to be very similar for each of the three indents examined. The
results of crystal orientation and grain boundary mapping are given in Fig. 2. In the hydrogen-
free condition, the band contrast (BC) image in Fig. 2 (a) shows the heterogeneous distribution
of dislocations, and the KAM image in Fig. 2 (b) shows that there are dislocation cell structures
under the indenter. In contrast, in the hydrogen-charged condition, the band contrast image in
Fig. 2 (c) shows a more homogeneous dislocation distribution than the uncharged condition,

while the KAM image shown in Fig. 2 (d) further demonstrates that there are no obvious

100



dislocation cell structures. Thus, there was no obvious evidence of dislocation recovery
microstructures. This is consistent with the absence of additional pop-in events in the
nanoindentations curves and also consistent with the absence of hardening in the

microindentation curves.
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Fig. 2 Orientation maps on the cross section nanoindentation FIB TEM lift out samples with hydrogen free (a,b)
and hydrogen charged (c,d) ((2) and (c) band contrast images; (b) and (d) KAM images.

To observe the details of dislocation structures, STEM bright field (BF) and high angle annular

dark field (HAADF) results are shown in Fig. 3. Lower magnification was used to observe the

whole area underneath the nanoindenter in the hydrogen-free sample, which shows the high

density of the dislocations on both sides of the indenter, but under the indenter, the dislocation

density is much lower than the edge of the indenter. In the hydrogen charged sample under the

same imaging conditions, the dislocation structures were homogenously distributed with no



significant difference in dislocation density at the sides or below the indenter. Moreover, the
dislocation density in the hydrogen charged sample is less than the hydrogen free sample. With
increased magnification to observe at one side of the indenter (left-hand side as the image is
viewed) for both the hydrogen free and hydrogen charged samples, difference in dislocation
cell structures becomes much more obvious. The hydrogen-free sample exhibits clear

dislocation tangles/ cell walls, which are largely absent in the hydrogen charged sample.

(a) (b) (c) (d) _
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Fig. 3 STEM on the cross section nanoindentation FIB STEM lift out samples with hydrogen free (a-d) and
hydrogen charge (e-h); (a) and (b) BF and DF STEM image with lower magnification on the cross section of
nanoindentation; (c) and (d) BF and DF STEM image with higher magnification on the left hand side of cross

section of nanoindentation; (e¢) and (f) BF and DF STEM image with lower magnification on the cross section of
nanoindentation; (g) and (h) BF and DF STEM image with higher magnification on the left hand side of cross
section of nanoindentation.

To further understand why hydrogen enhances the dislocation mobility but reduces the extent
of formation of dislocation tangles or cell structures, modelling work was undertaken. The
mobility of 1/2 [111] screw dislocations in hydrogen charged and uncharged a-Fe have been

analysed through simulation of the specific mechanisms of motion of an individual dislocation.



We use self-consistent kinetic Monte-Carlo (SCKkMC) simulations of 1/2 [111] screw
dislocations and track their glide in order to obtain a realistic description of the dynamics of a
dislocation line over long time scales [31, 32]. Specific features of the SCkMC model are: (i)
simultaneous kink nucleation, migration and hydrogen jumping; (ii) kink pair formation energy
depending on average dislocation velocity and hydrogen distribution and mobility within the
core. We perform kMC simulations with computational time of 120 h to describe dislocation
movement distance of 50 nm in H charged bcc Fe for a movement time 3.10* s. The strain
change for the indentation experiments for this time interval is negligible - about 4.10
®. However, due to the rapid H diffusion in bcc Fe the SKKMC model takes into account
the effect of H migration on kink-pair formation enthalpy and kink propagation along the
dislocation line We simulate the competing effects of softening by enhanced kink-pair
generation and hardening by solute pinning. Results from our simulations show that the
behaviour of the screw dislocation depends significantly on the applied shear stress and
hydrogen concentration in the bulk. The kink-pair nucleation rates in the three cross-slip (110)
glide planes depend on the magnitude and the direction of the maximum resolved shear stress
(MRSS). The results presented in this section are obtained for non-symmetrical triple slip
conditions in which the MRSS plane bisects the primary glide plane at an angle of 15°. Our
simulations indicate that the mobility of screw dislocations induced by this orientation of the
MRSS plane approximately corresponds to the average dislocation mobility resulting from

different shear stress orientations [31].

After the formation of a stable double kink the two kinks will separate in opposite directions.
First of all, the angle describing the deviation of the dislocation from the primary slip plane at
an applied stress 1= 30 MPa as a function of the average distance covered by the dislocation
is shown in Fig. 4 (a) on both hydrogen free and hydrogen charged conditions. The results

show that with a hydrogen free condition, the deviation angle remains constant with



increasing distance. However, for the hydrogen charged condition, the deviation angle rapidly
reduces after the distance increases to 30A. Secondly, for pure iron, we know that the
secondary Peierls barrier is low and kink migration is not thermally activated. Thus, the kink
migration speed is so fast that a kink pair has separated to the ends of the dislocation with a
typical length of 1000.b before the next kink pair is activated [32]. Hence kink collision does
not occur. The kink pair nucleation in the secondary (110) glide planes, with formation rate
depending on the corresponding RSS, leads to cross-slip of the dislocation. After moving on a
secondary plane, dislocation cross-slip occurs again, resuming gliding along the primary
glide plane (Fig. 4 (b)). This zigzag motion of the dislocation leads on average to glide out of
the primary slip plane. However, if a kink sweeps past a hydrogen atom trapped behind the
dislocation line, then hydrogen ends up in a higher enthalpy trap site [33], which implies that
thermal activation is then required for the kink to proceed. SCkMC simulations show that the
dislocation mobility out of the primary slip plane decreases significantly for H concentration

Cu = 30 appm and applied shear stress Tt = 30 MPa.

Fig. 4 (b,c) show simulations at a resolved shear stress, T =30 MPa, and T = 300 K. In each
panel the upper black line shows a snapshot of a moving 1/2[111] screw dislocation projected
onto the primary (110) glide plane, while the lower black line shows the same dislocation at
the same time projected onto the perpendicular (112) plane. This second projection serves to
indicate the extent to which the dislocation deviates from its primary glide plane into the two
cross slip planes in the [111] zone. The red lines indicate debris (prismatic loops) left behind
due to the creation of jogs and superjogs and subsequent unzipping. Due to the high H
concentration in the dislocation core, the hydrogen trapping effect leads to a reduction of the
average kink velocity and increasing probability for the collision of kinks propagating
simultaneously in different planes and creation of self-pinning jogs. This is illustrated in Fig.

4 (c), which now shows significant deviation from a straight dislocation on the primary slip



plane and segments of trailing debris in the microstructure. The significant reduction of kink
velocity along the secondary slip planes, resulting from the high H concentration and lower
RSS, lead to a reduced dislocation glide out of the primary slip plane. The results from our
simulations indicate that, at low stresses, the misorientation of the screw dislocation
decreases with hydrogen charging condition, and the movement in the direction of the
secondary glide plane is pretty well suppressed. It has been commonly accepted that a
requirement for cell formation is that dislocations have sufficient mobility out of their slip
plane. According to our model prediction, at low shear stresses the deviation from the
primary slip plane in the presence of H is lower than the deviation in the uncharged Fe.
Hence, the probability for formation of a cell structure in hydrogen free condition is expected
to be higher than in hydrogen charged iron. At higher shear stresses (above 100 MPa)
SCkMC simulations [32] indicate that the misorientation of the screw dislocation increases
with hydrogen charging condition. The experimental observations in these conditions also
show the formation of dislocation cell structure in H charged Fe [34]. At high stresses the
kink velocity is high even in the secondary glide planes, which, in combination with the
higher probability for kink-pair formation in the secondary (110) planes, leads to enhanced
deviation from the primary slip plane in presence of H than the deviation in the uncharged Fe.
Therefore, the ease with which screw dislocations cross slip and glide out of the primary slip
plane in H charged Fe depends on the combination of the applied shear stress and hydrogen

concentration.
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Fig. 4 (a) the angle describing the deviation of the dislocation from the primary slip plane as a function of the
average distance covered by the dislocation. ¢ =30 MPa, T = 300K (b), (c) The snapshots of a moving 1/2
[111] screw dislocation (black line) projected onto (110) (upper line) and (112) (lower line) planes. The red

lines indicate trailing debris. Blue dots represent the positions of hydrogen atoms. T =30 MPa, T = 300K: (b)
Cux =0 and (c¢) Cy = 30 appm.
These SCKMC simulations allow an understanding of the microindentation and
nanoindentation curves and the resultant dislocation structures observed underneath the indents.
A first pop-in event was observed in the nanoindentation curves for the hydrogen charged and
hydrogen free samples, Fig. 1 (c). A pop-in is associated with a sudden increase in indentation
depth under a constant load. The load for the first pop-in was similar for the charged and
hydrogen free samples. It is widely accepted that the first pop-in is the result of the initiation
of plastic deformation through dislocation slip. For a single crystal sample, there are a number
of mechanisms that can produce pop-ins, as summarised by Pohl [35]. Firstly, homogeneous
dislocation nucleation is known to produce a pop-in event. This includes dislocation nucleation
that is affected by interstitials. Similarly, unlocking and movement of pinned dislocations will
produce a similar pop-in. The observation of the first pop-in at the same load for charged and
uncharged samples suggests that hydrogen does not have any effect on the stress to nucleate

and activate dislocation slip for a pure iron single crystal. However, the strain associated with
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the pop-in was far larger for the hydrogen charged sample, compared to the hydrogen free
material. The SCkKMC simulations demonstrated that the presence of hydrogen significantly
reduces dislocation glide out of the primary slip plane. Therefore, at low strains secondary slip
is suppressed and therefore, in the absence of any other barriers in a single crystal, extensive
glide on the primary slip plane occurs, leading to extended strain associated with the pop-in. In
contrast, in the hydrogen free sample glide occurs out of the slip plane leading to dislocation
tangles and a limit to the strain associated with the pop-in before work hardening resumes, as

observed by TEM, Fig. 2.

The SCKkMC simulations also explain the difference in work hardening behaviour observed in
the microindentation, Fig. 1b, where the charged sample exhibited a lower work hardening rate.
The suppression of glide out of the primary slip plane by the hydrogen is sufficient to reduce

the extent of work hardening.

Beyond the initial pop-in, additional pop-in events are usually observed at higher loads, which
are associated with further dislocation motion, dislocation multiplication, and the resultant
evolution of complex dislocation structures [35]. The question then arises as to why the charged
samples exhibit a single pop-in while the hydrogen free samples generally exhibit a second
pop-in, which is the normal expected behaviour. There are two possibilities to explain this.
Firstly, the absence of a second pop-in may simply be a result of the suppression of secondary
slip by hydrogen. Such an explanation would be consistent with the observed dislocation
structures and the microindentation work hardening curves. It is also consistent with the
modelling presented here. Alternatively, the difference could be a result of the effect of
hydrogen on the extent of the formation of Cottrell atmospheres from carbon at the dislocation
core. The presence of hydrogen increases the dislocation velocity, but in a complex manner
that depends strongly on the resolved shear stress and the hydrogen concentration [34]. If
hydrogen charging increases the mobility of screw dislocations, then there is less chance of

12



Cottrell atmospheres forming and therefore less chance of a strain ageing effect. Moreover, in
the present work, the single crystals had a high level of purity such that the formation of carbon
induced atmospheres is unlikely. In addition, hydrogen charging did not alter the stress for the
first pop in suggesting that Cottrell atmospheres had not formed on pre-existing dislocations.
Thus, the formation of atmospheres was not believed to be responsible for the differences

observed.

In conclusion, the microindentation stress strain curve for the uncharged sample shows the
classical appearance with initially rapid work hardening, but with decreased hardening
thereafter. In contrast, the hydrogen charged sample shows much lower rates of work hardening.
The microstructural observations show that there were dislocation cell structures underneath
the indenter in the hydrogen free condition. However, the same structures were not found in
the hydrogen charged condition, rather a more homogenous distribution of dislocations is
observed. These unusual experimental observations have been explained through self-
consistent kinetic Monte-Carlo simulations which demonstrates that hydrogen suppresses the

suppression of glide out of the primary slip plane.
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