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ABSTRACT: A methodology for estimating the entanglement density in the amorphous phase of
semicrystalline polyolefins was developed. The method is based on the analysis of the density of

physical network junctions in the amorphous phase by 'H NMR T relaxation experiments in the



melting temperature range. Melting-induced changes in phase composition and chain motion in
crystalline and amorphous phases were studied for melt- and high-pressure crystallized high-
density polyethylenes (HDPE). The density of the entanglement network was estimated at
temperatures close to and gradually approaching melting. Its value is lower for high-pressure
crystallized HDPE than for the same melt-crystallized polymer. The network of entanglements is
characterized by the fraction of entangled network chains, the weight average molecular weight of
the network chains between apparent chain entanglements, M., and the volume average density of
apparent chain entanglements. The entanglement network was studied in a series of low and high
molecular weight HDPE, and bimodal HDPE samples with different molecular weight
characteristics and densities controlled by different content of butene comonomer. It turns out that
the molecular weight characteristics of the HDPE’s influence the entanglement network. The
fraction of network chains and average density of apparent chain entanglements decrease with
decreasing molecular weight M, due to the “diluting” effect caused by disentangled chain-end
segments increasing the value of M.. The current methodology is of interest for studying the effect
of crystallization conditions, molecular structure and short-chain branches on phase composition,
melting behavior and chain entanglements in the amorphous phase of polyolefins. The method
allows estimation of the fraction of entangled network chains which potentially can form tie chain
segments during deformation. The effect of short chain branches and molecular weight

characteristics on the creep response of polyolefins is discussed.
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1. INTRODUCTION

The physical and mechanical properties of polymers are a complex interplay of molecular
structure, processing conditions and resulting morphology.! Variation of molecular structure
elements, i.e., the molecular weight distribution, type and number of comonomer units, length of
long-chain branches and their distribution are explored for production of a wide range of
polyolefins and their blends with largely different properties.>3*>6.7:8.9.10.1112,13.14.15.16

By now it is widely accepted that the “amorphous phase of the bulk polymer plays a pre-
dominant role in many aspects of the properties of semicrystalline polymers”.!” The dynamic
network of remnant chain entanglements in the amorphous phase of a semicrystalline polymer
affects the toughness, the strength of the interfacial adhesion in polymer composites, the strain
hardening modulus, the resistance to creep failure, craze crack failure and the rate of the slow crack
growth by craze propagation.'®!%2021:22 The ductile failure regime of high density polyethylene
(HDPE) pipes shows a time resilience that depends on the crystallization history and on the
chemical structure. It is now assumed that this is caused by a change of the network density due to
disentangling by crystallization, leading to a lower initial average density of the entanglement
network as compared to the network density in the melt. If this is so, the melt elasticity coming
from the solid state should show a relaxation when it reverts to the melt state equilibrium value.?’

Chain entangling is an intrinsic property of long-chain molecules which originates from the
uncrossability of neighboring chains surrounding a given chain. There are two complementary
physical views on chain entanglements in polymer melts: (1) a continuous tube confining
transverse motions of a given chain; and (2) discrete binary entanglement nodes with neighboring
chains, i.e., the topological entanglement concept.?*?>-26 Entanglement density in semicrystalline

23,27

polymers can be affected by crystallization conditions from the melt, polymer concentration

28,29

for solution-crystallized polymers, and for nascent powders - by the type of catalyst used and



polymerization conditions.*® Crystallization of polymers from the molten state under shear flow
can also affect the entanglement density in the amorphous phase.*' Estimation of the entanglement
density in a semicrystalline state is still an unresolved issue. Several solid-state NMR studies
provided indirect information on difference in the entanglement density in PE’s at temperatures
below melting.3?:33:3* The difference in the entanglement density is reflected in the phase
composition, chain motion in PE crystals (a-crystalline relaxation process), long-range chain
diffusion between crystalline and amorphous domains, and the type of crystal-amorphous
interface.”> Many other structures of semicrystalline polymers such as lamellae thickness,
morphology, chain-folding structure as well as crystallization kinetics are also affected by
entanglements of polymer chains.?”-33-3

Proton NMR 7> relaxation experiments are very sensitive to even small changes in the density
of chemical and physical network junctions.’”-*® The network junctions increase the anisotropy of
segmental motion, which causes an increase in the strength of interactions between nuclear spins
resulting in a more efficient 7> relaxation. These inter-nuclear interactions are quantified by
different NMR experiments and the obtained values are used for calculating the molecular weight
of network chains.?’**-3 However, this method was not explored for estimating entanglement
density in the amorphous phase of semicrystalline polymers.

At temperatures well above T, the NMR 7> relaxation time of the amorphous phase is
determined not only by chain entanglements but also by junctions which originate from polymer
crystals providing a dense network in the amorphous phase. Moreover, polymer crystals impose
constraints on translational chain motions in the amorphous phase. The constraints also increase
the anisotropy of the segmental motion and thereby cause an additional decrease in the 7> relaxation

time. In order to separate the effect of chain entanglements from restrictions on segmental motion

from polymer crystals, the 7> relaxation analysis should be performed in a temperature range which



is close to the end of melting. In this case of vanishing crystalline restrictions, chain entanglements
provide the major contribution to the 7> relaxation time of the amorphous phase.

The driving force and aim of this study is to find out whether the solid-state 'H NMR 7>
relaxometry can be used to assess the density of the remnant chain entanglements in semi-
crystalline polyethylenes. This remnant network of entanglements is formed by the entanglements
which are left over after partial disentangling, if this occurs, during crystallization. It is also a
source of potential tie molecules. The larger the number of tie molecules, which are effective on
the time scale of the load, the slower the crack growth will be.!3?? The presence of such a remnant
network can be probed indirectly via mechanical observables such as creep rate deceleration
(CRDF),!"! strain hardening,*° natural draw ratio,*' and the rubber plateau in solid and melt states.?
Therefore, there is a need for a direct method to estimate the entanglement density in the amorphous
phase of polyolefins.

A series of melt-crystallized high-density bimodal HDPEs with different butene comonomer
content and molecular weight, high- and low- (M, = 3.6 kg/mol) molecular weight HDPE, nascent
ultra-high molecular weight HDPE powder (UHMWPE), and high-pressure crystallized HDPE are
studied in the present work. The 7> relaxation experiments, which should be performed in the
melting temperature range, require special attention because fast partial melting and re-
crystallization processes can occur. The rate of sample heating and the time needed for temperature
stabilization within the sample volume were determined by a real-time 7} relaxation experiment.*?
Because the NMR 7> relaxation experiment near the melting temperature should be performed as
fast as possible, the measuring time was reduced to less than two minutes by optimizing sampling
of data points and data acquisition. The effect of chain entanglements and short chain branches on

CRDF of the bimodal HDPE’s is discussed in the last section of the paper.



2. EXPERIMENTAL SECTION

2.1. Characterization of HDPE Samples. HDPE samples with different molecular weight
characteristics and amount of ethylene branches were studied (Table 1). All polymerization
experiments were performed in a 20-liter bench-scale reactor, which was typically used with 10
liters of diluent and a Ziegler-Natta catalyst. The reactor pressure was controlled by the ethylene
feed. The installation was equipped with an on-line gas chromatograph to monitor and control the
concentrations and ratios of the hydrogen and 1-butene in the headspace. Two samples were
synthesized with a single site FI catalyst, i.e., nascent UHMWPE powder (nUHss) and HDPE
which was used for preparing high-pressure crystallized HDPE (hpc-HDPE). End groups and
branch content were determined by solution-state 'H NMR spectroscopy. Samples were dissolved
at 130 °C in tri-chloroethylene stabilized by di-tert-butyl-para-cresol. "H NMR spectra were
recorded at 120 °C on a 600 MHz NMR spectrometer. To determine the molecular weight
distribution, high temperature size exclusion chromatography was applied. Samples were dissolved
in tri-chlorobenzene. A Polymer Laboratories column (13 m PLgel Olexis, 300 x 7.5 mm) was
used for the separation and detection with a Polymer Char IR5 detector. The calibration was

performed using linear polyethylene standards.

Table 1. Molecular Weight and Molecular Weight Distributions of HDPE Samples. *

Sample Ethyl branches M., My, M,, PDI Butene,
per 1000C kg/mol kg/mol kg/mol wt.%
biHMHB 6.4 7.8 330 2200 42.3 2.6
biHMLB 24 8.6 335 2000 39.0 1.0
biLMHB 8.3 7.9 175 1000 22.2 3.3




biLMLB 3.9 7.7 195 1200 25.3 1.6
R2HMHB 11.5 89 610 2000 6.85 4.6
R2HMLB 5.0 110 720 2400 6.55 2.0
R2LMHB 14.3 57 340 1200 5.96 5.7
R2LMLB 7.7 61 330 960 541 3.1
R1 0.2 3.6 33 440 9.17 0.08
nUHss - 660 1600 4000 242 -
mc-HDPE - 95 260 - 2.74 -
hpc-HDPE - 95 260 - 2.74 -

* The samples designation is given according to the molecular weight characteristics and the number of
branches: bi — bimodal, HM and LM — high and low molar mass, HB and LB — high and low branch content.
R1 and R2 corresponds to HDPE synthesized in reactors 1 and 2. nUHss is nascent UHMWPE powder, mc-

HDPE and hpc-HDPE correspond to melt- and high-pressure crystallized HDPE, respectively.

The following time-temperature-pressure profile was used for preparing compression-molded
sheets of bimodal, R1 and R2 HDPE’s. The samples were kept in the mold for 300 sec at 180 °C
and a pressure of 0.39 MPa, then pressure was increased to 4.71 MPa. After 180 sec, the pressure
was decreased to 0.08 MPa and samples were kept in the mold for 900 sec. After that, the samples
were cooled in the mold with at a rate of 1.7 °C/sec. The mold was opened when its temperature
reached 25 °C. The thickness of these compression-molded sheets was approximately 0.35 mm.

High-pressure crystallized HDPE (hpc-HDPE) was prepared using the following procedure. A
cylindrical high-pressure cell for isothermal and isobaric crystallization was used. The cell had a

diameter of 6 mm. The sample was melted in the cell at 235 °C under atmospheric pressure. Then,



a pressure of 630 MPa was applied for 1 hour using a Zwick Roell materials testing machine (Zwick
Z010) which was set to a creep test mode. This allowed determining the completion of
crystallization by measuring the volume decrease due to crystallization. After crystallization was
completed, the sample was cooled down to 60 °C under pressure and then the pressure was released.

The melting behavior of all samples was determined using first heating of samples at a heating
rate of 10 °C/min (Table 2). Annealing experiments at different times and temperatures were
performed using a Perkin Elmer DSC. Samples were heated from -40 °C to annealing temperature
at a heating rate of 10 °C/min. Annealing time in subsequent experiments was the following: 2, 4,
6, 10, 14, 18, 22, 26, 28 and 30 min. After each annealing time, sample was cooled to -40 °C with
the rate of 10 °C/min and DSC traces was recorded again at heating rate of 10 °C/min. New samples

were used for the experiment at each annealing time.

Table 2. Thermal Characteristics of HDPE Samples at First Heating.

Sample Heat of fusion, J/g | Peak melting temperature, °C
biHMHB 172 128.6
biHMLB 201 130.1
biLMHB 179 127.9
biLMLB 189 129.2
R2HMHB 105 121.0
R2HMLB 137 126.7
R2LMHB 107 120.5
R2LMLB 133 123.7
R1 243 132.4
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nUHss 220 145.2
mc-HDPE 203 136.1
hpc-HDPE 287 150.5

2.2. Tensile Creep Tests. Tensile creep tests were performed at 80 °C on an Instron tensile
machine model 5564 using Bluehill software to program the test and output of the data. The sample
was drawn at a true strain rate of 1.667 + 0.001 107/s until a set load. Details of the creep
experiment and data analysis are provided in Supporting Information S1.1. The accuracy of the
creep rate deceleration factor was + 3%.

2.3. X-Ray Synchrotron Studies. Simultaneous small- and wide-angle X-ray scattering
(SAXS/WAXS) experiments were carried out at the ID02 beamline of the ESRF (Grenoble,
France). The measurements were conducted in transmission geometry using a photon energy of
12.46 keV, the corresponding wavelength being 0.995 A. The monochromatic incident X-ray beam
was collimated to a footprint of 100 x 200 um? (V x H) on the sample. The estimated total photon
flux on the sample was 9.10'! photons per second which enabled acquisition times of less than 100
ms per frame. The accessed s values, with s = 2sin(©)/A where O is the Bragg angle and A — the
wavelength, covered a range from 4.8-10° nm™' to 4.8-10"! nm™! using a sample-to-detector distance
of 2.5 m. A Rayonix MX-170HS detector implemented in a 35 m long vacuum flight tube was
applied for the recording of the SAXS intensity, while a Rayonix LX-170HS detector was used for
the WAXS experiments. More details on the data treatment including computation of the 1D
interface distribution function can be found in section 4 of the Supporting Information.

2.4. Time-Domain "H NMR Experiments. Proton NMR transverse magnetization relaxation

(T> relaxation) experiments were performed for static samples on a Bruker Minispec MQ-20
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relaxometer equipped with 10 mm temperature probe head. The relaxometer operates at a proton
resonance frequency of 19.65 MHz. The length of the 90° pulse, the dead time of the probe head
receiver and the dwell time were 2.8 us, 7 us and 0.5 ps, respectively. The temperature was pre-set
by placing a 9 mm in diameter NMR tube with a Pt100 thermometer in the NMR probe head. The
head of the thermometer was submerged in silicon oil at the tube bottom. Temperature was
regulated with an accuracy higher than £ 0.5 °C using a Bruker BVT-3000 temperature controller.

The following experiments were used to record the decay of the transverse magnetization
relaxation (7> decay) from chain segments with largely different mobility.

(1) The free induction decay (FID) of low mobile chain segments was recorded using single-
pulse excitation (SPE): 90°x — dead time — [acquisition of FID]. The amplitude of the FID for times
t longer than approximately 150 - 200 ps was affected by the inhomogeneity of the magnetic field,
which is due to the inhomogeneity of the permanent magnetic field B, of the spectrometer (T>" of
water was ~ 1.1 ms) and the B, inhomogeneity within a sample volume that arises from an
inhomogeneous magnetic susceptibility of heterogeneous samples.

(2) Hahn-echo pulse sequence (HEPS) was used for recording the 7> decay of the mobile chain
segments:  90% - fue - 180° - tHe - [acquisition of the amplitude of an echo maximum A(?) as a
function of echo time - 2-t1e]. Value of tye was varied from 35 us to 100 msec. The HEPS was used
to record the slow part of the 7> relaxation decay, which is caused by the relaxation of mobile chain
segments. The amplitude of the transverse magnetization relaxation, which was determined by the
SPE and the HEPS experiments for semicrystalline HDPE, was the same in the time interval from
about 120 ps to 150 ps. Therefore, the results of the both experiments were combined in this time

interval in a single file (Figure 1). The combined file was used for determining the phase
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composition and chain motions in HDPE samples below the melting temperature range. 7> decay
of molten samples was recorded with the HEPS as described previously.>®

(3) The T, relaxation decay in the melting temperature range was recorded using SPE and
HEPS methods, which were combined in one experiment (SPE+HEPS): 90°x — dead time —
[acquisition of the free induction decay (FID)] - tye - 180° - tHe - [acquisition of the amplitude of
an echo maximum A(?) as a function of echo time].

(4) The 'H spin-lattice relaxation time 71 was measured using a saturation-recovery pulse
sequence consisting of 90° saturation pulses followed by a solid-echo pulse sequence: [(90°k - T)a
- tsat — (90°% - Tse - 90°y) — (acquisition of solid-echo decay) - repeated experiment with new value
of tst]. tsae is recovery time after the saturation pulses (90°% - T)n, T and tse were 1 ms and 10 s,
respectively, and n = 20.

The recycle delay time for the all 7> experiments was longer than five times 71. A more detailed

discussion of the NMR experiments is provided in the Supporting Information S1.2.

x  SPE
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Figure 1. '"H NMR T relaxation decay for HDPE sample RZHMHB. The decay was measured at 100 °C
using SPE, HEPS and SPE+HEPS experiments. The solid line represents the result of a least-square

adjustment of the combined SPE + HEPS decays (points) with a linear combination of a Gaussian and two
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exponential functions. The dotted lines show the separate relaxation components that originate from the

relaxation of the crystalline phase, the network chains and the network defects as it will be shown below.

2.5. Heating Rate of Samples in the Probe head of the NMR Relaxometer. The rate of
sample heating should be known for performing experiments in the melting temperature range. For
this purpose, the 71 NMR relaxation experiment was used (Supporting Information S1.3).*? Five
minutes were needed for the temperature stabilization within the sample volume after the NMR
tube with the sample was placed in the NMR probe head heated to the required temperature. This
time was taken as zero in all real-time NMR 7> relaxation experiments.

2.6. Characterization of Phase Composition and Chain Motions by 'H NMR T,
Relaxometry. Proton NMR is a sensitive and robust method for determining phase composition
and chain motions in complex multiphase polymers in cases of distinct chain motions in different
phases.*3#443:4647 The overall observed T> decay is a sum of contributions from all the phases. A
suitable fitting routine is employed to deconvolute the contribution of the different phases to the 7>
decay in terms of relative concentrations and decay rates. Besides predicting the number of
phases/components, the method is inherently quantitative in nature since the amplitude of the
relaxation component for each phase is directly proportional to the number of protons present in
that phase. FID for a few HDPE samples are compared in Supporting Information S1.2 (Figures
S3 and S4). The strong dipolar couplings in the crystalline domains lead to an Abragamian shape
of the FID for the crystalline phase.*® A linear combination of an Abragamian, a Gaussian and two

exponential functions provided the best description of the 7> decay at 70 °C for R2 and bimodal

HDPE’s (Figure 1):
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ey

A value of o = 0.166 was used to fit the 7> decay at 70 °C for the bimodal HDPE’s and the R2
samples. The four relaxation components were assigned to the crystalline phase - (7> relaxation
time); crystal-amorphous interface - (7>™ relaxation time); soft amorphous fraction - (72"
relaxation time); and chain segments with high chain mobility which is typical for rubbers - (72"
relaxation time).*”** Since most CH3 groups at the end of polymer chains reside in a nearly solid-
like environment,*” highly mobile chain segments mainly originate from short chain branches with
adjacent ethylene units.’® A(0)"* is the amplitude of the relaxation components.

The transverse magnetization relaxation time 7>™

characterizes chain motions. The longer
the 7>, the larger the frequency and/or the amplitude of chain motions are. It should be noted
that the time constant of these functions (7> value) cannot be used for comparing the relative
difference in chain mobility in different phases due to the difference in the shape factor of these
relaxation components (Abragamian, Gaussian and exponential), and the difference in the origin
of the NMR relaxation process in different phases. The relative fraction of the relaxation
components, {A(0)™MX/TA0) + A0)™ + A(0)*™ + A(0)]} x 100%, represents the relative amount
of hydrogen atoms (as expressed in weight fractions) of crystalline phase, of crystal-amorphous
interface, and of chain segments with largely different anisotropy of chain motions in the
amorphous domains. In general, crystallinity determination using different methods does not
always yield the same results even when used on exactly the same sample due to reasons discussed

previously, #4:43:46:51
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The phase composition of HDPE samples and 7> relaxation time for each phase, which were
determined at 70 °C, are shown in Supporting Information S1.4, Table S1. The effect of the
molecular structure of HDPE on these physical structure characteristics is discussed in S1.4.

The rather fast chain diffusion in the crystalline phase in the melting temperature range - the
o-relaxation process - causes a change in the shape of the 7> decay of HDPE crystals from the
Abragamian to the Gaussian one (a in equation 1 decreases with temperature increase). In the
melting temperature range, the small amount of crystal-amorphous interface cannot be determined
with sufficiently high accuracy due to the low crystallinity. Therefore, a three relaxation
components model was used to describe the phase composition in this case. The 7> decay can be

well fitted using a linear combination of a Gaussian and two exponential functions:

A(t) = A(0)” exp[—(t/ T )1+ A0)™ exp[—(t/T)“ )]+ A(0)™ exp[-(t/T )] )

The relaxation components were assigned to the crystalline phase - (7> relaxation time); the
network chains, which are formed in the amorphous phase by chain entanglements and linkages of
chain segments to PE crystals - (7>"' relaxation time); and the highly mobile chain segments

def

(network defects) in the amorphous phase - (7> relaxation time) as it will be shown below.

2.7. Optimization of 7> Relaxation Experiments for Fast Recording of the 7> Decay in the
Melting Temperature Range. In order to reduce the effect of structural reorganizations in the
melting temperature range, the 7> decay should be recorded with sufficiently high accuracy within
a short time using SPE and HEPS experiments. An optimal sampling pattern was used to reduce
the time required for recording the 7> decay with the HEPS experiment.’>33* Despite the smaller

number of acquisitions and Hahn-echo times, the relaxation parameters, which were recorded using
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the fast SPE+HEPS experiment, coincide within 5 % with those from separate SPE and HEPS
experiments with larger number of data acquisitions and of HEPS data points (Supporting
Information S1.5, Table S2).

2.8. Analysis of the Structure of Polymer Networks by NMR 7> Relaxometry. NMR
relaxometry is a well-established methodology that provides quantitative information on the
density of network junctions, network heterogeneity and network defects.® The presence of
network junctions, i.e., chemical cross-links and/or physical junctions, increases the anisotropy of
chain motions which causes an increase in the strength of interactions between nuclear spins. The
strength of the inter-nuclear interactions is quantified by different NMR experiments and its value
is used for calculating molecular weight of network chains.?”-3-39:3556.57 The distinguishing feature
of the 7> relaxation for polymer networks without defects is the plateau observed at temperatures
well above the dynamic glass transition temperature 79,5678 T,9 of the NMR method is observed
at temperature 20 — 30 °C higher than 7, determined by low-frequency methods such as DSC and
low-frequency dynamic mechanical thermal analysis. The difference in the temperatures is
expected from the time-temperature-superposition-principle.’® The temperature-independence of
T» for the network chains at the plateau (7>™) is attributed to constraints, which limit the number
of possible conformations of a network chain relative to those of a free chain. Suggesting the
Gaussian chain statistics and fixed position of network junctions, the theory of transverse relaxation
of polymer networks relates 7% to the number of statistical segments, Z, in the network chains that

are formed by chemical and physical network junctions:>%60

Z = (T-"H/[a(Ta™M)] 3)
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where a is a theoretical coefficient which depends on the angle between the segment axis and the
inter-nuclear vector for the nearest nuclear spins at the main chains. For polymers containing
aliphatic protons in the main chain, this coefficient is close to 6.2 + 0.7.% T>" is the relaxation time
measured below T, for the polymer swollen in a deuterated solvent. T>" for swollen EPDM, as
measured at —133 °C, is 104 £ 0.2 us.56 For calculation of the entanglement network in the
amorphous phase of semicrystalline HDPS, 7>"' in equation 3 is replaced by T»"' and T»*™
relaxation times which are defined in Part 3.2. Using the number of backbone bonds in one
statistical segment, designated as C., the weight-average molar mass of network chains between
chemical and/or physical junctions (in the present study average molecular weight between

apparent chain entanglement, M.) is calculated from the Z value:

M,, =ZCcMyu/n 4)

where M, is the molar mass per elementary chain unit, and # is the number of backbone bonds in
an elementary chain unit. Several studies have provided C., value for polyethylenes in the range
from 5.7 to 7.38 carbon-carbon backbones.®1:62:63:6465 A mean C., value of 7.0 was used in the
present study. With decreasing M, of HDPE’s, the fluctuation of entanglement nodes (in discrete
binary entanglements model) or the tube diameter (in the tube model) at the time scale of the NMR
T» relaxation experiment (~ 7> value) increases which causes larger overestimation of the M. value

as compared to HDPE with higher M,.%®

3. RESULTS AND DISCUSSION
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3.1. Changes in Phase Composition and Chain Dynamics in the Melting Temperature
Range. Three types of chain segments with largely different segmental mobility are observed in
all samples in the melting temperature range:

[1] Low mobile chain segments in the crystalline phase and, possibly, a small amount of short
chain loops with constrained mobility on the crystal surface — the crystal-amorphous interface (7>
— relaxation component).

[2] Mobile chain segments which are characterized by the T>" relaxation time. The 7>"' value
for all samples is in the range which is typical for cross-linked polymers at temperatures well above
T,9.56576667 Therefore, this relaxation component is assigned to network chains in the amorphous
phase. The network chains are formed by chain entanglements and physical junctions due to
anchoring of chain segments to polymer crystals.

[3] Highly mobile chain segments which are characterized by a long decay time (7>%f —

def

relaxation component). 7> value is typical for the relaxation of oligomers and unentangled chain

segments with freer, faster, and nearly isotropic reorientation, which could be viewed as defects in
the network of entanglements.”5

The assignment of T>" and T>%f relaxation components is supported by results for previously
studied HDPE melts.® The T relaxation decay of HDPE melts consists of faster and slower
decaying parts, which largely originate from entangled chain segments and highly mobile
disentangled chain-end segments - short and long 7>, respectively.*® The relative intensity of a
slowly decaying part increases with a decrease in molecular weight.*®%° Similar results are obtained
in the present study (Supporting Information, Part 2.2). Relative intensity of 7> relaxation
component with long decay time in polyethylene melts at 150 °C (%T>'°"¢) is comparable to the
relative intensity of the fraction of disentangled chain segments (%7>%") which is determined at

def

low crystallinity (Figure S7). Moreover, %T>*" at low crystallinity is close to the percent of
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disentangled chain-end segments which is estimated from the molecular weight distribution
function of the studied HDPE’s (see Supporting Information S2.2). Thus, the 7% relaxation
components largely originates from the relaxation of low-entangled chain-end segments and low
molecular weight chains - network defects which dilute entanglement network in the amorphous
phase.

Melting of crystals results in an increase in the number of network chains and network defects
and in the mobility of these chain segments (Figures 2, 3). In order to determine the structure of
the physical network in the amorphous phase, 7> decay is recorded as a function of time at different
temperatures in the melting temperature range. These experiments provide information about time-
temperature induced changes in crystallinity, the amount of network chains and network defects in
the amorphous phase, as well as about chain motions in crystalline and amorphous phases. The
longer T> value, the larger amplitude and/or frequency of chain motions are. As example, results

for biHMHB sample are shown in Figure 3.
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Figure 2. "H NMR 7> relaxation decay at short (a) and long (b) decay time for the biHMHB sample in the
melting temperature range. The decay was measured using SPE+HEPS experiment. The experiment was
started five minutes after the NMR tube with the sample was placed in the NMR probe head, which was
stabilized at the required temperature (Supporting Information S1.3). Lines show the results of the least-

squares regression analysis of the decays using equation 2.

The effect of the dwelling time at different temperatures on the phase composition and chain
mobility differs for different stages of the melting. At temperatures slightly higher than the onset
of melting (e.g., above = 100 °C for biHMHB), crystallinity slightly increases which is caused by
lamellar thickening. A small decrease in crystallinity, which is followed by an increase is observed
at the intermediate stage of melting, i.e., in the temperature range from approximately 120 to 125
°C for biHMHB. This initial decrease in crystallinity is caused by preferential melting of thinner
crystals and/or less thermodynamically stable crystals. The partial melting is followed by
recrystallization which results in an increase in crystallinity. The same behavior is observed for all
HDPE samples studied. A similar conclusion can be drawn from the real-time WAXS
measurements during isothermal annealing at 128 °C (see Figure 4, and Supporting Information,

Figure S10). One can see that the initial drop of the WAXS crystallinity index at the moment when
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the isothermal temperature is reached is followed by its gradual increase. At temperatures even
closer to the end of melting, crystallinity exhibits only a decrease with time, which means that the
recrystallization process becomes largely hindered at these high temperatures. The changes in
crystallinity affect the chain mobility in the amorphous phase. The lower the crystallinity, the
higher the mobility of chain segments in the amorphous phase, at all temperatures studied. The
chain mobility in the crystals, which is characterized by the 7> relaxation time, increases with

70,71,72

increasing temperature due to the higher frequency of a-crystalline relaxation, and with an

increase in the size of the unit cell parameters of polymer crystals, as it was shown by WAXS

studies, 73> 74

thus increasing proton-proton distances and reducing the relaxation efficiency.
However, close to the end of melting (at temperatures above 125 °C for biHMHB), the chain
mobility in the crystals decreases. This means that only the most perfect and thermodynamically
stable crystals with larger lamellae thickness survive until the end of melting. This interpretation
is supported by SAXS data and by DSC study of annealing of samples in the melting temperature
range which are described in Part 3.4 and in Supporting Information S3.2 and S4. SAXS data shows
an increase in lamellar thickness during isothermal annealing in the final melting region

(Supporting Information, Figure S9). A more detailed discussion of the X-ray experiments will be

provided in a follow-up publication.
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Figure 3. Dependence of the mobility of different types of chain segments as characterized by 7,™* - (a-
¢), crystallinity - (d), the amount of network chains - (e) and network defects - (f) in the amorphous phase

against time at different temperatures for biHMHB.



24

30

20

0 10 20

WAXS crystallinity index, wt%

time, min
Figure 4. Time evolution of the WAXS crystallinity index of biHMHB during annealing at 128 °C.

3.2. Melting Behavior and the Structure of Physical Network in the Amorphous Phase.
At temperatures well above T, which in the case of the current PE’s since the experiments are
conducted in the melting temperature range, the 7> relaxation time is a measure of the density of
chain entanglements and junctions originating from the polymer crystals. The contribution of the
polymer crystals to the total network density is the major component at temperatures below melting.
Upon melting, the effect of polymer crystals decreases and chain entanglements provide a larger
contribution to the total network density. At very low crystallinity, the value of 7> can be used for
the estimation of the entanglement density. It will be shown in Part 3.3 that no significant re-
entangling occurs for high molecular weight HDPE in the melting temperature range due to the
remaining crystals hindering chain reptation. Therefore, the evolution of the 7> relaxation of the
amorphous phase upon melting is studied for determining the entanglement density. The network
structure in the amorphous phase is characterized by the following 7> relaxation characteristics
which are obtained by a least-squares fit of the 7> decay (see equation 2): [1] The fraction of
network chains and network defects in the amorphous phase which equals /' = A(0)™Y/[ A(0)"*" +
A(0)%] and £ = A(0)%/[ A(0)" + A(0)%T], respectively; [2] The 7> relaxation time; and [3] the
population weight average 7> relaxation rate of the amorphous phase, 1/7>*", which is calculated

as follows: 1/T5™™ = f*Y/T,"" + [/ T,%! where f* + ff = 1.
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Care should be taken when interpreting the 7> relaxation parameters in relation to the melting
behavior due to several phenomena accompanying melting. A broad melting temperature range
and several structural reorganizations are observed for semicrystalline polymers due to (1) the
difference in the melting temperature of the crystalline polymorphs, (2) the difference in lamellar
thickness, its size distribution and the crystal perfection, (3) the difference in the thickness of the
interlamellar amorphous regions adjacent to the crystal; (4) the chemical structure variability such
as the molecular weight distribution, the randomness of comonomers units and the stereoregularity,
(5) the partial melting followed by recrystallization and the self-seeding effect, (6) the lamellar
thickening and the crystal perfecting.”>76:77.78.79:8081 AJthough the temperature regulation of the
NMR spectrometer is very accurate, the exact temperature within the sample volume is not known
due to the endo- and exo-thermic processes accompanying melting and recrystallization. Moreover,
a difference in heat transfer between randomly packed pieces of sample in the NMR tube adds to
this uncertainty on the real temperature. This causes a deviation of the sample temperature from
the temperature controller. Therefore, the extrapolation of the dependencies in Figure 3 to time
zero would not provide an accurate value of the relaxation parameters at each temperature shortly
after the expected temperature stabilization. In order to avoid this uncertainty in the data analysis,
another approach is used. A similar approach has been previously used to determine the
entanglement density in EPDM elastomers using a series of vulcanizates with a wide range of
density of chemical crosslinks.*® In order to determine the structure of the physical network, values
of /" and the T» relaxation rates 1/7>"" and 1/7>*™ are plotted against crystallinity (Figures 5 and
6).

The fraction of network chains in high molecular weight R2 samples and nUHss increases with
decreasing crystallinity (Figure 6). The increase can be explained by the formation of intra-lamellar

amorphous gaps due to fragmentation of crystalline lamellae upon partial melting (Figure 7). The
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melting process can start from the parts of the crystalline lamellae squeezed in the smallest
amorphous gaps. 2 It can also first occur at the borderlines delimiting parts of the crystal grown
from different secondary nuclei that can be observed in some instances by TEM dark-field
imaging.®® This causes the formation of additional network chains which interconnect fragmented
crystalline lamellae. At lower temperatures, these chain segments feature a low mobility and
contribute to the amount of the rigid polymer fraction - NMR crystallinity.** However, the fraction
of network chains in the amorphous phase decreases upon melting of both the bimodal and R1
samples. It is suggested that fragmentation of crystal lamellae occurs in the proximity of chain ends.
The release of chain ends causes the decrease in the number of physical junctions which originate
from the polymer crystals and an increase in the number of disentangled chain-end segments as

shown on schematic drawing on Figure 7.
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Figure 5. The relaxation rate 1/7>"" — (a) and 1/T>"™ — (b) plotted against crystallinity which is determined

as a function of time at different temperatures for the biHMHB sample. Arrows indicate change in (a)

molecular weight of network chains; and (b) - network density which is composed of physical junctions

from polymer crystals and chain entanglements. Only the data points, which are recorded during 2 — 4

minutes after the sample reaches the required temperature, are used for these plots.
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Figure 6. The fraction of network chains /" in the amorphous phase plotted against crystallinity which is
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Figure 7. Schematic drawing which shows the effect of partial melting on the number of network chains in
the amorphous phase of high - (a) and low molecular weight — (b) polyethylenes which are melt-crystallized;
and in hpc-HDPE — (c). Light grey areas on the upper drawings show lamellar fragments which melt at
lower temperatures than the rest of the lamellae. Such local melting point depression can be accounted by
the fact that these lamellar fragments are squeezed in the smallest amorphous gaps or contain grain

boundaries.

3.3. Chain Entanglements in the Amorphous Phase of Polyethylene’s. The density of
physical junctions from polymer crystals decreases upon melting which causes a large decrease in
the relaxation rates 1/7>"" and 1/7>*™ (Figure 5). In addition to that, the volume average density of
chain entanglements in the amorphous phase, which are trapped by crystals, decreases due to the
increase in the amount of amorphous phase upon melting. The dependencies reach an asymptotic
constant value at a crystallinity below 10 wt.%. The values of 1/7>"" and 1/7>*™ extrapolated to
zero crystallinity are used for calculating the weight average molecular weight of chain segments
between apparent chain entanglements, M., and the average entanglement density, 1/2M:™™,
respectively, using equations 3 and 4. The following assumptions are made for quantifying the
entanglement network in the amorphous phase. (1) A significant fraction of the lamellar crystals
remains intact upon partial melting during 2 — 4 minutes. The remaining crystals keep the pre-
existing entanglement network largely intact. (2) Topological constraints from the remaining

crystals in molten domains — the so called “corset effect”’

— are negligibly low. (3) Chain reptation
does not cause a significant change in the entanglement density upon approaching the end of
melting.

(1). The fraction of crystals which remains intact upon partial melting is estimated by DSC.

DSC thermograms are compared for samples at first heating and after the consequent isothermal
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steps in the melting temperature range followed by sample cooling to room temperature. A new
sample was taken for the experiments at each annealing time and each annealing temperature. The
consequent isothermal steps in the DSC experiments were the same as those used for the NMR
experiments (see Supporting Information S3.2). A single broad melting endotherm is observed at
the first heating. Two melting endotherms are observed after the annealing of samples in the
melting temperature range, followed by cooling and reheating. The first melting peak is observed
at approximately the same temperature as for the samples before annealing. The enthalpy of
melting for this peak decreases with increasing time of isothermal annealing and it is lower at
higher annealing temperature. The second melting peak is observed at a higher temperature. The
enthalpy of melting corresponding to this second endotherm increases with increasing annealing
time and temperature. The melting peak at lower temperature is assigned to crystals which are
formed from the molten fraction of HDPE after cooling. The melting peak at the higher temperature
originates from unmolten remnant crystals. The higher melting temperature of the unmolten
crystals is due to lamellar thickening and crystal perfection during annealing. This fraction of
unmolten crystals decreases with increasing annealing time and temperature. As evidenced by DSC
(see Supporting Information S 3.2), approximately 5 — 10 wt. % of the crystals remain unmolten
during the 2 — 4 minutes annealing at temperatures close to the end of melting. It should be noted
that the estimated fraction of unmolten crystals suffers from uncertainty due to the complexity of
phenomena which occur upon partial melting as discussed above. Regardless of these phenomena,
as will be discussed below, a complete reptation (re-entangling) of the chain is slowed down by the
remaining and newly formed crystals since chain diffusion through crystals has to be accompanied
by a local chain elongation and this is consequently restricted by the concomitant additional

entropic force.
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(2). The topological constraints from the remaining crystals in the molten domains — the so

called “corset effect”®

- can cause higher anisotropy of the chain motions. This will result in a
lower calculated M. value. The thickness of the amorphous layer between the surface of adjacently
stacked crystal lamellae is 3 - 3.5 nm at temperatures below the melting of HDPE without
branches.® This value is smaller than or comparable to the typical tube diameter in HDPE melts,
i.e., d = 6 and 4.87 nm for PE with M, = 12.4 and 190 kg/mol, respectively.®® A molecular
dynamics study reported the tube diameter to be in the range from 3.2 to 4.5 nm.}” Therefore, the
chain segments in the amorphous domains reside in a largely confined geometry at temperatures
below the onset of melting.

The thickness of the crystal lamellae, of the amorphous interlamellar regions and of the long
period are computed from the time- and temperature-resolved SAXS experiments carried out with
a time-resolution of 6 s. The results corresponding to a heating ramp of 10.0 °C/min are shown in
Figure 8, and in Figure S11 in Supporting Information. Upon heating, the thickness of the
crystalline lamellae decreases due to the surface melting phenomenon,® while the interlamellar
amorphous regions consequently increases in thickness. This is in line with previous observations®’
in which the crystals confined in the smallest amorphous gaps were found to melt first. At a WAXS
crystallinity of about 35 %, the thickness of the crystalline and the amorphous regions become
equal. Extrapolation of the dependence to crystallinity values of 5 — 10 wt. % provides the average
distance between adjacent lamellae. Its value is at least two times larger than the typical tube
diameter. Therefore, “the corset effect” should not cause a large increase in anisotropy of segmental
motion in the amorphous phase at low crystallinity. This conclusion is also confirmed by the
following results. If “the corset effect” would be the determining factor, the apparent M. value

should be similar at the same crystallinity for all samples. However, M. increases with a decrease

of M, as it will be shown below. Thus, the values of 1/75"" and 1/T>*™ can be used for calculating
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the weight average molecular weight of chain segments between apparent chain entanglements, M.,
and the average entanglement density, as described in Part 2.8. It should be noted that the
distribution of chain entanglements in high molecular weight semicrystalline polymers is
heterogeneous in space since most of the entanglements cannot be disentangled during rapid
crystallization and preexisting entanglements in the melt are pushed to the inter-lamellar layers by
the growing crystals.”®-°!-92 Since no significant re-entangling occurs upon melting of high
molecular weight HDPE, entanglement density in the amorphous phase below melting
temperatures can be estimated from the known amount of the amorphous phase. The present
experiments cannot detect this heterogeneous distribution of chain entanglements, since 7"

provides a weight average molecular weight between apparent chain entanglements, Me..
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Figure 8. Values of crystalline lamellar thickness - I, interlamellar amorphous region thickness — /,, and
long period - L, for the biHMHB sample as a function of the WAXS crystallinity index measured during a

heating ramp of 10.0 °C/min.

(3). As was shown above, approximately 5 — 10 wt. % of the crystals remain unmolten during
the 2 — 4 minutes annealing at temperatures close to the end of melting. To completely prevent
chain reptation in partially molten HDPE each chain should be attached at least to one or two

crystals. The typical lamellar thickness of melt-crystallized HDPE is approximately 15 nm.* Given
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the chain tilt of the stems with respect to the lamella normal, such lamellae are formed by chain
stems consisting of approximately 146 CH> units.”® The molecular weight of such chain segments
is 2044 g/mol. Taking into account that 5 — 10 wt. % of crystals remain unmolten during 2 — 4
minutes at temperatures close to the end of melting, the majority of the HDPE chains with a
molecular weight above = (20 — 40)-10* g/mol will be still attached to one or more crystals. The
reptation of chains with a lower molecular weight cannot be excluded. An increase in volume upon
melting might also influence entanglement density. Nevertheless, the re-entanglement process in
the molten fraction is rather slow as suggested by several studies.’>**° Moreover, the mean-
squared end-to-end distance of polymer chains with M, > (20 — 40)-10° g/mol is larger than the
thickness of interlamellar layers at the end of melting as determined by SAXS (Figure 8), which
largely reduces probability of re-entangling and chain reptation. Therefore, it can be concluded that
re-entanglement in the amorphous phase of partially molten HDPE’s will be negligible. It is noted
that contrary to HDPE melts the remaining crystals at the end of melting suppress fluctuations of
entanglement knots as it follows from comparison of 7> values, which are measured at the same
temperature for the amorphous phase (7>*™) and molten HDPE’s (72™"). Values of (7>™!") larger
than 7>*" (Supporting Information, S2.3). Fluctuation of entanglement knots in HDPE melts
doesn’t allow using values of 7> for HDPE melts for determining M. using equation 4.

The conclusion above that the remaining crystals largely prevent re-entanglement in partially
molten high molecular weight HDPE’s is supported by studies of the melting behavior of hpc-
HDPE and the same melt-crystallization sample (mc-HDPE). The fraction of network chains, /",
for mc-HDPE increases with decreasing crystallinity similar to that for RZHMHB and nUHss, as
it is shown in Figure 6, and approaches 0.78 at low crystallinity. "' for hpc-HDPE does not depend

on crystallinity and equals 0.78 = 0.02. Such behavior should correspond to the consecutive
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detachment of chains from the crystal surface with the formation of molten surface layer (Figure
7). One would expect a faster chain reptation in the molten surface layer of hpc-HDPE than in the
amorphous phase of mc-HDPE where physical junctions from polymer crystals prevent reptation.
However, mc-HDPE shows a change in 1/7>™ against crystallinity similar to that for the other
melt-crystallized HDPE’s (see Figure 9), whereas 1/7>*™ for hpc-HDPE is lower than for mc-HDPE
even at a crystallinity approaching zero and its value hardly changes with crystallinity. The smaller
value of 1/7>*" for hpc-HDPE is due to the lower entanglement density in the molten part of hpc-
HDPE. This means that the re-entanglement process in the amorphous domains of hpc-HDPE is
rather slow despite [1] the lower number of constraints on chain diffusion (reptation) than for mc-
HDPE (Figure 7), and [2] the short reptation time for HDPE with similar molecular weight, i.e.,
approximately 1 — 2 sec.”® A small increase in 1/7»*", which is observed with decreasing
crystallinity (Figure 9), is caused by a rather slow chain reptation in the molten domains which
increases the entanglement density. Therefore, it can be concluded that chain reptation during 2 —
4 minutes in the melting temperature range can be largely excluded for melt-crystallized HDPE’s

with high molecular weight.
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Figure 9. Dependence of 1/7>"" against crystallinity which is determined as at different temperatures with
time interval of 2 min at each temperature for hpc-HDPE and the same melt-crystallized polymer — mc-

HDPE.
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3.4. Molecular Weight Between Chain Entanglements as Determined by Different
Methods. For a large variety of polymers, molecular weight between chain entanglements is the
most studied for polyethylenes using different methods. There is large variation in both the
computational and experimental estimates of M. for PE. Computer simulations provide M. values
ranging from 492 to 840 g/mol.”’”® Recent time-domain NMR experiments determined apparent
M. of 1760 g/mol.*® A typical M. value of 1250 g/mol is commonly accepted by rheologists.
However, previous rheological studies provided M. values in the range from 828 to 2600
g/mo].9%:100.101

The large discrepancy in the M. values has several causes, i.e., (1) the different molecular
architecture of the PE’s studied, namely: My, molecular weight distribution (MWD) and the
presence of short- and long-chain branches; (2) the difference in the time- and length-scales of
chain dynamics as probed by different methods; (3) several methodological issues, experimental
artifacts, assumptions of theories which are used for calculation of M. values from measured
characteristics of entanglement density.?6:192103.104.105 Degpite numerous studies, theories which are
used for calculating M. from rheological data rely on several assumptions, as it was highlighted by
several researchers. The following conclusions were stated based on molecular dynamic (MD)
simulations of entangled polymer melts. “We do not think that determining the number of
entanglements or Ne is a well-defined task worth pursuing. Instead, one must search for a better
model and then seek to determine its parameters from MD”.!92 Likhtman states in another
publication that “we do not believe that counting entanglements is meaningful without having a
reliable model which can use this number to predict all dynamic properties”.!®* Milner made the
following comment on the tube model. “The tube [model] itself is an intuitively appealing concept

that remains somewhat elusive”.?® Based on theoretical analysis of the viscosity of polymeric
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liquids Doi concluded that “the interpretation of the chain-end influence on the stress relaxation
modulus is rather descriptive in that it serves as “diluent” of the entangled fraction”.!%

As far as time-domain NMR is concerned, the NMR 75 relaxation method is also not free from
assumptions. The method measures the time average of anisotropy of segmental motion in the time
window of ~1 - 10 ms over the whole sample. The assumption of fixed network junctions and

5889 is not quite correct.

constraints from chain entanglements, which is made in NMR theories,
Entangled nodes (in the discrete entanglement model) or the tube diameter (in the tube model)
fluctuate on the time scale of the NMR experiment, thus reducing the strength of the dipolar
interactions. Therefore, the lower M,, the larger the overestimation of NMR value of M. is. It should
be noticed that estimated by NMR M. value for UHMWPE (1760 g/mol)® is in the range of M.
determined by previous rheological studies, i.e., from 830 to 2600 g/mol.?:190:101

3.5. The Effect of Molecular Structure on Density of Apparent Chain Entanglements in
the Amorphous Phase as Determined by the NMR Method. The characteristics of the network
structure in the amorphous phase of HDPE samples at crystallinity approaching zero are provided
in Table 3. Two types of segmental motions are observed at low crystallinity, i.e., the anisotropic

net

motion of entangled chain segments which is characterized by the 7" value, and fast, nearly

def

isotropic reorientation of the disentangled chain-end segments responsible for the 72 relaxation.

The fraction of disentangled chain-end segments, which equals approximately 4Mc/M,,>%%
increases with decreasing M, (Supporting Information, S2.2, Table S3). Despite the more
simplified analysis of the 7> decay shape of the amorphous phase from only eight data points, the
value of the apparent M. for nUHss is the same as for ultra-high molecular weight PE which was

determined using a theoretical analysis of the shape of the 7> relaxation decay in the melt at 150

°C, namely 1760 + 80 g/mol.>3!197-198 The value of the apparent M. of the entangled chain segments
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increases with decreasing M, as it was shown previously.**® The effect is the most pronounced
for bimodal HDPE’s which contain a significant fraction of low-molecular weight R1 HDPE (M,
= 3.6 kg/mol). This observed increase is caused by a decrease in the confinement on the mobility
of entangled chain segments due to solvent-like dilution of the entanglement network by highly
mobile chain-end segments and low molecular weight chains. 0610911011 polymer crystals hinder
re-entanglement in the melting temperature range as it was discussed above. As far as the
entanglement density in the amorphous phase below the melting temperature is concerned, growing
crystals push entanglements into the amorphous phase that decreases in volume with crystal growth.
Therefore, the density of the apparent chain entanglements in the amorphous phase increases with
crystallinity increase, and its value below the onset of melting is approximately two times larger
(for a crystallinity of ~ 50 %) as compared to that at crystallinity approaching zero. This agrees
with results of recent study.”!

3.6. Density of Apparent Chain Entanglements in Relation to the Mechanical Properties.
On a microscopic scale failure mechanisms of polyolefins are known to be determined by several
interrelated physical structure characteristics i.e.: (1) chain entanglements; (2) the density of tie
molecules - chain segments which interconnect adjacent crystals and keep the crystalline and
amorphous domains from separating under load; (3) the ability of this tie molecular chain network
to redistribute local forces on chain segments after a load was applied, and to decelerate further
chain slippages through the semicrystalline morphology; (4) crystallinity and crystal thickness; (5)
the chain mobility in the crystalline and the amorphous phases; and (6) possibly some other factors.
Although very valuable for understanding the morphological changes, this microscopic view
cannot be directly used to describe and predict failure mechanisms. To that end, a meso-scale

description is used in which all of the above characteristics are reduced to a homogeneous network



37

of loaded chains, leading to a time and temperature dependent surface energy, that directly
determines the propensity to brittle failure via craze propagation.!!>!!* The available network of
entanglements at the time and temperature scales of a mechanical experiment determines the failure
mechanisms that will occur, such as ductile failure by shear yielding or craze propagation leading
to brittle failure via a craze-crack mechanism.?>!1211415.116 Ap extra complication lies in the fact
that the morphology and the remnant network of entanglements change upon deformation, and not
all entangled chains can form load bearing tie molecules. However, it turns out that mechanical
observables in the strain hardening regime provide valid estimates of the active network that
determines the resistance to long-term failure. Such observables are the strain hardening modulus

<Gp>, the natural draw ratio and the creep rate deceleration factor.

Table 3. The Structure of the Entangled Network in Amorphous Phase of HDPE Samples at

Crystallinity Value Approaching Zero.*

Sample U wt% | /T, ms! | M., g/mol | 1/T2*™, ms! | 1/2M*™ mmol/kg
biHMHB 54 0.52 2920 0.29 95.5
biHMLB 55 0.53 2870 0.31 102
biLMHB 50 0.45 3370 0.24 79.5
biLMLB 51 0.48 3160 0.26 86.1
R2HMHB 89 0.70 2180 0.68 224
R2HMLB 90 0.70 2180 0.68 224
R2LLMHB 82 0.70 2180 0.59 194
R2LLMLB 82 0.73 2080 0.65 214
R1 16 0.20 7630 0.035 11.5
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nUHss 100 0.88 1730 0.88 288

mc-HDPE 78 0.70 2520 0.57 198

net

* " is the weight fraction of entangled chain segments. 1/75"" is the relaxation rate of entangled chain

segments. M. is the weight average molecular weight of chain segments between apparent chain
entanglements nodes. 1/7>™ is the relaxation rate of the amorphous phase composed of entangled chain
segments and the highly mobile low-entangled chain-end segments. 1/2M.™ is the volume average density
of apparent chain entanglements assuming that entanglements are binary contacts between chains. The
estimated absolute error in % network chains is 3 wt.%. The estimated relative error of 1/7, values is 10 %.
M. for hpc-HDPE is significantly larger than for mc-HDPE. However, the network characteristics for hpc-

HDPE are not determined due to the partial re-entanglement during melting.

Resistance of HDPE to creep, which is characterized by the CRDF, is determined for bimodal
and R2 HDPE samples with different molecular weight characteristics and the amount of ethyl
branches (see Table 1). Increase in the molecular weight and, consequently, the average number of
effective chain entanglements cause significant improvement of the CRDF (Figure 10). The effect
of molecular weight on the entanglement network is shown in Figure 11. The distinct difference in
1/T>*™ for HDPE’s with a different molecular weight is caused by the chain-end segments. The CH3
groups at the end of polymer chains mainly reside in a nearly solid-like environment in the
amorphous domains.*® The chain ends dilute the entanglement density in the amorphous phase and
increase the segmental mobility. The average density of physical junctions at the same crystallinity
is larger for HDPE with a higher molecular weight. Consequently, the maximum possible number
of network chains that are able to bear load increases with an increase in molecular weight (Table

3). In addition to a higher effective entanglement density longer chains will interconnect more
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lamellae and cause a larger resistance for the chain to slip through the crystals. This slows down
the disentanglement of molecules and, consequently, prevents a decrease in the number of tie
molecules.'®

The HDPE’s with similar molecular weight and higher branching content feature better creep
resistance as it was recently shown.!!'® The effect is small for HDPE’s with a low molecular weight
due to the low fraction of effective network chains. The effect of chain branches on CRDF is the
most pronounced for HDPE’s with a high molecular weight. An increase in the number of short-
chain branches causes a crystallinity decrease, an increase in the amount of rubbery-like fraction
in the amorphous phase and an increase in segmental mobility in the amorphous phase (Supporting
Information, Table S1). It can be suggested that at the initial stage of deformation a higher
segmental mobility in the amorphous phase - lower molecular friction coefficient - is in favor of
redistributing (equalizing) local forces exposed to tie molecules upon loading. Since coupling of
chain motions in both phases is required, diffusion of overloaded tie chains would be faster for
more mobile chain segments in the amorphous phase. This suggestion is supported by results of
the following studies. Loading of network chains is very heterogeneous for HDPE which is
stretched at 70 °C.!'7 An NMR study of strain-recovered isotactic polypropylene (iPP) has shown
that stretching at room temperature induces imperfections in crystalline domains, whereas
deformation at higher temperatures causes a crystallinity increase, an increase in crystal thickness
and a decrease in molecular mobility in crystalline and amorphous domains.!'®* A DMTA study of
PE has shown that higher segmental mobility in the amorphous phase facilitates fibrils formation.
As result of that, the material is less deformed and is able to sustain a lower stress for a longer
time.!''” These results support our conclusion that higher segmental mobility in the amorphous

phase enhances the time resilience of the tie molecular network.
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The other structural characteristic of HDPE’s, which determines the CRDF, is the number of
short-chain branches. A small fraction of ethyl branches is trapped within the crystals.!?-!?!
Branches within crystals cause local crystal disorder which can initiate fragmentation of lamellae
with the formation of additional network chains, as shown on the schematic drawing in Figure 7.
Lamellar fragmentation can also reduce local forces. Lamellar thickness is lower at higher number
of branches and as consequence the tie molecular network will be denser.!® In a course of
redistribution of local forces on tie molecules, chain branches slow down chain diffusion through
crystals due to the increase in activation energy required for this process. This reduces further

displacing of molecules in the semicrystalline morphology and improves the long-term resilience

of the tie molecules and hence creep related properties.'?
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Figure 10. Creep rate deceleration factor against apparent entanglement density. The arrows show the effect

of ethyl branches and M, on CRDF.
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4. CONCLUSIONS

The density of chain entanglements in the amorphous phase of semicrystalline polymers and
the number of tie molecules are important characteristics, which determine the deformation and
failure mechanisms in long-term tests like creep. However, direct estimation of the entanglement
network in semicrystalline polyolefins is still an unresolved issue. A methodology for estimating
the apparent entanglement density in the amorphous phase of semicrystalline polyolefins was
developed. The method is based on the analysis of the density of the physical network junctions in
the amorphous phase by '"H NMR 7> relaxation analysis. This method was already widely used for
the analysis of the density of chemical crosslinks and chain entanglements in amorphous

37.38.35.5666.67 and rubbery phases in polymer blends.®” !> The same

viscoelastic materials,
methodology cannot be directly implemented for the estimation of the entanglement density in the
amorphous phase of semicrystalline polymers because NMR 7> relaxation time of the amorphous

phase is affected not only by chain entanglements but also by the presence of crystals. Moreover,

polymer crystals impose constraints on translational chain motions in the amorphous phase which
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also affect the 7> value. In order to reduce the effect of physical junctions from polymer crystals,
the 7> relaxation analysis was performed at temperatures close to the end of melting. In the limit
of vanishing crystallinity, the chain entanglements provide the major contribution to the 7>
relaxation time of the amorphous phase. The NMR measurements are complemented by
synchrotron time- and temperature-resolved SAXS/WAXS experiments, which allowed the
determination of the values of crystallinity and length scales of the semicrystalline structure
evolution upon melting.

In order to avoid changes in the entanglement density which can be caused by chain reptation
in the amorphous domains upon melting, the NMR 77 relaxation experiment was optimized for fast
recording the decay of the transverse magnetization relaxation (7> decay) from both the crystalline
and the amorphous domains without a significant loss in the accuracy as compared to experiments
with longer measuring times. The 7> decay was recorded as a function of time at different
temperatures in the melting temperature range. Analysis of the 7> decay provided quantitative
information on melting-induced changes in the phase composition and the chain mobility in the
crystalline and the amorphous phases. The following melting-induced phenomena in
semicrystalline polymers are observed: (1) An annealing effect at temperatures slightly above the
onset of melting; (2) a partial melting followed by recrystallization at higher temperatures; and (3)
a continuous decrease in crystallinity at temperatures close to the end of melting. In all cases, the
decrease in crystallinity causes an increase in chain mobility in the amorphous phase. The network
structure in the amorphous phase consists of contributions from the entangled network chains and
the highly mobile network defects, i.e., dangling chain-end segments, low-entangled chain
segments and, possibly, chain segments rich in comonomers units. The fraction of network chains
increases with decreasing crystallinity for high molecular weight polyethylene. This is explained

by partial melting of crystalline lamellae with the formation of network chains in intra-lamellar
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amorphous gaps.®? These additional network chains interconnect fragmented crystal lamellae.
Contrary to high molecular weight HDPE, the fraction of network chains decreases upon melting
of HDPE samples with lower M,. This may suggest that lamellar fragments with adjacent chain
ends melt at lower temperatures than those formed by the middle part of chains.

At temperatures close to the end of melting, the contribution of crystals to the physical network
in the amorphous phase diminishes, which allows the estimation of the remnant entanglement
network. It was shown that the residual crystallinity largely prevents chain reptation thus preserving
the average entanglement density in high molecular weight HDPE’s. Therefore, the entanglement
density in the amorphous phase below the melting temperatures can be estimated from the known
amount of amorphous phase. The network density is characterized by: (1) the fraction of entangled
network chains, /*; (2) the weight average molecular weight of network chains between apparent
chain entanglements, M.; and (3) the volume average density of apparent chain entanglements,
1/2M.. The volume average structure of the network of entanglements was estimated in a series of
HDPE samples with largely different molecular weight characteristics and with different
comonomer content. The molecular weight influences the density of the entanglement network as
determined by the currently presented NMR method. The fraction of entangled chain segments
decreases with decreasing M, due to the increasing fraction of disentangled chain-end segments.
The value of the apparent M. increases with decreasing M, as it was shown previously due to a
dynamic “dilution” effect of un-entangled chain-end segments.*% The apparent M. is larger for
all samples than its limiting value for ultra-high molecular weight PE which equals 1760 + 80
g/mol.*®

The methodology developed in this study is of interest for determining the effect of
crystallization conditions, processing conditions and the molecular structure on phase composition,

melting behavior and chain entanglements in amorphous phase of polyolefins. The method allows
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also to quantify the fraction of entangled network chains which potentially can form tie chain
segments during deformation. Knowledge of the potentially available entanglement density allows
the ranking of materials with respect to network dependent properties such as creep failure due to
slow crack growth.?? Hitherto, mechanical methods that are heavily dependent on geometry and
precision of dimensions were used to characterize this effective network. Thanks to the NMR
method presented in this paper such complications can be avoided since results of the method do
not depend on the shape of the sample and can even be measured on a powder sample.

Both a larger number of ethyl branches and a higher molecular weight are in a favor of
resistance of HDPE to creep failure. The role of the molecular weight characteristics such as
polydispersity, the type of chain branches, their number and distribution between long and short

chains will be topic for our further study.
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