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While experimental and computational studies abound demonstrating the diverse range of phenomena caused by grain interactions under quasistatic loading conditions, far less attention has been
given to these interactions under the comparatively dramatic conditions of shock compression. The
consideration of grain interactions is essential within the context of contemporary shock-compression
experiments that exploit the distinctive x-ray diffraction patterns of highly textured (and therefore
strongly anisotropic) targets in order to interrogate local structural evolution. We present here
a study of grain interaction effects in shock-compressed, body-centered cubic tantalum nanocrystals characterized by a columnar geometry and a strong fiber texture using large-scale molecular
dynamics simulations. Our study reveals that contiguous grains deform cooperatively in directions
perpendicular to the shock, driven by the gigapascal-scale stress gradients induced over their boundaries by the uniaxial compression, and in so doing are able to reach a state of reduced transverse
shear stress. We compare the extent of this relaxation for two different columnar geometries (distinguished by their square or hexagonal cross-sections), and quantify the attendant change in the
transverse elastic strains. We further show that cooperative deformation is able to replace ordinary
plastic deformation mechanisms at lower shock pressures, and, under certain conditions, activate
new mechanisms at higher pressures.

I.

INTRODUCTION

When a polycrystal is compressed, the grains of which
it is composed cannot deform as they would do in isolation, but must generally do so in such a way as to accommodate the presence of their neighbors.1 This is to
say that every grain must interact with those adjacent
to it. Over the past several decades, extensive experimental and material modelling efforts have revealed a
host of physical effects that can be directly attributed
to interactions between grains, including changes to local orientation2–10 and strain,10–14 generation of additional dislocations,15–18 and alteration of the macroscopic
yield surface.2,3,19,20 The vast majority of work to date
has been performed in the context of quasistatic loading,
where inertial forces between grains are negligible. By
comparison, very little consideration has been given to
the physics of grain interactions under the conditions of
shock loading. Historically, progress in this area has been
hampered by the fact that the highly transient shock
state is inherently difficult to study experimentally: the
typical shock-compression experiment provides a window
of order nanoseconds in which to collect data, and the
roster of diagnostic techniques capable of characterizing
material behavior on such a timescale is severely limited.
However, ultrafast x-ray diffraction (XRD) techniques
have recently reached such a level of maturity that the
evolution of lattice orientation21,22 and individual components of elastic strain23–27 under shock conditions can
now be resolved in situ with picosecond to femtosecond
temporal resolution. The indirect observation of grain
interactions via the changes they cause to local deformation is therefore, at least in principle, well within current

experimental capabilities. We could thus be afforded the
possibility of glimpsing the complex and dramatic grainscale dynamics taking place in the wake of the shock.
Before attempting to realize this ambition, however, it is
advisable to first gain an idea of what the effects of grain
interactions are (and whether they are sufficiently large
to be detected in experiment) with the aid of predictive
material modelling.
The modelling of grain interactions under quasistatic
loading conditions began in earnest just before the end
of the 20th century. Prior to this time, the two extant
species of polycrystal model, namely Taylor-type28–32
and self-consistent models,19,33–35 were both incapable
of faithfully treating interactions between grains; the former class could not guarantee that adjacent grains were
in mechanical equilibrium, while the latter class could do
so, but only in an average, mean-field sense. With rapid
increases in readily-available computing power, it became
possible to move beyond these statistical models and seek
numerical, full-field solutions, in which the stress and
strain tensors are solved for on a discrete grid with subgrain resolution (with e.g. the finite element method36 )
in such a way that grain interactions are automatically
incorporated. The first studies capitalizing on these new
numerical techniques quickly established that while statistical models could correctly predict the gross behavior
of quasistatically deformed polycrystals, certain effects
could only be explained with recourse to grain interactions. Such effects included: additional rotations,2,4 retrograde rotations,4,20 and the formation of otherwise inexplicable textures;5 the appearance of large intragranular orientation gradients, i.e. grain fragmentation;7,9,12,37
and loss of correlation between each grain’s initial orien-
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tation and its plastic strain state following loading.11,12
Becker and Panchanadeeswaran4 accounted for observations such as these by postulating two abstract ‘forces’
that compete to control each grain’s evolution: the first
is intrinsic to the grain itself, and compels it to behave as
it would do in isolation; the second is exerted upon the
grain by its neighborhood, and forces it to undergo additional deformation to maintain compatibility and equilibrium with its neighbors at its boundaries. Subsequent
statistical analyses suggested that, under certain circumstances, the latter force is actually dominant.11,13 These
computational studies have thus illustrated the significance of grain interaction effects, and although they
were undertaken within the context of quasistatic loading, there is every reason to believe the same phenomena
must manifest on some level in the shock regime.
In more recent years, a number of computational studies of multicrystals under shock-loading conditions have
been undertaken with the aid of large-scale molecular
dynamics (MD) simulations.38–46 A small subset of these
studies have focused on elucidating the physics of grain
interactions, typically by modelling simple bicrystalline
samples. These investigations have clearly demonstrated
that during shock compression, grain interactions take
on a dynamic nature due to the abruptness of the loading. Park39 performed shock-compression simulations of
a nickel bicrystal with its grain boundary normal perpendicular to the shock, and showed that when the shock
front in one grain outpaces that in its neighbor, the former can laterally pre-compress the latter due to the transient stress gradients induced over the boundary within
the elastic precursor. In a similar study of copper, Luo
et. al.40 further showed that under high-symmetry conditions, lateral compression waves can coalesce at the center of the lagging grain, generating a moving ‘focus’ at
which the stress concentration is exceptionally high. One
can speculate on the basis of investigations such as these
that the ability of one grain to radically affect the stress
state of its neighbors through dynamic interactions could
have profound consequences for the manner in which each
plastically deforms. The purpose of this paper is to build
on these previous studies, and identify dynamic grain interaction effects in nanocrystals comprising more than
two crystallites.
In this study, we concern ourselves with interactions
in a particular class of body-centered cubic (bcc) polycrystal whose grains are characterized by i) a columnar
morphology and ii) a fiberlike crystallographic texture, in
which every grain has the same crystallographic direction
closely aligned with its long axis (in this instance, [011]).
Our reasons for doing so are twofold. First, the response
of these polycrystals when shock-compressed along their
fiber axis is relatively simple – the high aspect ratio of
the crystallites means that interactions between grains
take place almost exclusively in directions normal to the
shock, while the fiber texture ensures the shock front progresses at approximately the same speed in every grain,
meaning shock broadening effects are minimized. These

polycrystals thus provide us with an uncomplicated environment in which to study the fundamentals of grain
interactions. Second, tantalum targets with this morphological and crystallographic texture (which can be
procured via vapor deposition) have already been successfully used to reveal the lattice-level dynamics that
take place during shock compression22,26 and subsequent
release27 using in situ XRD measurements. We further
note that, as an axis of twofold rotational symmetry, the
[011] fiber axis is particularly interesting from a graininteraction point of view, because each grain will exhibit
elastic and plastic anisotropy in directions normal to the
shock. We have chosen to study bcc tantalum (Ta) here
to provide better contact with the aforementioned experiments, but we stress that the fundamental grain interaction physics we shall illustrate is by no means peculiar
to this element, as we will demonstrate.
The paper is structured as follows. In Sec. II, we explain in detail the methodology of our MD study, including descriptions of the structure of the simulated polycrystals, and the techniques used to characterize their
plastic deformation and elastic strain state. The results
of the simulations are detailed in Sec. III, which is subdivided into three subsections. Sec. III A summarizes the
response of single-crystal [011] Ta, in order to provide a
reference point with which the behavior of grains in the
polycrystals can be compared. In Sec. III B, we describe
the behavior of the polycrystals compressed below their
Hugoniot elastic limit (HEL), to better understand how
grains interact without the added complication of crystal
plasticity. We then detail the full elastoplastic response
of the polycrystals to shock compression in Sec. III C,
and highlight the behavior that is peculiar to the polycrystals, i.e. that which can be ascribed to grain interactions. A discussion of the results is given in Sec. IV,
wherein we consider the implications of our study, and
speculate on how it might be elaborated in further work.
We then conclude in Sec. V.

II.

METHODOLOGY

A.

Simulation method

To study the response of nanocrystalline Ta to shock
compression, we employ large-scale MD simulations using the lammps code48 and the embedded-atom model
(EAM) Ta1 potential constructed by Ravelo et. al.49
This potential was tailored to reproduce the mechanical and thermodynamic properties of Ta at the megabar
pressure scale. It successfully predicts the equation
of state, elastic constants, and Hugoniot temperatures obtained from ab initio calculations,49 as well
as several experimentally-determined high-pressure relations, including the pressure-volume curve at ambient
temperature,50,51 the locus of shock states in the us - up
plane,52 and the melt curve.53
The polycrystals we simulate comprise tessellating
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FIG. 1. Front end of the computational cells used in MD simulations of shock-compressed columnar polycrystals, visualized
using ovito.47 (a) depicts the checkerboard (CB) geometry, (b) the honeycomb (HC). All grains have their [011] crystallographic
axis aligned with z, the loading direction; the azimuthal orientation of each grain is indicated by the directions of the [100] and
[011̄] axes. Grains with the same shading share the same orientation. The piston is depicted in black at the rear of the cells.

prismatic grains whose long axes are aligned with z, the
direction along which the shock wave is launched. The
bases of the prisms constitute the front and rear surfaces
of the polycrystal, while the lateral faces make up the
grain boundaries (GBs). We investigate two columnar
geometries labelled the checkerboard (CB) and the honeycomb (HC), as depicted in Fig. 1. The former contains
four grains with approximately square cross-sections, the
latter six grains with hexagonal cross-sections. The minimum transverse dimensions of the grains in the CB and
HC geometries are 21.5 nm and 21.8 nm respectively.
Both geometries span 1 122 nm (i.e. 4 800 [011] lattice
spacings) in the compression direction. Periodic boundary conditions (PBCs) are applied to each polycrystal’s
xz- and yz-faces, while the z direction is left aperiodic.
The orientations of the grains are chosen so as to emulate a fiber texture. In each geometry, there exists a
central grain whose [100], [011̄] and [011] axes are aligned
with the x-, y- and z-directions respectively. The orientations of the adjacent grains are related to that of the
central grain by rotations about z. For the CB geometry, the misorientation angle is 90◦ . This angle is chosen to maximize the degree of anisotropy over the GBs,
and exaggerate the magnitude of the stress gradients induced by shock-loading that cause the grains to interact.
Our analysis is focused primarily on the CB geometry,
though comparisons will be made with the less contrived
HC geometry, for which the misorientation is only 60◦ .
While the morphology and texture of these nanocrystals
is highly idealized, they may serve as informative models,
as they exhibit the basic physics relevant to a polycrystal
in a way that is amenable to simple analysis.
To efficiently equilibrate the nanocrystals prior to loading, we exploit their translational symmetry along z:
rather than relaxing the crystals in their entirety, we first
construct and relax a fully-periodic supercell 9.4 nm in

thickness, and subsequently replicate the cell 120 times
in the z direction to bring the system up to its full dimensions. The supercells are first simulated under the
microcanonical (NVE) ensemble with a 300 K Langevin
thermostat54 to absorb the heat released from the GBs.
Relaxation is then performed under isothermal-isobaric
(NPT) conditions for 50 ps to anneal the GBs and bring
the pressure to 0 GPa. Following the pressure correction, the system is time-integrated for a further 25 ps
under the canonical (NVT) ensemble (i.e. without pressure control); if the pressure has drifted by more than
1 kbar following this interval, an additional NPT run is
executed. This process is iterated until the pressure stabilizes.
The equilibrated supercell is then replicated in the
compression direction, and the PBCs on the xy-faces of
the simulation cell are relaxed. The full polycrystal is run
under the NVE ensemble with a weak Langevin thermostat for 50 ps to damp out the pressure waves released
from the front and rear surfaces. A final 50 ps period of
relaxation without thermostatting concludes the equilibration. The polycrystals typically converge with residual pressures of order 10 bar and temperatures deviating
from 300 K by no more than 0.1 K. The only crystal
defects present following relaxation are the GBs, whose
excess energies in the CB and HC geometries are 1.35
and 1.23 Jm-2 , respectively.
In order to isolate the influence of one grain on another,
we also perform MD simulations of single crystals with
the same orientation as the central grain in the nanocrystals. By comparing the response of monocrystals and
polycrystals subject to the same shock conditions, we
can understand precisely how the stress and strain state
of the grains is altered by virtue of their being situated in
a polycrystal. The full dimensions of the single crystals
are 24.8 × 24.8 × 1 122 nm3 . They are relaxed in the same
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B.

Plasticity mechanism identification

To identify the deformation modes activated upon
compression, we use a form of slip vector analysis (SVA),
a technique originally formulated by Zimmerman et. al.
in the context of nanoindentation.55 SVA allows one to
locate slip planes, stacking faults, and twins by identifying atoms whose neighbors have suffered permanent displacement from their original sites in the unit cell due to
the passage of a dislocation. The displacement vectors
may be used to infer the Burgers vector of the dislocation responsible, while the plane(s) of motion may be
determined by visualizing the structure formed by the
slipped atoms. In brief, the algorithm we employ here
first generates a ‘heat map’ of the displacement vectors
(whose maxima will be located at the Burgers vectors
of the dislocations generated on compression), and then
assigns atoms to slip or twin planes according to which
of these maxima their particular neighbor displacements
are found in proximity to. We now give a full description
of the technique for completeness.
To illustrate the principle of SVA, we show in Fig. 2(a)
a bcc crystal that has undergone plastic flow on nearby
(2̄11) planes. Two atoms are highlighted: atom s, which
is located in proximity to a slip plane; and atom t, found
in a twin. Each atom is distinguished by the particular
combination of displacements of its 8 nearest neighbors.
For atom s, 3 neighbors are displaced by 1/2 [111], while 5
suffer only thermal displacement. For atom t, 2 neighbors
are displaced by ±1/3 [111], 4 by ±1/6 [111] and 2 by
[000]. By exploiting these signatures, we can identify the
slip or twin event in which the atom has participated.
In traditional SVA, the displacements of the central
atom’s neighbors are P
collapsed into a single metric called
the slip vector sα ∝ β uαβ , where uαβ is the displacement suffered by neighbor β in the frame of α, the central
atom. While this step simplifies the resultant signature
by reducing its dimensionality, it also renders the method
unable to detect atoms located in deformation twins, for
which sα vanishes. We circumvent this issue by retaining
information about the individual displacements of each
atom’s neighbors, in such a way that slip and twinning
can be treated equivalently. The version of SVA employed here is described below.
The first step is to establish the set of neighbor displacements frequently observed in the sampling region.

Taking each atom as the central atom in turn, we calculate the change in relative position of the atoms with
which it was coordinated before deformation. Let the
trajectory of some atom γ be denoted by xγ (t). The
change in displacement of neighbor β from the central
atom α, as of time t, is given by
uαβ = [xβ (t) − xα (t)] − [xβ (0) − xα (0)]
= xαβ − Xαβ .

(1a)
(1b)

Here, the index β runs over central atom α’s initial neighbors. We then generate a three-dimensional density plot
of the set of all neighbor displacements {uαβ }. The displacements will cluster around a discrete set of points
corresponding to the Burgers vectors of the dislocations
generated on compression. We define a set of spherical bins located at these points with centers {bi } and
radii {ri }. The finite radii of the bins account for both
thermal noise and modulations in density and orientation. Since the density plot is necessarily centrosymmetric (uαβ = −uβα ), bin n is always implicitly paired with
a second bin −n located at −bn , as shown in Fig. 2(b,c).
While it is not necessary to define the bins with the aid
of a density plot if one has knowledge of the deformation
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the NVE ensemble with a 1 fs timestep, using a piston instantaneously accelerated to constant velocity up =
(0, 0, up ). Time integration proceeds until the compression wave reaches the end of the simulation cell. Note
that the shock velocity us , and therefore the breakout
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FIG. 2. Slip signatures for atoms in proximity to slip and
twin events. (a) shows an ideal bcc crystal viewed along the
[011̄] direction. Black and white atoms belong to separate
(011̄) planes. Atom s is located on a slip plane, atom t in
a twin. Arrows indicate the change in displacement of each
atom’s 8 nearest neighbors following compression. (b) and
(c) show these same changes (plus thermal noise) centered on
a common origin for atoms s and t respectively. Each atom
is characterized by the bins (labelled ±1 and ±2) into which
their neighbor displacements fall.
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modes a priori, doing so tends to increase the accuracy
with which the atoms are classified.
The second step is to associate each atom with a plasticity mechanism according to the bins into which its
neighbor displacements fall. Displacement uαβ is said to
belong to bin n if kuαβ − bn k ≤ rn . If none of the bins
are occupied, the central atom is assigned to slip event
0, denoting an atom that has not undergone plastic flow.
If only bins ±n are occupied, the atom is assigned to
event n. If more than one type of bin is occupied, the
atom is deemed unresolvable. To identify twinned atoms,
for which more than one type of displacement exists, we
ensure there are only bins located at either ±1/3 [111]
or ±1/6 [111]; the former is preferable as the latter frequently overlaps the broad peak located at [000].
SVA has the advantage of being able to detect both dislocation slip and deformation twinning, but the technique
suffers at high shock pressure. The greater the amount of
plastic deformation a crystal has suffered, the greater the
probability of its constituent atoms having participated
in multiple plastic flow events. This effect causes the bins
nearest the origin to empty out into the surrounding volume. Any atom located at the intersection between slip
planes and twins can thus escape detection. In the following section, we describe a complementary algorithm
with which we can detect deformation twins (but not slip
planes) reliably at higher pressures.

C.

Elastic strain characterization

The state of elastic deformation is one of several
fundamental physical properties that is not explicitly
evolved in MD simulations. The ability to extract elastic strain and rotation from MD, with either nearestneighbor analyses56 or by the study of synthetic diffraction data,46,57,58 is vital if one wishes to compare its predictions with time-resolved x-ray diffraction (XRD) experiments, in which the lattice d-spacings and texture
of dynamically-loaded matter can be measured in situ.
Here, we describe the algorithm used to extract the local deformation state of an atomistic configuration, and
subsequently to deconvolve the effects of lattice distortion and reorientation.
The algorithm may be summarized as follows. First,
atoms located in non-crystalline environments are identified and rejected using common neighbor analysis
(CNA).59 The algorithm then pairs the neighbors of each
non-defective atom with ideal bcc neighbor vectors from
one of a set of candidates bases (one representing the
host lattice, the others any twins that could conceivably
nucleate on compression). The linear operator that maps
the ideal neighbor vectors onto the current neighbor vectors is then calculated, and subsequently re-expressed as
a rotation followed by a series of elastic strains along the
computational cell axes via a polar decomposition. The
algorithm thus provides us with an elastic strain tensor
for every non-defective atom, which can then be volume-

averaged in order to calculate the elastic strain state of
any given region of interest. We now go on to describe
the full details of the calculation.
To characterize the local structure of the crystal, we
employ the per-atom elastic deformation gradient Fαe . It
may be defined for an atomistic configuration as the linear operator that maps each atom’s neighbor vectors in
an ambient, stress-free state onto its neighbor vectors
following deformation, which we label {Rαβ } = R and
{xαβ } respectively:
Fαe Rαβ = xαβ .

(2)

In other words, if xαβ is the vector joining atom α to
neighboring atom β after deformation has taken place,
then Rαβ would be the displacement of atom β from α
if one relaxed all strains on the crystal. The means by
which we calculate Rαβ for each neighboring atom will be
explained shortly. To calculate Fαe , one requires at least
3 independent equations of the form above, each of which
will provide 3 constraints on the 9 elements of Fαe . For
instance, if one knows the position of 3 neighboring atoms
(labeled by indices β = 1, 2, 3) and their corresponding
ambient displacements, one can express 3 such vector
equations simultaneously via the matrix equation


Fαe Rα1 Rα2 Rα3 = xα1 xα2 xα3 ,
(3)

where u v w is the 3×3 matrix whose columns are
the vectors u, v, and w. This equation is sufficient to
uniquely determine Fαe :
−1

Fαe = xα1 xα2 xα3 Rα1 Rα2 Rα3
. (4)

Depending on which of atom α’s neighbors one uses in
Eqn. (4), one may obtain slightly different results due
to perturbative effects like thermal noise. To mitigate
such effects, we take Fαe to be the arithmetic mean of
all possible elastic deformation gradients calculable from
α’s 14 nearest- and next-nearest-neighbors (of which 232
exist). From Fαe , it is then possible to infer the extent
of both the distortion and reorientation of atom α’s unit
cell.
The elastic deformation gradient can only be meaningfully defined for atoms that retain a crystalline environment following shock loading. It is therefore desirable
to exclude atoms located in proximity to crystal defects
from the computation. Here, we use adaptive commonneighbor analysis (a-CNA), as defined by Stukowski,60 to
identify and reject non-crystalline material before calculation of Fαe begins. a-CNA is a simple extension of the
traditional CNA technique59 where the maximum separation of bonded atoms, or cutoff radius rcut , is calculated
for each atom individually. One first infers the local lattice constant aα using the displacements of the atoms
nearest α. The expression appropriate for a bcc crystal
reads
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FIG. 3. Schematic depicting the mapping stage of the elastic strain calculation algorithm. Left: two candidate bases
representing the host and twin orientations with associated
(0)
(1)
ideal neighbor vectors {Bi } and {Bi } respectively. Right:
pairing-off of the ideal neighbor vectors and the current neighbor displacements {x0β } according to cosine similarity for
central atom 0. In this case, basis 0 would be deemed more
consistent because the total angle subtended by its paired
vectors is smaller.

The first sum runs over the 8 nearest neighbors in the 1st
coordination shell (displaced on average by k1/2 h111ik =
√
3/2 aα ), while the second sum accounts for the 6 nextnearest neighbors in the 2nd coordination shell (displaced
by kh100ik = aα ). The cutoff is then placed
√ between the
2nd and 3rd shells, i.e. rαcut = 1/2 1 + 2 aα . By dynamically calculating the cutoff in this way, we are able
to filter shock-compressed crystals without the need to
manually select the cutoff radius to suit the local density: the broad range of compression states accessible to
the dynamically loaded material often cannot be satisfactorily characterized by a single, static cutoff. We note
that this technique is known to fail at temperatures approaching the (pressure-dependent) melting temperature
Tm , where CNA frequently misidentifies crystalline material as defective due to sporadic breaking of bonds.61
However, these false negatives are not expected to appreciably influence our statistics, as our study only concerns
Hugoniot states for which T < 0.35 Tm .
To calculate Fαe , one must have a consistent means
of assigning to each of α’s current neighbors an ideal
neighbor vector, i.e. of assigning to each xαβ an Rαβ .
The mapping should fulfill the conditions of local
compatibility:62 for any three neighboring atoms α, β,
and γ in a non-defective region of the crystal, the as-

signments must be such that Rαβ + Rβα = 0 and
Rαβ + Rβγ + Rγα = 0. For instance, if when treating atom α the algorithm determines that atom β is displaced from α by [100], it must when treating atom β
assert that atom α is displaced from β by [1̄00]. These
conditions essentially guarantee that the nominal orientation of adjacent unit cells is consistent, so the deformation gradient varies quasi-continuously throughout each
grain and twin. The mapping method we use here is not
unlike that detailed in Ref. 63, wherein the neighbor
displacement vectors {xαβ } are independently matched
to ideal vectors in a template bcc structure according to
their similarity. The implementation of this technique,
depicted schematically in Fig. 3, is described below for
completeness.
We first specify the set of 14 ambient neighbor vectors
(0)
{Bi } = B0 that describe the 1st and 2nd bcc coordination shells for the host orientation. In anticipation of
the onset of deformation twinning, we also construct M
further twin bases B1,2,...,M . The elements of each twin
basis are constructed by reflecting the elements of B0 in
the corresponding twin plane with unit normal m̂:
(m)

Bi

(0)

= Bi

(0)

− 2(Bi

· m̂)m̂.

(6)

A separate set of M + 1 candidate bases must be constructed for each grain under consideration. Then, taking
each basis in turn, we assign each of the central atom’s 14
nearest and next-nearest neighbors to an ideal neighbor
vector. Vector xαβ is paired with the ideal vector with
which it subtends the smallest angle, or equivalently, the
vector with which it has maximal cosine similarity. Formally expressed, this reads
(m)

(m)

Rαβ = arg max sim(xαβ , Bi

),

(7)

(m)
Bi ∈ Bm

where
sim (u, v) =

u·v
.
kukkvk

(8)

We then determine the basis that best describes the
local unit cell of α. The basis identified with R
is the one that maximizes the total cosine similarity
P14
(m)
β=1 sim(xαβ , Rαβ ). If the pairing of current and ideal
neighbor vectors is not one-to-one for a given basis, that
basis is excluded from consideration. If none of the bases
provide one-to-one mappings, the atom is deemed unresolvable and is excluded from the computation.
The mapping method above is generally successful,
though there do exist isolated instances of local compatibility not being satisfied: small clusters occasionally form
whose orientation is ‘equidistant’ between two or more
valid but mutually inconsistent mappings. An atom in
such a cluster will vacillate between these different mappings as thermal noise perturbs the displacement of its
neighbors. These errors occur whenever the lattice orientation is not sufficiently well-matched to any one of
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the candidate basis orientations. One could in principle
correct the errors by recursively adjusting the bond mappings of each atom to match those of its neighbors, as is
done in the dislocation extraction algorithm (DXA).62,64
However, the fraction of the entire crystal these incompatible atoms constitute is typically less than 10-4 , and
therefore spatial averages of the local deformation state
are not expected to be adversely affected.
Note that this mapping method also provides us with a
second and more robust means of identifying deformation
twins, independent of the SVA technique described in
Sec. II B. However, it is of course incapable of detecting
slip events, which leave in their wake a pristine crystal
with the host orientation.
The elastic deformation gradient encodes information
about both the distortion and reorientation of the unit
cell. The final step in the algorithm is to separate these
two effects by calculating a polar decomposition of Fαe .
This is a re-expression of the deformation as a strain
followed by a rotation, or vice versa. The decomposition
we use reads
(9)

where Rα is the rotation matrix, and the symmetric matrix Vαe is the left stretch tensor. The (engineering) elastic strain in the computational cell basis, εeα , is related
trivially to the stretch tensor by εeα = Vαe − I. We will
henceforth drop the superscript e, as the elastic strain
is the only type of strain to which we will make explicit
reference.

u z (a 0)
1

u x (a 0)

Fαe = Vαe Rα ,

cross-sections of the neighbor-displacement density-plot
in the xz- and xy-planes obtained from a single crystal
shocked to 40 GPa. Atoms whose neighbor displacements
are found in proximity to labelled peaks in the density
plot are shown in Fig. 4(c,d) for representative regions
of the crystal. The SVA reveals that plastic deformation
occurs in two stages.
The first is characterized by a combination of dislocation slip and deformation twinning of the types [111](2̄11)
and [1̄11](211). That twinning of this kind operates in
rapidly-strained [011] Ta is well-known, having been extensively observed in MD22,27,49,58,65,66 and in experiment, both ex-post-facto 66–68 and, more recently, in-situ
via time-resolved XRD.22,27 The deformation twins nucleate first, and are then partially replaced by the full
dislocations, which are able to accommodate the same
shear strain as the twins without the large energy cost
associated with their surfaces. In our coordinate system,
the shearing motion associated with these mechanisms
takes place exclusively in the xz-plane. The second stage
of deformation, whose onset is delayed with respect to
the first, involves dislocation slip in directions [111̄] and
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A.

RESULTS

Single crystal response

It is instructive to first establish how [011] Ta responds
to shock compression at the level of a single grain, that is,
in the absence of polycrystalline effects. To do so, we consider the behavior of monocrystals shock-compressed to
at least 40 GPa (the HEL for a crystal modeled under the
Ta1 potential shocked along [011]49 ) that are periodic in
directions normal to the shock. These monocrystals serve
as the ‘control group’ with which we will eventually compare polycrystals loaded under similar shock conditions
in order to isolate the additional physics introduced by
intergranular interactions. We are primarily interested
in establishing whether the response of these [011] single
crystals is (given their low rotational symmetry about
z) markedly different in the two directions normal to the
shock, both during the plastic relaxation phase and in the
steady state that follows. As we shall show in Sec. III B,
a grain that exhibits an anisotropy of this sort is bound
to interact with its neighbors.
We first identify the plasticity mechanisms activated in
[011] Ta under shock compression by means of the SVA
method described in Sec. II B. In Fig. 4(a,b) we show
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FIG. 4. (Color online) Visualization of the plasticity mechanisms active in 24.8 × 24.8 × 1 122 nm3 monocrystalline Ta
shocked along [011] to 40 GPa via SVA. (a) Cross-section
of the neighbor-displacement density plot in the xz-plane,
showing plasticity mechanisms belonging to the first stage of
deformation. Visible are peaks from dislocation slip (Burgers vectors 1/2 [111] and 1/2 [1̄11]) and deformation twinning
(Burgers vector 1/6 [111]). Note that the twins generate peaks
at both 1/6 [111] and 1/3 [111]; we only use the latter in the
SVA algorithm. (c) Atoms contributing to selected peaks in
the density plot, which form slip planes (dark grey) and deformation twins (light grey). The dislocation preceding one
of the slip planes, detected using the DXA,62,64 can be seen in
green at the right of the image. (b,d) Similar analysis for the
second stage of deformation, which is characterized by slip
with associated Burgers vectors 1/2 [111̄] and 1/2 [1̄11̄].
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[1̄11̄], which are situated in the xy-plane (i.e. normal
to the shock). Fig. 4(d) shows that the slipped atoms
left in the wake of these dislocations form a relatively
complicated structure. This is because the dislocations
mediating slip during this latter stage of flow have predominantly screw-like character, so they are permitted to
cross-slip between planes; dislocations with Burgers vector 1/2 [111̄], for instance, can be seen moving on planes
(21̄1), (101), and (1̄21). These two stages of deformation
exhaust the four distinct h111i directions in which the
bcc crystal is inclined to flow.
The key observation supplied by the SVA is that the
crystallographic inequivalence of the crystal’s two transverse directions is clearly manifested in the way it plastically deforms: while the first stage of deformation is
characterized by flow in the xz-plane, there exists no
similar mechanism allowing flow in the yz-plane – the
crystal must instead settle for relatively sedate flow in
the xy-plane. The transverse components of stress σxx
and σyy , coupled as they are to separate plasticity mechanisms, must therefore evolve at different rates. To verify
this, we show the atoms that have participated in plastic
flow events alongside the local components of stress and
elastic strain (expressed in the computational cell basis)
in Fig. 5. This allows us to give a detailed account of how
each plasticity mechanism alters the stresses perpendicular to the shock, and thus how the plastic and elastic
aspects of the crystal’s deformation are coupled.
The compression wave is led by an elastic precursor
within which the crystal suffers uniaxial strain by 10%
along z. The normal stresses increase to around half of
their final values within this elastic zone in the order
σzz > σxx > σyy , as is expected from the crystal’s elastic
moduli.69,70 Resolved shear stress (RSS) τ accumulates
most rapidly on
√ the [111](2̄11) and [1̄11](211) systems
(for which τ = 2/3 (σzz − σxx )), hence the triggering of
the first stage of plastic relaxation. The attendant flow
in the xz-plane allows the crystal to expand along z and
collapse along x, causing stresses σxx and σzz to converge; the lattice spacing along y, meanwhile, remains
unchanged. The systems under the greatest RSS following the first stage of deformation
are [111̄](2̄11̄) and
√
[1̄11̄](211̄) (for which τ = 2/3 (σxx − σyy )), followed
closely by the set [11
√ 1̄](11̄0), [111̄](1̄01̄), [1̄11̄](1̄1̄0), and
[1̄11̄](1̄01) (τ = 1/ 6 (σxx − σyy )), i.e. those involving
transverse slip; these shear stresses are actually enhanced
beyond the values they assume within the precursor by
the first deformation mode, which causes σxx to increase.
The transverse slip systems become active several tens of
picoseconds after the first set and allow the crystal to
collapse along the y-direction, thus relieving most of the
remaining shear stress that the first stage of deformation
could not. The stress state to which the fully-relaxed portion of the crystal converges is slightly non-hydrostatic,
supporting residual shear stresses of order 1 GPa (see
the left inset of Fig. 5(b)). The difference between the
transverse stresses σxx − σyy is thus finite throughout the
deformation, and can in fact reach values as extreme as
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FIG. 5. (Color online) Visualization of the plasticity mechanisms active in monocrystalline Ta shocked to 40 GPa
along [011] (the positive z-direction), alongside profiles of the
stresses and elastic strains. Subfigures (a-c) are plotted on
the same scale. The z-coordinate is primarily expressed in
terms of the local time since the compression front passed;
the secondary axis shows the distance from the piston generating the shock. (a) Atoms that have participated in plastic
flow events, identified via SVA (as in Fig. 4). Visible are planar deformation twins and slip planes with associated Burgers
vectors in the xz-plane (light and dark grey, respectively), and
non-planar slip planes with Burgers vectors in the xy-plane
(red). Periodic images of the cell have been added in the xdirection for clarity. (b) Stresses along the computational cell
axes averaged over the cross-section of the crystal. Left and
right insets show the late-time stresses and stresses within
the elastic precursor, respectively. (c) Elastic strains in the
computational cell basis. Positive strains denote compression.

10 GPa in-between the two stages of deformation.
At higher shock pressures, the response of the crystal
is qualitatively similar: flow takes place rapidly in the
[111] and [1̄11] directions, and relatively slowly in the
[111̄] and [1̄11̄] directions. There do exist differences in
certain aspects of the deformation as the shock pressure
increases; for instance, the delay between the onset of the
first and second stages of deformation shrinks to zero. We
also note that the number of stable deformation twins
rapidly decreases, as observed by Ravelo et. al.,49 and
dislocation slip comes to be the dominant means of plastic relaxation. However, the crystal’s underlying twofold
rotational symmetry about z is obviously preserved, and
so it continues to assume an anisotropic transverse stress
state during and after plastic relaxation up to pressures
as high as 1 Mbar. In Fig. 6 we show the average deviatoric stresses and engineering elastic strains, defined
by σ ′ = σ − 1/3 Tr[σ]I and ε′ = ε − 1/3 Tr[ε]I, respec-
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FIG. 6. (a) Steady-state deviatoric stresses of monocrystalline
Ta shocked along [011] to between 40 and 100 GPa. (b) Corresponding deviatoric elastic strains.

tively, within the fully-relaxed region of monocrystals
compressed to between 40 and 100 GPa. The steadystate transverse stress anisotropy σxx − σyy over this
pressure range takes values between 1.0 and 1.5 GPa.
This anisotropy manifests in the elastic strain state of
the crystal as a persistent difference between εxx and εyy
whose magnitude (approximately 0.5%) is comparable to
the traditional shear strain εS − εT ≡ εzz − (εxx + εyy )/2.
Further reduction of the stress anisotropy is prevented by
material strength, or more specifically the shear stress required to effect plastic flow along [111̄] and [1̄11̄].
To summarize, single-crystal tantalum shocked along
[011] generally assumes an anisotropic stress state in
the plane normal to the shock, due to each component
of transverse stress being coupled to different plasticity
mechanisms. The anisotropy may reach values as high
as 10 GPa during the course of plastic relaxation, and
falls to no lower than 1 GPa in the steady-state due to
material strength. We now go on to consider the consequences of transverse stress anisotropy at the level of a
single grain for the evolution of a polycrystal composed
of many such grains.

B.

Polycrystal response below the HEL

We showed in Sec. III A that a laterally-confined Ta
crystal shocked above its HEL along [011] will reach a
state in which σxx 6= σyy . Suppose we were to construct a columnar polycrystal from several such compressed monocrystals by rotating each through some angle about z and then tessellating them in the xy-plane.
It is clear that such a polycrystal would in general be me-

chanically unstable: if one were to move along any given
direction in the xy-plane, the normal stress components
σxx and σyy would change whenever one passed from
one grain to another, because each grain is anisotropic
in the transverse plane. In other words, the presence of
transverse stress anisotropy at the level of each individual grain necessarily implies the existence of stress gradients over the grain boundaries. The polycrystal would
thus fail to satisfy the stability criterion ∇ · σ = 0 in
the vicinity of the grain boundaries, causing nearby material to experience a net force and therefore accelerate.
The equilibrium stress state of grains in the polycrystal must therefore differ from the state they assume in
isolation. Moreover, one should expect the stress gradients over the grain boundaries in such a polycrystal
to temporarily assume extremely large values during the
course of its deformation, causing neighboring grains to
interact strongly with one another. To elucidate this basic physics, we first study the response of a polycrystal
loaded below its HEL.
We uniaxially compressed a 46.7-nm long, fullyperiodic supercell with the CB geometry by 5% along
the z-direction by instantly rescaling every atom’s zcoordinate by 0.95. The cell was simulated under an
NVE ensemble for 200 ps, during which time it oscillates
about a mechanically stable state (as we explain below).
To hasten the convergence of the crystal to its steady
state, a weak Langevin thermostat was applied after several tens of picoseconds, which damps out large-scale oscillations while maintaining the system’s temperature.
Shown in Fig. 7(a,b) are the difference between the
spatially-averaged transverse stresses, ∆σ = σxx − σyy ,
and the transverse elastic strain component εxx for the
central grain of the supercell as functions of time. We see
that the transverse stress anisotropy ∆σ oscillates about
a value close to zero, which can be understood as follows.
The compression of the crystal at t = 0 instantaneously
effects a stress state in which ∆σ = 2.1 GPa. That the
two transverse stresses are unequal is a consequence of
the transverse directions ([100] and [011̄]) being crystallographically inequivalent; identical behavior was seen in
the elastic precursor of shock-compressed single crystals
in Sec. III A. Now, the rotational symmetry of the CB
geometry is such that σyy in grain 1 is equal to σxx in
grain 2, as indicated schematically in Fig. 7(c). There
thus exist at t = 0 ps stress gradients over the grain
boundaries. Atoms on the boundaries between grains 1
and 2 therefore experience a net force in the x-direction.
Consequently grain 1 expands along its [100] axis, allowing σxx to decrease. By symmetry, the central grain also
contracts along the y-direction (since grain 3 expands
along its own [100] axis), causing σyy to increase. The
effect of this transverse elastic deformation is to relax
the stress gradients over the grain boundaries, and in
so doing cause σxx and σyy to converge. The grain then
overshoots the state of mechanical equilibrium (for which
∆σ ≈ 0 GPa) due to its inertia, and subsequently executes something close to simple harmonic motion (SHM).
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Once the motion has been damped out by the thermostat, the residual stress state in each grain is such that
∆σ is only 0.38 GPa.
What we are seeing here is the relief of shear stress
not by plastic, but elastic deformation. This means of
relaxation is available only to a polycrystal, for the following reasons. Both a single crystal and a polycrystal
that are laterally confined have fixed transverse dimensions. For the single crystal, this means that any change
in transverse lattice spacing is necessarily reliant on plastic flow; only by changing the number of crystal planes
can their spacing be made to change. The polycrystal,
by contrast, is subject to no such limitation: individual
grains may undergo elastic strain transverse to the shock
without the aid of plasticity mechanisms, provided they
do so in such a way that the sum of their strains vanishes.
In this instance, grain 1 is allowed to expand along [100]
by grain 2’s contraction along [011̄]. Note also that this
elastic deformation is able to relax the transverse stress
anisotropy to a greater degree than the corresponding
plasticity mechanism can: while ∆σ was limited to at
least 1.0 GPa for the single crystals studied in Sec. III A

(specifically by the shear stress required to effect flow in
the [111̄] or [1̄11̄] directions), the difference here is no
more than 0.4 GPa. The polycrystal can thus reach a
state of lower shear stress than the individual grains of
which it is composed could in isolation.
However, while it is more efficient than plastic flow, the
elastic relaxation mechanism cannot eliminate the transverse stress anisotropy entirely. To understand why this
is, we need to consider the full stress state of the crystal. In Fig. 8, we show the variation in the xy-plane of
not only εxx and σxx but also the off-diagonal stress tensor component σxy , before and after the stress gradients
have relaxed. We see that as the supercell relaxes the
transverse strain field εxx becomes less homogeneous, the
transverse stress σxx more so – the system moves from
the isostrain or Voigt condition71 towards the isostress
or Reuss limit.72 Yet, while the difference between σxx
in adjacent grains clearly decreases following relaxation,
it does not vanish. In fact, towards the upper and lower
boundaries of each grain, σxx differs only slightly from
the value it assumed before relaxation. This frustration
is caused by material either side of the grain boundaries
being driven in different directions: grain 1, for instance,
‘wants’ to expand along x, while grain 3 wants to contract. The result is the generation of shear (off-diagonal)
stresses in the vicinity of the boundary that are particularly strong at the corners of the grains, where the spatial
gradients of the atomic displacement field are greatest. A
thin material element straddling a grain boundary therefore experiences additional tractions on those of its faces
that are perpendicular to the boundary; an example of
such an element is depicted in Fig. 8 at the boundary
between grains 1 and 2. The tractions provide a countervailing force that opposes the normal stress gradient
over the boundary, such that
[∇ · σ]x = ∂x σxx + ∂y σxy = 0.

(c)

4

σ yy

2

3

4

1

2

σ xx

y

3

4

4

2

3

4

1

2

σ yy
4

4

3

4

x
FIG. 7. (a) Transverse stress anisotropy ∆σ = σxx − σyy for
grain 1 of a CB polycrystal instantaneously strained by 5%
along z at t = 0 ps. (b) Transverse elastic strain component
εxx for the same grain. Note that ε < 0 denotes expansion.
The shaded regions indicate where oscillation of the grains
is damped by a Langevin thermostat. (c) Schematic crosssection of the CB polycrystal at t = 0 ps and t = 150 ps
(left and right images, respectively), showing the (greatly exaggerated) expansion of each grain along its local [100] axis in
response to the stress gradients induced over their boundaries
by the compression.

(10)

The crystal is thus able to tolerate normal stress gradients over its grain boundaries, which frustrates relaxation
of the transverse stress anisotropy ∆σ.
We further note that the efficiency of the elastic relaxation mode (i.e. how far short of the Reuss limit the
supercell falls) depends on the geometry of the polycrystal. Shown in Fig. 9 is a comparison of the off-diagonal
stress field σxy for the CB and HC geometries postrelaxation. Note that σxy in the central grain is both
less localized and of greater magnitude in the HC geometry than in the CB. The typical normal stress gradients
∂x σxx and ∂y σyy required to balance gradients in σxy are
therefore correspondingly larger, meaning relaxation of
∆σ is frustrated to a greater degree – the average transverse stress anisotropy in the HC geometry falls to only
0.66 GPa. The increased frustration suffered by grains
in the HC geometry is caused by their deformation being
constrained by the presence of six (rather than only four)
neighbors. The elastic relaxation mechanism in the HC
is, however, still more efficient than the corresponding
plasticity mechanism.
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FIG. 8. (Color online) Cross-sections of a CB polycrystal instantaneously strained by 5% along z at t = 0 ps both before and
after relaxation of the resultant stress gradients (upper and lower rows, respectively), showing spatial variation of the fields εxx ,
σxx , and σxy . Panes in the rightmost column depict the tractions acting on a material element straddling the grain boundary
between grains 1 and 2 before and after the grains have undergone their (greatly exaggerated) deformation.

Finally, it is important to appreciate the timescale P
over which the elastic deformation occurs. Fig. 7 showed
that the polycrystal adapts to the imposed stress gradients within 5 ps. To identify the property of the system
that allows it to respond this rapidly, we can use simple
dimensional arguments to construct the functional form
of P . The relaxation timescale must depend on the elastic constants {cij }, as these determine the magnitude of
the stresses induced in the system when it is deformed to
a given extent; it must also depend on the mass density ρ,
as this dictates the rate at which the system can locally
respond to stresses of a given magnitude; and it must
depend on the transverse dimension of the grains, L, because it takes a finite time for the stress waves generated
at the grain boundaries to propagate into the bulk of the
grains. The only dimensionally-consistent combination

0.5

σ xy (GPa)
-0.5

FIG. 9. (Color online) Comparison of the off-diagonal stress
field σxy for CB (left) and HC (right) polycrystals strained
by 5% along z following relaxation of the induced stress gradients.

of these variables reads
s
P =

P

ρ
L,
α
ij ij cij

(11)

where {αij } is a set of dimensionless constants, presumably of order unity. Of the variables appearing in Eqn. 11,
L is arguably the most important. For most metals, the
square root (which strongly resembles the inverse of a
sound speed), ranges between 10−3 sm-1 (e.g. for lead73 )
and 10−4 sm-1 (e.g. for beryllium74 ), and cannot be
pushed far beyond this range by shock compression unless the loading is extreme (i.e. to several TPa75 ). The
grain size, meanwhile, can in principle span three orders
of magnitude, from nm to µm, depending on the way the
polycrystal is prepared. It is therefore L that is primarily
responsible for setting the relaxation timescale, which for
a nanocrystalline system is of order picoseconds.
To verify the linear dependence of P on L suggested
by dimensional analysis, we performed a set of instantaneous compression simulations similar to those discussed
above on CB supercells with grain sizes in the range
8.1 nm ≤ L ≤ 33.0 nm. The variation of εxx with time for
grain 1 is shown for each of these supercells in Fig. 10(a).
By Fourier transforming each strain profile and identifying the frequency component with the greatest intensity,
we computed the variation of the oscillation period P
with L. The results, plotted in Fig. 10(b), show that the
proportionality predicted by Eqn. 10 is indeed borne out
in the simulations.
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cuss the full elastoplastic response of a shock-compressed
polycrystal. We will describe the most conspicuous features of the crystal’s dynamic response, first just above
the single-crystal HEL at 40 GPa, and then at higher
pressures of 60 GPa and above. We will then compare
the equilibrium mechanical state of the CB and HC polycrystals with that of the isolated single crystals.

1.

FIG. 10. (a) Evolution of the transverse strain component
εxx for the central grain of uniaxially-strained CB polycrystals of various sizes. Each profile, which is labelled by the
corresponding grain size L, has been vertically offset for clarity. Motion is damped by a Langevin thermostat after 75 ps.
(b) Oscillation period P as a function of grain size L. Shown
also is the line of best fit obtained from a linear least-squares
regression analysis with intercept fixed at zero.

That the grains in an elastically-compressed nanocrystal interact over only a few picoseconds is significant,
because plastic flow takes place in a shock-loaded single
crystal over a comparable timescale. If the nanocrystal were loaded above its HEL, then, these two mechanisms would take place concurrently. As we will show in
Sec. III C, this allows the mechanisms to combine ‘nonlinearly’, in the sense that the elastic deformations can
actually activate or deactivate plasticity mechanisms, depending on the shock pressure.
In summary, we found that when a columnar polycrystal is uniaxially compressed below its HEL, its constituent grains elastically expand and contract normal
to the loading axis in order to relax the stress gradients
that are induced over its grain boundaries. Relaxation
of these stress gradients reduces the degree of transverse
stress anisotropy ∆σ = σxx − σyy within each grain. The
efficiency of this elastic relaxation is limited to a greater
extent in the HC than the CB geometry, but for both
geometries this mechanism still relieves transverse shear
stress more efficiently than the corresponding plastic deformation mode can. The nanocrystals studied here relax
within picoseconds, i.e. at a rate comparable to that of
plastic flow. We will now consider the full elastoplastic response of columnar polycrystals shock-compressed
above their HEL.

C.

Polycrystal response above the HEL

Having seen how a single grain undergoes plastic deformation in isolation, and how a polycrystal responds to
transverse stress anisotropy, we are in a position to dis-

Slip deactivation at low pressure

It was shown in Sec. III B that grains in an elasticallyloaded, fiber-textured, columnar polycrystal deform normal to the loading axis due to the stresses they exert
on one another. These interactions lead directly to relief
of the shear stress associated with the transverse stress
anisotropy ∆σ. This same shear stress was relieved by
dislocation slip in the [1̄11] and [1̄11̄] directions in the
isolated grains discussed in Sec. III A. Dislocation slip
of this kind and intergranular interactions therefore act
in competition when the polycrystal is shock-compressed
above its HEL. To demonstrate this, we show in Fig. 11
the slipped atoms within a cross-section of a CB polycrystal shock-compressed to 40 GPa, alongside plots of
the stress and elastic strain variation along the length
of the central grain. The wave structure is substantially
different to that within the single crystal shocked to the
same pressure, as we now go on to explain.
Within the elastic precursor, the normal stresses initially increase in the order σzz > σxx > σyy , exactly as
they did in the single crystal. However, the transverse
stresses σxx and σyy almost immediately start to converge due to the grains interacting with one another; in
response to the stress gradients over its boundaries, grain
1 expands along x, and contracts along y. At the rear of
the elastic zone, the average transverse stress anisotropy
∆σ has vanished entirely due to this elastic relaxation, as
shown in the right inset of Fig. 11(b). The crystal subsequently undergoes slip and twinning in the [111] and
[1̄11] directions due to the difference between σxx and
σzz , just as the single crystal did, causing the crystal to
collapse along x (i.e. the [100] direction). This deformation mechanism alone is sufficient to relieve the majority
of the remaining shear stress, and so no further plastic
flow takes place. The second stage of deformation that
was observed in the isolated single crystals is thus conspicuously absent.
The fact that the CB polycrystal does not yield in the
[111̄] and [1̄11̄] directions at low shock pressure is a consequence of intergranular interactions. Since the interactions cause σxx and σyy to converge, and thus serve the
same purpose as slip along [111̄] and [1̄11̄], they render
these latter plasticity mechanisms unnecessary. Phrased
another way, the collapse along the y-direction (i.e. [011̄])
that was permitted in the isolated grains by the second
stage of plastic deformation can instead be realized by
purely elastic compression of each grain by its neighbors.
Note that the elastic relaxation mechanism is only able to
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replace plastic flow because it takes place so quickly – the
nucleation of 1/2 [1̄11] and 1/2 [1̄11̄] dislocations takes at
least 25 ps at 40 GPa, while the grains can elastically
deform normal to the shock within 5 ps.
The second stage of plastic deformation is also suppressed in the HC geometry, though to a lesser extent.
While 1/2 [111̄] and 1/2 [1̄11̄] dislocations are almost entirely absent in the CB geometry, there do exist several
such dislocation loops stemming from the grain boundaries in the HC geometry. However, their growth is
quickly arrested before they can traverse the grains by
the shear stress relief provided by elastic deformation,
so the bulk of the grains remain devoid of 1/2 [111̄] and
1/2 [1̄11̄] dislocations, as we show in Fig. 12. The fact
that grains in the HC geometry have to rely to some extent on ‘conventional’ plastic deformation is consistent
with the observation made in the Sec. III B that elastic
deformation is less efficient at relieving shear stress in
this latter geometry.
In brief, we find that a polycrystal in the CB geometry

shock-loaded just above the single-crystal HEL does not
suffer dislocation slip in the [1̄11] and [1̄11̄] directions.
These plasticity mechanisms are replaced by the elastic
deformation effected by intergranular interactions, which
relieves the same shear stress over a shorter timescale.
Both mechanisms are active to some degree in the HC
geometry due to the reduced efficiency of elastic deformation, but the total amount of plastic flow is still substantially lower than that in the isolated single crystals.

2.

Twinning activation at higher pressure

It was noted in Sec. III B that the stress gradients formed over the grain boundaries in an elasticallycompressed polycrystal do not decrease monotonically in
magnitude, but oscillate about their equilibrium values
due to the inertia of the grains. It is thus possible for the
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FIG. 11. (Color online) Visualization of the plasticity mechanisms active in polycrystalline Ta with the CB geometry
shocked to 40 GPa along [011] (the positive z-direction),
alongside profiles of the stresses and elastic strains. Subfigures (a-c) are plotted on the same scale. The z-coordinate is
primarily expressed in terms of the local time since the compression front passed; the secondary axis shows the distance
from the piston generating the shock. (a) Atoms that have
participated in plastic flow events, identified via SVA (as in
Fig. 4). Visible are planar deformation twins and slip planes
with associated Burgers vectors in the xz-plane (light and
dark grey, respectively). The central grain is grain 1, that on
the outside is grain 2. (b) Stresses along the computational
cell axes averaged over the cross-section of the central grain.
Left and right insets show the late-time stresses and stresses
within the elastic precursor, respectively. (c) Elastic strains
in the central grain.
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FIG. 12. (Color online) Visualization of the plasticity mechanisms active in polycrystalline Ta with the HC geometry
shocked to 40 GPa along [011] (the positive z-direction),
alongside profiles of the stresses and elastic strains. Subfigures (a-c) are plotted on the same scale. The z-coordinate is
primarily expressed in terms of the local time since the compression front passed; the secondary axis shows the distance
from the piston generating the shock. (a) Atoms that have
participated in plastic flow events, identified via SVA (as in
Fig. 4). Visible are planar deformation twins and slip planes
with associated Burgers vectors in the xz-plane (light and
dark grey, respectively), and, to a limited degree, non-planar
slip planes with associated Burgers vectors in the xy-plane
(red). (b) Stresses along the computational cell axes averaged
over the cross-section of the central grain. Left and right insets show the late-time stresses and stresses within the elastic
precursor, respectively. (c) Elastic strains in the central grain.
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FIG. 13. (Color online) Visualization of deformation twins in
polycrystalline Ta with the CB geometry shocked along [011]
to 60 GPa. (a) Cross-section of the neighbor-displacement
density plot in the xy-plane. Visible are peaks from dislocation slip in the [111̄] and [1̄11̄] directions and (very weakly)
the new, transverse deformation twins with Burgers vectors
in those same directions. Note the plot is a superposition of
slip vectors from all four grains, hence its approximate fourfold rotational symmetry about the origin. (b) Atoms forming
the transverse twins (blue) alongside the conventional twins
with habit planes (2̄11) and (211) (white) as viewed along
the loading axis, identified not via SVA but the templatematching technique described in Sec. II C.

transverse stress anisotropy ∆σ, and so the shear stress
associated with it, to temporarily change sign during the
course of the deformation. If the crystal is shocked with
sufficient strength, the magnitude of this inverted shear
stress can become great enough to trigger a new variant
of deformation twinning.
Shown in Fig. 13(a) is a cross-section of the neighbordisplacement density plot in the xy-plane taken from a
CB polycrystal shock-compressed to 60 GPa. The clearest features of the plot are the eight peaks surrounding
the origin that correspond to transverse slip in the [111̄]
and [1̄11̄] directions. The four peaks for which |uy | > |ux |
(which were previously observed in Fig. 4 for the single
crystal) come from grains 1 and 4, the other four from
grains 2 and 3. In addition to these peaks, it is also possible (though barely) to discern patches of intensity at locations corresponding to 1/3 [111̄] and 1/3 [1̄11̄], suggesting that deformation twinning of a previously unobserved
type is taking place. However, the contrast of these twin
peaks at this high shock pressure is extremely poor (for
the reasons discussed in Sec. II B), making reliable identification of the twinned atoms via the SVA technique
impractical. For this reason, we identify the new ‘transverse twins’ with the complementary template-matching
technique described in Sec. II C, assuming habit planes
(2̄11̄) and (211̄). The atoms constituting the transverse
twins in the central grain are shown in blue in Fig. 13(b),
alongside the ‘conventional twins’ with habit planes (2̄11)
and (211) for reference. Note that the transverse twins
form only near the center of the grain.
To understand how these twins nucleate, we need to
understand how the shear stress applied to their habit
planes varies in the wake of the shock. In Fig. 14 we
show once again the slipped and twinned atoms within

a cross-section of the CB polycrystal shocked to 60 GPa
on the same scale as the stress and elastic strain profiles
for host atoms in the central grain. Just behind the compression front, σzz and σxx increase at nearly the same
rate, their difference being kept small by continuous plastic flow in the [111] and [1̄11] directions, while σyy ‘lags’
as usual due to there being no flow with a component in
the y-direction. As before, the central grain elastically
expands along x and contracts along y in response to the
huge stress gradients formed over the grain boundaries,
which assume peak values of 10 GPa at around 5 ps compression time, allowing σyy to converge to σxx . The grain
continues to expand once σxx − σyy ≈ 0 GPa due its inertia, and so the transverse stress anisotropy changes sign,
as shown in the right inset of Fig. 14(b). However, rather
than reaching −10 GPa, as might be expected from the
SHM-like behavior of the elastically-compressed supercells described in Sec. III B, the growth of ∆σ is suddenly arrested at 10 ps once it reaches −2 GPa. At this
instant, the resolved shear stress acting on the (2̄11̄) and
(211̄) planes is of sufficient magnitude to trigger transverse deformation twinning.
It is the reversal of the sign of ∆σ, then, that causes
the transverse twins to form. That the crystal refuses
to twin when ∆σ = 10 GPa, but twins profusely the
moment it reaches −2 GPa, is consistent with the socalled twinning-antitwinning asymmetry that is characteristic of bcc materials.76–79 If the crystal were to relieve
transverse shear stress via deformation twinning when
σxx > σyy , it would have to do so via the antitwinning
path, in which adjacent atomic planes move through a
distance k1/3 [111]k. Antitwinning is acted against by a
large energy barrier, and is thus suppressed under typical stress conditions in Ta loaded along [011]. If ever
σyy exceeds σxx , though, the sense of the shear stress is
such that flow would instead be realized via the twinning path. Deformation twinning in this sense, which
requires motion through only k1/6 [111]k, has a comparatively small activation energy,49 and thus ensues copiously in the inverted transverse stress state. The process
can be understood perhaps most intuitively with an analogy: conventional deformation twins, with habit planes
(2̄11) and (211), are formed when the grains are compressed along their [011] axis by the shock-wave; in much
the same way, transverse deformation twins, with habit
planes (2̄11̄) and (211̄), are formed when the grains are
compressed along their local [011̄] axis by their rapidly
expanding neighbors.
We should stress, however, that the propensity of the
CB polycrystal to undergo transverse twinning is most
likely an artefact of its high symmetry. HC polycrystals shocked to a similar pressure do not exhibit profuse
twinning of this sort, despite the fact that the average
stress conditions present in the wake of the shock are
comparable (i.e. ∆σ approaches −2 GPa) . The absence
of transverse twins in the HC geometry is demonstrated
in Fig. 15. It seems that the comparatively low symmetry of this latter geometry gives rise to a delocalized
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FIG. 14. (Color online) Visualization of the plasticity mechanisms active in polycrystalline Ta with the CB geometry
shocked to 60 GPa along [011] (the positive z-direction),
alongside profiles of the stresses and elastic strains. Subfigures (a-c) are plotted on the same scale. The z-coordinate is
primarily expressed in terms of the local time since the compression front passed; the secondary axis shows the distance
from the piston generating the shock. (a) Atoms that have
participated in plastic flow events, identified via SVA (as in
Fig. 4). Visible are planar deformation twins and slip planes
with associated Burgers vectors in the xz-plane (light and
dark grey, respectively), and deformation twins with Burgers vectors in the xy-plane (blue), present between 130 and
180 nm from the piston. (b) Stresses along the computational
cell axes averaged over the cross-section of the central grain.
Left and right insets show the late-time stresses and inversion of the stress state, respectively. (c) Elastic strains in the
central grain.

transverse shear stress field whose magnitude is nowhere
sufficient to trigger transverse twinning. By contrast, the
highly contrived arrangement of grains in the CB polycrystal is such that, when the grains overshoot the mechanically stable state and enter an inverted stress state,
shear stress is strongly concentrated at the grain center.
So intense is the concentration, in fact, that at shock
pressures exceeding 60 GPa the transverse twinning becomes catastrophic: the closely-spaced twins actually coalesce, and form a new, rhombic grain bounded by planes
of the type (2̄11̄) and (211̄). In a real polycrystalline target, then, transverse deformation twinning would likely
be confined to small regions whose grain configuration
locally resembles that of the CB geometry.
In summary, we find that polycrystals with the CB geometry undergo deformation twinning on the (2̄11̄) and
(211̄) planes when shock-loaded above 60 GPa. Deformation of this kind is caused by highly-concentrated, inverted transverse shear stresses being generated at the

z

FIG. 15. (Color online) Visualization of the plasticity mechanisms active in polycrystalline Ta with the HC geometry
shocked to 60 GPa along [011] (the positive z-direction),
alongside profiles of the stresses and elastic strains. Subfigures (a-c) are plotted on the same scale. The z-coordinate
is primarily expressed in terms of the local time since the
compression front passed; the secondary axis shows the distance from the piston generating the shock. (a) Atoms that
have participated in plastic flow events, identified via SVA
(as in Fig. 4). Visible are planar deformation twins and slip
planes with associated Burgers vectors in the xz-plane (light
and dark grey, respectively). (b) Stresses along the computational cell axes averaged over the cross-section of the central
grain. Left and right insets show the late-time stresses and
inversion of the stress state, respectively. (c) Elastic strains
in the central grain.

center of each grain by rapid expansion of its neighbors
along their local [100] axis. The HC geometry, meanwhile, is not conducive to transverse twinning due to its
comparatively low symmetry.

3.

Equilibrium mechanical state

We saw in Sec. III B that when grains are allowed to
expand and contract elastically in directions normal to
the loading axis, they can reach a state of lower transverse stress anisotropy ∆σ than laterally-confined grains
loaded above their HEL. Specifically, ∆σ was limited to
at least 1.0 GPa by material strength in the single crystals, while σxx and σyy could converge to within 0.4 GPa
for the elastically-loaded polycrystals with the CB geometry. In the section that follows, we will determine
whether the relief of ∆σ by elastic deformation is still
efficient in the plastic regime, and how the efficiency dif-
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FIG. 16.
Steady-state transverse stress and strain
anisotropies for single crystals and for the central grain of CB
and HC polycrystals shocked to between 40 and 100 GPa.

2.0

σ xy (GPa)

fers between the CB and HC geometries. We will also
consider the transverse strain anisotropy ∆ǫ = εxx − εyy ,
which is crucial if one is to make connections with experiment, because the difference (or lack thereof) between
elastic strain components can in principle be extracted
directly from diffraction data.
The steady-state stresses and elastic strains were obtained by averaging over the portion of the central grain
nearest the piston within which the stress and strain profiles were approximately uniform. At low pressures, the
profiles suffer some additional non-uniformity due to the
grains continuing to execute small SHM-like oscillations
even after plastic flow has ceased. The crystals are sufficiently long, though, that the average is taken over at
least five oscillation periods, so the additional variation
in σ and ε stemming from the SHM averages to a negligible value. At higher pressures, we deliberately truncated
the sampling region so as to avoid the region of the crystal nearer the shock front that has undergone transverse
twinning, which we are treating as an artefact.
The steady-state transverse stress and strain
anisotropies ∆σ and ∆ε are shown in Fig. 16 for
both the single-crystal control group and polycrystals
with the CB and HC geometries over the pressure range
40 to 100 GPa. In all instances, grains in the CB polycrystal exhibit lower transverse stress anisotropy than
the laterally-confined grains do. The elastic relaxation
mechanism described in Sec. III B is therefore still able
to relieve transverse shear stress to a greater extent than
transverse slip in the plastic regime, at least for the
CB geometry. However, it is clear that the efficiency of
elastic relaxation is much reduced above the HEL: most
of the data points taken from the CB geometry lie only
slightly below the 1.0 GPa single-crystal limit, and only
one of them approaches the limiting value of 0.4 GPa
reached under elastic loading conditions.
The reduction in efficiency is even more conspicuous in
the HC geometry: overall, ∆σ is no lower in the HC polycrystals than in the single-crystal control group, and is in

-2.0

FIG. 17. (Color online) Comparison of the off-diagonal stress
field σxy for CB (left) and HC (right) polycrystals shocked to
60 GPa along z following relaxation of the induced stress gradients. Dashed white lines indicate the approximate locations
of the grain boundaries after shock compression.

fact markedly higher in two instances. There were indications in Sec. III B that the cooperative relaxation mechanism is less effective in the HC than in the CB geometry: Fig. 9 showed that, below the HEL, the HC geometry can tolerate relatively large stress gradients due to
the countervailing tractions provided by the off-diagonal
shear stress σxy . In Fig. 17, we show analogous plots of
the off-diagonal stress field for CB and HC polycrystals
shocked to 60 GPa (i.e. above their HEL). The plots were
obtained by calculating σxy (x, y) for notionally-relaxed
50-nm thick cross-sections of the polycrystals every 0.1 ps
for 2.5 ps, and then taking the time average – the averaging process somewhat mitigates the considerable noise
caused by the thermal fluctuations and spatial inhomogeneities that manifest above the HEL. Once again, we
see that shear stress relief is frustrated to a greater degree
in the HC geometry owing to the presence of a comparatively intense off-diagonal stress field. It is perhaps surprising, though, that the cooperative relaxation mechanism is apparently completely ineffectual above the HEL.
It is possible that the transverse flow stress of the HC
polycrystals is being enhanced by the presence of their
grain boundaries (per the Hall-Petch effect80,81 ) to such
an extent that the cooperative relaxation mechanism is
effectively nullified. Further simulations, perhaps of polycrystals with a range of grain sizes, would be necessary
to verify this proposition.
The strain anisotropy ∆ε, meanwhile, follows much the
same pattern as ∆σ: as the difference between σxx and
σyy decreases, so too does that between εxx and εyy .
In fact, when ∆σ drops below 0.8 GPa (which is only
possible in the CB geometry), the difference between the
transverse elastic strains actually changes sign. This conspicuous signature of grain interactions could, given an
elastic strain extraction technique of sufficient precision,
be verified experimentally, assuming the polycrystal in
question is well-represented by the CB geometry; conversely, no such signature would exist if the HC geometry
were the better representation. Whether or not grain interactions could be observed experimentally in this manner therefore depends intimately on the manner in which
the grains in the target are oriented and coordinated.
To conclude, we find that when a laterally-confined
single crystal and a CB polycrystal are shock-loaded to
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between 40 and 100 GPa, the grains in the polycrystal always reach a state of lower transverse stress anisotropy,
which is reflected in their elastic strain state. By contrast, the stress state of grains in the HC geometry is not
significantly different from the state they would assume if
they were laterally confined. The efficiency of the elastic
relaxation mechanism is thus dependent on the geometry
of the polycrystal.

IV.

DISCUSSION

The analysis above has demonstrated that the behavior of crystallites in a fiber-textured nanocrystal differs
profoundly from that of its single-crystal analogues under shock compression. The salient difference between
the nanocrystalline and monocrystalline samples, which
was discussed in Sec. III B and will be reiterated here, is
one of kinematic freedom. An ideal single crystal is translationally symmetric in directions normal to the loading
axis. Thus the global constraint of lateral confinement to
which it is subjected during uniaxial shock compression
must also apply locally; the crystal is everywhere laterally confined. It is for this reason that any change in the
monocrystal’s transverse elastic strain state must be realized via plastic flow. When one moves to an aggregate,
translational symmetry is broken, and so lateral confinement need not be respected locally. This permits the
grains in the aggregate to respond to shear stresses elastically via interactions with their neighbors, which gives
rise to the novel effects described in Sec. III C, namely the
absence of transverse slip at low pressures, the presence
of transverse twinning at high pressures, and relaxation
of stress anisotropy in the plane normal to the shock.
Clearly, the predictions of this study should be treated
with some caution. In an effort to render them amenable
to simple analysis and to make as clear as possible their
grain interactions, the elementary polycrystals employed
in this study were deliberately constructed with highly
idealized morphologies and textures. The price of this
simplification is the introduction of a number of artificial
behaviors, including coherent oscillation of the grains,
and catastrophic transverse twinning in the CB geometry
above 60 GPa. We also note that the CB geometry likely
exaggerates the extent of the lateral relaxation permitted by grain interactions, because its grains are arranged
in such a way that the degree to which the relaxation of
one grain frustrates that of its neighbors is minimal. It is
not immediately clear, then, that the closure of the gap
between the two transverse strains seen in the CB geometry would be observed in a real polycrystal – one might
expect a priori that the HC geometry would provide a
more accurate description of a typical target, in which
case interactions would make no perceptible difference to
the strain anisotropy. Whatever the case, one should anticipate that interaction effects in a real target will be
subtler than our CB polycrystals would suggest.
Nevertheless, it is possible to draw a number of qual-

itative conclusions from our study whose applicability
extends beyond the particular targets considered here.
First, the grain interactions that take place under shock
conditions are clearly dynamic in nature. Their timedependence was made apparent in Sec. III B, in which
it was shown that the timescale over which neighboring
crystallites interact scaled with the transverse grain size
L due to the finite propagation speed of stress waves generated at the grain boundaries. We further showed that
the transverse twinning observed at higher shock pressures was directly caused by the inertial forces exerted on
each grain by its rapidly expanding neighbors. We have
also shown that grain interactions can radically alter the
crystal’s stress state. The typical size of the changes to
the transverse stresses caused by interactions is comparable to the strength of the stress gradients produced over
the grain boundaries by the uniaxial compression, which
in the shock regime is frequently of order gigapascals.
Since the stress state governs the RSS acting on any given
slip or twinning system, grain interactions also influence
which of these systems are active, and hence control the
dislocation content of the crystal during shock compression. That grain interactions are able to partially govern
stress, strain, and defect evolution means they are worthy of inclusion in any predictive model that seeks to
recreate material behavior to better than first order, and
they certainly warrant further study in their own right.
There are a number of routes for further work that
would shed further light on the physics of grain interactions under shock-loading conditions, and bring us closer
to detecting such interactions in experiment. We first
suggest that a systematic study of polycrystals with a
wider range of morphological and crystallographic textures (rather than just the two presented here) would be
highly informative. Our simulations indicate that the efficiency of the cooperative relaxation mode is dictated by
the configuration of the grains. A deeper understanding
of how each grain frustrates the relaxation of its neighbors might make it possible to predict the efficiency of
elastic deformation in a real polycrystal with known texture. We next note that there almost certainly exists
a type of target in which grain interaction effects are
more conspicuous than they are in our [011] Ta samples, and would therefore have a stronger experimental
signature. An exploration of the ‘parameter space’ of targets would therefore be profitable. To narrow the search
for a target in which grain interactions are particularly
strong, one should first identify desirable material properties, which might include: high material strength (as
this would make elastic relaxation effects more conspicuous); a Zener ratio far from unity (which would ensure
large stress gradients are induced over the grain boundaries upon shock compression); and a strong texture (as
this allows neighboring grains to deform cooperatively
with one another, much as the CB polycrystals here do).
Finally, it would be instructive to identify and quantify
the XRD signatures of grain interaction effects. With
a detailed model of how the structure and position of
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the diffraction peaks changes due to interactions between
grains, one could set about identifying the optimal experimental setup in which sensitivity to such interactions is
maximized. Studies of this kind could thus inform the
design of experiments, and facilitate the direct, in situ
observation of grain interactions under shock conditions.
V.

CONCLUSION

We have performed multi-million atom molecular dynamics simulations of mono- and nanocrystalline tantalum shock-compressed to between 40 and 100 GPa, and
by comparing the two have identified a number of physical effects that may be ascribed to interactions between
neighboring grains. We find that adjacent grains undergo
cooperative elastic deformation normal to the shock due
to the gigapascal-scale stresses they exert on one another,
and are thus able to reach a state of reduced shear stress
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