Effect of Austenite Deformation on the Microstructure
Evolution and Grain Refinement Under Accelerated
Cooling Conditions
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Although there has been much research regarding the eﬀect of austenite deformation on
accelerated cooled microstructures in microalloyed steels, there is still a lack of accurate data on
boundary densities and eﬀective grain sizes. Previous results observed from optical micrographs
are not accurate enough, because, for displacive transformation products, a substantial part of
the boundaries have disorientation angles below 15 deg. Therefore, in this research, a niobium
microalloyed steel was used and electron backscattering diﬀraction mappings were performed
on all of the transformed microstructures to obtain accurate results on boundary densities and
grain reﬁnement. It was found that with strain rising from 0 to 0.5, a transition from bainitic
ferrite to acicular ferrite occurs and the eﬀective grain size reduces from 5.7 to 3.1 lm. When
further increasing strain from 0.5 to 0.7, dynamic recrystallization was triggered and
postdynamic softening occurred during the accelerated cooling, leading to an inhomogeneous
and coarse transformed microstructure. In the entire strain range, the density changes of
boundaries with diﬀerent disorientation angles are distinct, due to diﬀerent boundary formation
mechanisms. Finally, the controversial inﬂuence of austenite deformation on eﬀective grain size
of low-temperature transformation products was argued to be related to the diﬀerences in
transformation conditions and ﬁnal microstructures.
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I.

INTRODUCTION

THE essence of thermomechanical processing is
austenite deformation below the recrystallization-stop
temperature (T5pct).[1] After austenite deformation
below the T5pct, several changes in austenite state are
made, including grain shape, texture, density of substructures, annealing twin boundaries (changed into
normal high-angle grain boundaries (HAGBs) during
deformation), and bulging of austenite grain boundaries.[2] This austenite conditioning strongly aﬀects the
transformed microstructure and, hence, the ﬁnal
mechanical properties.[3,4]
For thermomechanically processed microalloyed
steels, air cooling often leads to a ferrite-pearlite
microstructure with mechanical properties commonly
below the X-70 grade. To further improve the properties, accelerated cooling (ACC) is necessary. Based on
the understanding of the transformation behaviors of
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deformed austenite during continuous cooling, the
advantage of ACC on the improvement of both strength
and toughness was studied during the 1970s.[5] The wide
application of online ACC equipment not only increases
the productivity signiﬁcantly in steel plate mills,[6] but
also brings good control of the transformed
microstructures.[7]
For low-carbon microalloyed steels, ACC after ﬁnish
rolling exploits the enhanced hardenability of these
steels to produce low-temperature transformation products, mainly bainitic ferrite (BF) and acicular ferrite
(AF), to improve strength. As classic bainite, BF grows
in the form of clusters of parallel thin lenticular plates or
laths, known as packets, but owing to the low-carbon
concentration in the microalloyed steels, cementite is
usually absent, yielding a well-organized microstructure
consisting of BF and microconstituents, such as martensite and retained austenite (M/A). The formation of M/
A constituents can be attributed to the partitioning of
carbon from these BF laths to the surrounding austenite
during cooling. Diﬀerently, AF was ﬁrst introduced by
Smith et al.[8] in 1972. It was deﬁned as being comprised
of nonequiaxed ferrite laths with high-density substructures formed at relatively higher temperatures than
bainite by a mixture of diﬀusion and displacive transformation mechanisms. Despite the unique morphology
of AF, many investigations have shown that the
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transformation mechanism of AF is similar to that of
BF.[8–13]
As for the grain reﬁnement of low-temperature
transformation products, although the eﬀect of austenite
deformation has been studied by many researchers, the
results are still controversial. In a prior investigation,[14]
it was shown that the eﬀective grain size of bainite
increases from 3.2 to 3.8 lm when austenite was
deformed by 30 pct. Similarly, the block size of bainite
was found to increase after austenite deformation,[15]
and the quantity of packets in each austenite grain also
decreased after austenite deformation.[16] More importantly, it was revealed from these investigations that
even after signiﬁcant amounts of austenite deformation,
the transformation product still consists of parallel BF
laths. Contradicting this were the prior research
results[12,17,18] in which the transformed microstructures
mainly were nonequiaxed AF laths with an irregular
arrangement and the transformed microstructure was
reﬁned after austenite deformation. However, it should
be noted that in earlier research,[12,17,18] the changes of
grain reﬁnement were observed directly from optical
micrographs, which are not accurate enough, because
for displacive transformation products, the boundaries
revealed in the optical micrographs after etching are not
necessarily HAGBs (h > 15 deg, where h is the boundary disorientation angle) and a substantial part of the
boundaries are low-angle grain boundaries (LAGB,
h £ 15 deg). Therefore, crystallographic data obtained
from electron backscattering diﬀraction (EBSD) mappings are indispensable to obtaining accurate results on
the change of grain reﬁnement for low-temperature
transformation products (BF and AF).
In this research, a commercial high-temperature
processing (HTP) concept steel is used to investigate
the inﬂuence of austenite deformation below the recrystallization-stop temperature (T5pct) on the microstructure evolution under ACC conditions. More
importantly, EBSD mappings are performed on all of
the transformed microstructures to provide accurate
results on the changes of boundary densities and grain
reﬁnement.

II.

EXPERIMENTAL

The chemical composition of tested HTP steel is
shown in Table I. To simulate the hot deformation
processes during industrial plate production, plane
strain compression (PSC) tests were adopted. Specimens
with dimensions of 60 mm 9 30 mm 9 10 mm were
machined from the received HTP steel pipe section. All
the PSC tests were conducted using the servohydraulic
thermomechanical compression (TMC) machine at The
University of Sheﬃeld. The operating system of the
Table I.

TMC machine is fully digitized and computer controlled
to allow a precise control of deformation parameters.
During PSC tests, the specimen was deformed between
two ﬂat parallel tools (with a width of 15 mm at room
temperature) and the temperature of the specimen was
sampled through a thermocouple embedded into the
PSC specimen.
In order to fully exploit the high Nb concentration in
this steel, and to fully dissolve its precipitates and
shorten the preheating time during PSC tests, all
specimens were heated to 1523 K (1250 C), held for
30 minutes with argon atmosphere protection, and
water quenched to room temperature before PSC tests.
The typical T5pct for HTP concept steels was estimated to be around 1323 K (1050 C) in prior
research.[19] However, the true T5pct determined through
multihit compression testing for such high Nb containing steels is not well documented. According to the
double-hit compression test results obtained by Miao
et al. with a high Nb-bearing (0.1 wt pct) pipeline
steel,[20] after 25 pct austenite deformation, the percentage of recrystallization is below 10 pct after holding 500
seconds at 1253 K (980 C), only 40 pct after holding
500 seconds at 1273 K (1000 C), and 50 pct after
holding 10 seconds at 1323 K (1050 C). Based on these
results, in this research, the roughing deformation
temperature was selected as 1373 K (1100 C) while
the ﬁnishing deformation temperature was chosen as
1223 K (950 C). To conﬁrm the validity of these
temperatures, prior-austenite microstructures were also
examined. The processing route is illustrated in
Figure 1. The heat-treated specimens were reheated to
1473 K (1200 C) at a rate of 10 K/s, held for 2 minutes
for equilibration, and then cooled at a rate of 5 K/s to
1373 K (1100 C) for a roughing deformation (strain 1)
of 0.3 at a constant true strain rate of 10 s 1.After that,
the specimens were cooled immediately to 1223 K
(950 C) at a rate of 5 C/s for the ﬁnishing deformation
with strain 2 varying from 0 to 0.7. This second
deformation was also performed at a constant true
strain rate of 10 s 1 and was followed by ACC from
1223 K to 773 K (950 C to 500 C) at a rate of 20 K/s,
slow cooling from 773 K to 623 K (500 C to 350 C) at
a rate of 1 K/s, and ﬁnally water quenching from 623 K
(350 C) to room temperature. Furthermore, another
three specimens were also heat treated and deformed but
were water quenched directly before and after strain 2 of
0.5 and 0.7 to examine the as-deformed austenite
microstructure.
Although, for the PSC tests on the TMC machine,
specimens can be successfully deformed to the designed
nominal strains, through a systematic thermomechanically coupled ﬁnite element (FE) analysis carried out by
Mirza and Sellars,[21–23] it was found that the equivalent
strain distribution is not homogeneous in the deformed
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specimen. The inhomogeneity of strain distribution can
cause nonuniform microstructures during subsequent
continuous cooling. Therefore, to accurately investigate
the microstructure evolution, the observation area must
be selected carefully. According to the results shown in
earlier research,[21] with the same specimen and tool
geometry as those in this research, the suitable area
where the nominal strain is equal to the real equivalent
strain actually is not located at the center along the
rolling direction of the specimen, deviating 1 to 4 mm
from it. Furthermore, due to the existence of intense
friction on the specimen surface contacting with the
tools during deformation, the strain conditions near
these contacting surfaces will be far from plane strain
conditions and the suitable area is located at the center
along the normal direction. Therefore, the area at the
center along the normal direction and deviating 1 to 4
mm from the center along the rolling direction was
selected for all microstructure characterization in this
research.
Specimens for metallographic observation were cut on
the rolling direction–normal direction (RD–ND) plane
and prepared carefully following standard methods.[24]
A 2 pct nital solution was used to show the transformed
microstructures, and a saturated aqueous picric acid
solution was used to reveal the prior-austenite grain
boundaries (PAGBs).[25,26]
The EBSD mappings were carried out via a FEI
Sirion electron microscope with an HKL Nordlys F+
detector. EBSD mapping with a step size of 0.2 lm and
accelerating voltage of 20 kV was performed on the
RD–ND plane of each specimen. To reduce the misindexing of phases in these complex microstructures, a
iron (bcc) was chosen as the only matching unit.
Following a recommended method,[27] noise points of
raw data were removed and nonindexed points were
ﬁlled with the common orientation of their neighbors
using HKL Channel 5 Tango software.
Besides microscopy, mechanical properties of the
transformed products were characterized by Vickers
microhardness with a 500-g applied load and 20-seconds
dwelling time on a Mitutoyo hardness testing machine.
Ten indentations were measured from each specimen.

Fig. 1—Schematic illustration of the thermomechanical testing proﬁle.
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III.

RESULTS

A. Deformation Process
The load–displacement data recorded during the
austenite deformation was converted into the von Mises
equivalent stress–strain data according to a standard
procedure.[28] The ﬂow stress curve with strain 2 of 0.7 is
shown in Figure 2. It can be seen that during the second
deformation, the ﬂow stress increased gradually with
strain 2 and started to decrease after reaching a peak
strain, which is a characteristic of dynamic recrystallization (DRX). Under low temperatures and high strain
rates, namely, high Z conditions, the peak of the DRX
curve may become very broad, which makes it similar to
the dynamic recovery only curves. Under this situation,
a plot of the derivative of the stress to strain vs. stress
can be used to reveal the subtle DRX peak,[29] as shown
in Figure 2(b). The peak stress can be identiﬁed as 204.1
MPa when the derivative is equal to 0; thus, the peak
strain can be identiﬁed as strain 2 of 0.56. However, this
ﬂow stress curve only reﬂects the average, macroscopic
deformation condition of the entire specimen. Due to

Fig. 2—(a) Macroscopic ﬂow behavior from the testing scheme of
strain 2 of 0.7. (b) Plot of the derivative of stress to strain vs. the
true stress for strain 2 of 0.7.
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the existence of strain gradients in the current PSC
tests,[21–23] optical micrographs depicting the PAGBs
before and after strain 2 of 0.5 and 0.7 are shown in
Figure 3, to determine the austenite deformation behavior accurately.
In Figure 3(a), it is evident that before strain 2,
austenite grains are fully recrystallized with an average
linear intercept length of 37 lm measured from multiple
micrographs. In Figure 3(b), austenite microstructure
remains in an uncrystallized condition, while in
Figure 3(c), there are some small dynamically recrystallized grains at the triple junctions of the elongated
austenite grains. The recrystallization fraction was
measured as 6 pct, which means that at strain 2 of 0.7,
DRX was just triggered during austenite deformation,
and the recrystallization fraction is quite low at the end
of deformation.
B. Transformed Microstructures
To observe the microstructure evolution with the
increase of strain 2, scanning electron microscopy
(SEM) secondary electron micrographs of the transformed microstructure are shown in Figures 4(a) through
(e). In Figures 4(a) and (b), a parallel morphology of the
transformation products can be seen clearly. The PAGBs
remain, and the parallel laths developed from the PAGBs
extend into the austenite grain, sometimes across the
whole grain, which is a typical BF morphology. From
Figures 4(c) and (d), with the increased strain 2, the
microstructure becomes ﬁner and the parallel BF laths get
shorter. The fraction of parallel BF laths is gradually
reduced and the rest are nonequiaxed ferrite laths with a
chaotic arrangement, which can be classiﬁed as AF. This
indicates that with the increase of austenite deformation,
a transition from BF to AF occurs, consistent with
previous research.[12,17,18] Finally, in Figure 4(e), despite
the further increased strain 2, the fraction of AF is not
increased and the microstructure becomes inhomogeneous with coarse BF packets surrounding ﬁne AF laths.
Throughout all the preceding micrographs, M/A
constituents appearing white can be found distributing
within the matrix. It is clear in Figures 4(a) through (d)
that the shape of M/A constituents changes from
elongated rods to dispersed, equiaxed particles with
the increase of strain 2 from 0 to 0.5. This shape change
can be related to the transition from BF to AF. When
the transformation product mainly is BF, which is a
highly organized microstructure with packets of parallel
laths with similar crystallographic orientations,[4] the
remaining austenite largely exists between BF laths,
leading to the coarse, elongated rod shape of M/A
constituents. In contrast, when the transformation
product is AF dormant, which exhibits a relatively
chaotic microstructure,[9] the remaining austenite largely
locates between AF laths with diﬀerent shapes and
directions, resulting in the ﬁne, equiaxed shape of M/A
constituents. This morphology change of M/A constituents was also observed in another investigation.[30]
The existence of coarse M/A constituents normally
causes a detrimental eﬀect on toughness;[31,32] therefore,
the reﬁnement of M/A constituents through austenite
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deformation can alleviate the negative eﬀect of M/A
constituents on toughness.
C. EBSD Mapping
Following the noise reduction, a small area of each
EBSD data set was used to plot a boundary map. For a
statistical analysis of the boundary density distribution
and boundary interception length, each whole data set
was used.
The selected area boundary maps are shown in
Figure 5. From Figures 5(a) through (d), although BF
microstructures revealed by parallel LAGBs can be seen
clearly in all ﬁgures, the length and fraction of parallel
BF laths reduce gradually with the increased austenite
deformation. Additionally, the BF microstructure is
replaced by nonequiaxed AF laths with a chaotic
arrangement, indicating a transition from BF to AF as
austenite deformation is increased. Together with these
morphological changes, the densities of both HAGBs
and LAGBs signiﬁcantly increase. However, further
increasing strain 2 from 0.5 to 0.7, the densities of both
HAGBs and LAGBs are reduced, as shown in
Figures 5(d) and (e). The characteristics of microstructure evolution observed in the boundary maps correspond
well to those obtained from SEM micrographs. Moreover, due to the advantages of EBSD mapping, these
microstructure changes can be quantiﬁed accurately.
Based on the EBSD maps covering relatively large
areas of the tested specimens, the boundary densities in
terms of absolute number per unit area are plotted
against the disorientation angles as distribution histograms in Figure 6, to reveal the boundary characteristics of the transformed microstructures. The whole
disorientation angle scope can be divided into four
ranges, range 1 (h < 10 deg), range 2 (10 deg £ h < 21
deg), range 3 (21 deg £ h < 47 deg), and range 4 (47
deg £ h £ 62.8 deg), due to diﬀerent formation
mechanisms.
The displacive transformation characteristic of the
transformed microstructures can be seen directly from
the boundary density distributions shown in Figure 6.
For all transformed microstructures, the densities (frequencies) of boundaries with disorientation angles in
range 3 are very low. This is because both AF and BF
are displacive transformation products, following a near
Kurdjumov–Sachs (K–S) or Nishiyama–Wasserman
(N–W) orientation relationship with parent austenite
grains.[3,33] For the K–S or N–W orientation relationships, the disorientation angles of boundaries between
diﬀerent laths transformed in the same parent austenite
grain do not fall into range 3 between 21 and 47 deg.[34]
The boundaries with disorientation angles within range
3 shown in Figure 6 are the boundaries between laths
transformed from diﬀerent austenite grains at PAGBs,
but not vice versa. Since the area of PAGBs only
accounts for a small portion of the total boundary area
of the transformed microstructure and it increases with
austenite deformation, the boundary densities in range 3
(21 to 47 deg) are considerably lower than others and
increase with the rise of strain 2. Based on these results,
the characteristics of boundary density distributions
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Fig. 3—Optical micrographs showing PAGBs of water-quenched specimens: (a) after strain 1 of 0.3, (b) after strain 2 of 0.5, and (c) after strain
2 of 0.7. DRX grains are marked by black arrows.

shown in Figure 6 add evidence that the transformation
mechanisms of AF and BF are similar and displacive.
It can also be seen in Figure 6 that the boundary
densities (frequencies) of all EBSD data sets in other
disorientation angle ranges, 1, 2, and 4, increase with the
rise of strain 2 from 0 to 0.5 and fall at strain 2 of 0.7.
The reason for that is explained in Section IV–C.
The increase in the HAGB density results in a
reﬁned microstructure. To quantify the microstructure
reﬁnement, disorientation angle threshold values
should be selected. Diﬀerent disorientation angle
threshold values have been used to deﬁne microstructure parameters that can be related to certain mechanical properties, and the microstructural unit size that
controls strength may diﬀer from that which controls
toughness. Disorientation angles of 4 and 15 deg are
typical threshold values to deﬁne the microstructural
unit sizes responsible for strengthening and toughening,
respectively.[35,36] Low disorientation angle (4 deg)
grain size is one of the factors that controls the yield
and tensile strength of steels, because boundaries
with disorientation angles above this value are expected
to oppose dislocation movements, while HAGBs
(h > 15 deg) provide eﬀective barriers to cleavage
fractures.[35,37]
The grain size deﬁned by diﬀerent disorientation
threshold values, 4 and 15 deg, was measured by a linear
intercept method in the Channel 5 software. The
geometric means of linear intercept lengths in both the
horizontal and vertical directions were calculated as in
Reference 27 and are shown in Figure 7.
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It can be seen that the mean linear intercept lengths
following both disorientation threshold values decrease
with the rise of strain 2 from 0 to 0.5, but they increase
as strain 2 changes from 0.5 to 0.7. Furthermore, the
diﬀerence among all the specimens is statistically significant, as there is very limited overlapping of their 95 pct
CL error bars. The adjacent laths with disorientation
below 15 deg make up the eﬀective grains.[12] Since the
eﬀective grain boundaries (h ‡ 15 deg) act as obstacles
to cleavage crack propagation, the reduction of eﬀective
grain size can result in better toughness, especially in
terms of the ductile–brittle transition temperature.[12]
D. Hardness Tests
The microhardness values of the transformed
microstructures vs. the amount of strain 2 are shown
in Figure 8. Hardness rises slightly with the increase of
strain 2 but decreases when strain 2 reaches 0.7. This
microhardness changing behavior corresponds well to
that of the linear interception lengths with a threshold
value of 4 deg.

IV.

DISCUSSION

A. Austenite Restoration Before Phase Transformation
It is evident from the research results in Section III
that the microstructure reﬁning and strengthening eﬀect
of austenite deformation is weakened when strain 2
reaches 0.7. Despite the onset of DRX during strain 2 of
VOLUME 48A, JULY 2017—3393

Fig. 4—SEM secondary electron micrographs depicting the transformed microstructures after diﬀerent strain 2 values: (a) 0, (b) 0.1, (c) 0.3, (d)
0.5, and (e) 0.7.

0.7, the fraction of austenite DRX is only 6 pct at the
end of deformation, which is quite small compared to
the hardness drop and microstructure coarsening shown
in Figures 8 and 7, respectively. In Figure 8, the
hardness result after strain 2 of 0.7 is at a slightly
higher level than that after strain 2 of 0.3, which
indicates an austenite restoration fraction around 45
pct.
Since austenite deformation can increase the transformation start temperature of high-strength low-alloy
steels during continuous cooling, it is reasonable to
assume that PF/QF could form after strain 2 of 0.7 in
this research, leading to the drop in microhardness.
However, according to the boundary misorientation
angle distribution results of PF/QF grains transformed
both from recrystallized austenite and deformed austenite in research,[38] PF/QF grain boundaries have high
3394—VOLUME 48A, JULY 2017

densities or frequencies in range 3 (21 deg £ h < 47 deg).
From the boundary density histograms shown in
Figure 6, there is only a slight increase of boundary
densities in range 3 as strain 2 rises from 0.5 to 0.7,
indicating no great increase of PF/QF fractions. Therefore, there should be another restoration mechanism
occurring after austenite deformation but before the
subsequent phase transformation.
Under the cooling condition used in this research,
displacive transformations dominate, as proven by the
boundary density distribution histograms shown in
Figure 6; therefore, PAGBs before phase transformation can also be revealed by etching with a saturated
aqueous picric acid solution similar to that used for
water-quenched specimens. The optical micrographs
depicting the PAGBs before phase transformation after
strain 2 of 0.5 and 0.7 are shown in Figures 9(a) and (b),
METALLURGICAL AND MATERIALS TRANSACTIONS A

Fig. 5—EBSD boundary maps of transformed microstructures after strain 2 of (a) 0, (b) 0.1, (c) 0.3, (d) 0.5, and (e) 0.7, where blue lines represent low-angle boundaries with disorientation between 2 and 15 deg, while red lines represent high-angle boundaries with disorientation greater
than 15 deg.

respectively. In Figure 9(a), after strain 2 of 0.5 and
after continuous cooling, the prior-austenite still
remains deformed, which suggests that with strain 2 of
0.5, deformation temperature of 1223 K (950 C), and
strain rate of 10 s 1, strain can be successfully accumulated in the austenite. It can be seen clearly in
Figure 9(b) that many small equiaxed grains exist
among uncrystallized, elongated austenite grains. The
fraction of those small equiaxed grains was measured at
38.5 pct, which is very close to the restoration fraction
indicated by the microhardness measurements. Since
DRX was triggered with strain 2 of 0.7 and the
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deformation temperature is relatively high, 1223 K
(950 C), a relatively long time gap, was left for the
postdynamic softening to proceed.
As for the speciﬁc postdynamic softening mechanism,
some researchers used to assume that static recrystallization (SRX) is the dominant softening mechanism
when deformation strain is lower than the critical strain
of DRX (ec). As long as the deformation strain is higher
than ec, the postdynamic softening is governed by the
metadynamic recrystallization (MDRX) mechanism,
which only involves the growth of previously nucleated
DRX grains.[39] However, when the fraction of DRX is
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Fig. 6—Histograms showing the boundary densities in terms of
absolute number per unit area with diﬀerent disorientation angles
from 2 to 62.8 deg.

Moreover, it is worth noticing that in Figure 4(e), a
transformation microstructure consisting of ﬁne AF
laths surrounded by coarse, blocky BF packets is
evident. The formation of this inhomogeneous
microstructure can be attributed to the partially recrystallized austenite grains, as shown in Figure 9(b). The
remaining unrecrystallized austenite transforms into
AF, while the recrystallized austenite grains change into
BF packets, due to a lack of intragranular nucleation
sites.
Based on the results shown previously, the occurrence
of SRX/MDRX during ACC is hard to notice unless
specimens with diﬀerent strains are compared or the
continuously cooled specimens are etched to reveal
PAGBs. Moreover, the strain volume and deformation
temperature of ﬁnish rolling should be selected carefully,
especially for HTP steel, to minimize restoration processes, such as MDRX and SRX, from occurring prior
to the phase transformation during ACC.
B. Transition from BF to AF

Fig. 7—Microstructure size parameter as the geometric mean of the
linear interception lengths in horizontal and vertical directions from
the EBSD maps measured against two disorientation criteria, 4 and
15 deg. The error bar represents the 95 pct conﬁdence levels of the
measurement.

low, MDRX cannot be accounted for by a high
postdynamic softening fraction, and in a previous
study,[40] MDRX only became dominant after a minimum strain eT was reached. This strain eT is smaller than
the steady-state strain ess but can be signiﬁcantly larger
than ec. The value of eT has been determined experimentally,[40] leading to a relationship of eT = Kep,
where ep is the peak strain with a constant K of 1.7.
Therefore, a transition between the strain range was
proposed,[40] where SRX operates as the main postdynamic softening mechanism (e < ec) and where MDRX
takes over (e > eT). In the interval between ec and eT,
both mechanisms contribute concurrently to the postdynamic softening. Based on the information provided
previously, after strain 2 of 0.7, both SRX and MDRX
contributed to the softening and resulted in the hardness
drop and microstructure coarsening when strain 2
reaches 0.7.
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Despite the similarity in the transformation mechanisms, AF has a diﬀerent morphology compared with
that of BF. The formation of AF can be explained by
the eﬀect of deformation on introducing intragranular
nucleation sites. It has been shown that the nucleation of
bainite is related to the spontaneous dissociation of
speciﬁc dislocation defects that are already present in the
parent austenite.[4] This is similar to martensite except
for the requirement of carbon partitioning during the
bainite nucleation stage.[41] The embryo may be densely
stacked dislocation arrays,[42] and it has been suggested
that the embryo requires a critical number of dislocations inside to be suﬃciently potent.[43] Therefore, in the
undeformed or slightly deformed austenite, BF nucleates primarily on the austenite grain boundaries where
densely stacked dislocations can be accommodated.
When the austenite is heavily deformed, a high density
of dislocations will be introduced into the austenite,
which can increase the potent nucleation site densities
for AF. Actually, the nucleation of AF has been
observed on many deformation defects, such as deformation bands[18,44–46] and dislocation cell walls.[47]
C. Effect of Austenite Deformation on Boundary
Densities
The change of boundary densities in the disorientation angle range 3 with increased strain 2 from 0 to 0.7
was explained in Section III–C. Diﬀerently, it can be
seen in Figure 6 that the boundary densities (frequencies) in the disorientation angle ranges, 1, 2, and 4,
increase with the rise of strain 2 from 0 to 0.5 and fall at
strain 2 of 0.7. A common reason is that with the
increase of strain 2 from 0 to 0.5, the fraction of AF is
raised and both the BF and AF laths become increasingly small and short (Figure 4), leading to increased
lath boundary densities. However, due to the formation
of coarse BF packets from the recrystallized austenite
grains with strain 2 of 0.7, lath boundary density drops.
Besides that, the reasons for the change of boundary
METALLURGICAL AND MATERIALS TRANSACTIONS A

Fig. 8—Vickers microhardness of the transformation products after
various deformation strains. The error bar represents the 95 pct conﬁdence interval of the measurement.

Fig. 9—Optical micrographs depicting PAGBs of continuous cooled
specimens after strain 2 of (a) 0.5 and (b) 0.7.

densities in each disorientation angle range are slightly
diﬀerent.
Boundaries with disorientation angles in range 1
(h < 10 deg) mainly result from the plastic strains of
METALLURGICAL AND MATERIALS TRANSACTIONS A

austenite and AF/BF to accommodate the displacive
transformation shape strain.[48,49] The main phase components in all transformed microstructures in this
research, AF and BF, both are displacive transformation products and, thus, have similar transformation
shape strains.[4] Given that, the boundary densities in
range 1 should be close. However, since the main
characteristic of displacive transformations is the coordinated movement of lattice atoms,[4] austenite substructures introduced by deformation will be inherited
by displacive transformation products. Therefore, the
increase of strain 2 will generate more deformation
substructures inherited by the displacive transformation
products and ﬁnally lead to the increased boundary
density in range 1. The occurrence of SRX/MDRX after
strain 2 of 0.7 lowers the deformation substructure
density and results in the decrease of boundary densities
in range 1.
Boundaries with disorientation angles in range 4 (47
deg £ h < 62.8 deg) are mainly the boundaries between
laths transformed in the same austenite grain but
belonging to diﬀerent Bain groups.[34] The rise of
boundary densities in range 3 as strain 2 increases from
0 to 0.5 can be mainly attributed to the formation of
intragranular nucleated AF. During bainite transformation, strong variant selection occurs and results in
the existence of certain variant pairs in the transformation product, thus leading to large boundary densities with certain disorientation angles.[50] Under
relatively slow cooling rates or high transformation
temperatures, variant selection will mainly favor the
variant pairs with low disorientation angles between
them.[50] However, for the AF dominant microstructures, austenite deformation increases the intragranular
nucleation sites; therefore, more laths nucleate directly
at intragranular nucleation sites instead of sympathetically nucleating in the form of variant pairs. The
formation of these intragranularly nucleated laths can
weaken the variant selection mechanisms; thus, more
types of variants and variant pairs can be generated in
each austenite grain.[51] Therefore, the boundary densities in range 3 will increase with the rise of AF
fraction as strain 2 changes from 0 to 0.5. The
occurrence of SRX/MDRX after strain 2 of 0.7
eliminates some of the intragranular nucleation sites,
leading to the reduced AF fraction and, thus, the
decreased boundary density in range 3.
Boundaries with disorientation angles in range 2 (10
deg £ h < 21 deg) are mainly the boundaries between
laths transformed in the same austenite grain and
belonging to the same Bain group.[34] The change of
boundary density in this range can be explained mainly
by the change of lath boundary density, as illustrated in
the beginning of this section.
It is also worth noticing that besides the disorientation angle range 3, the disorientation angles of boundaries formed between laths transformed from diﬀerent
austenite grains can also fall into other disorientation
angle ranges. However, since the area of PAGBs only
accounts for a small portion of the total boundary area
of the transformed microstructure, the inﬂuences of
PAGBs are very small in ranges 1, 2, and 4.
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D. Controversial Effect of Austenite Deformation on
Effective Grain Size
As for the controversial inﬂuence of austenite deformation on the eﬀective grain size of low-temperature
transformation products, in this research, it can be seen
clearly that the eﬀective grain size decreases with the rise
of accumulated strain in the austenite. This is consistent
with other previous research results,[12,17,18] although in
that research, the changes of grain reﬁnement were
observed from optical micrographs. However, the result
of this research diﬀers from previous studies,[14–16] which
indicate that a coarser transformed microstructure
forms after austenite deformation. There may be two
diﬀerent reasons for this. First, as in the case of strain 2
of 0.7, DRX is triggered and SRX/MDRX occurs before
the phase transformations. Therefore, despite the
increase of austenite deformation from 0.5 to 0.7, the
microstructure begins to coarsen. However, this situation only happens when the deformation temperature is
high and the cooling rate is relatively low.
The second and more likely reason can be attributed
to the microstructure diﬀerence between these investigations. In the previous investigations,[12,17,18] AF
microstructure is the main phase constituent after
relatively slow continuous cooling, 30[12] and 10 K/
s,[17,18] or isothermal holding at high temperatures,
773 K to 873 K (500 C to 600 C),[12] while in
others,[14–16] with relatively high cooling rates, 50 K/
s,[14] and low transformation temperatures, 623 K[15]
and 673 K (350 C and 400 C),[16] BF still dominates
the transformed microstructure after austenite
deformation.
The large amount of active intragranular nucleation
sites resulted from the accumulated strain in austenite
promoting the formation of AF and, thus, weakening
the variant selection during displacive transformation,
leading to smaller eﬀective grain sizes. In contrast, at
relatively low transformation temperatures, the intragranular nucleation sites become inactive and the ﬁnal
microstructure is still BF dormant even after signiﬁcant
amounts of austenite deformation. The reason why the
intragranular nucleation sites become inactive under this
condition is still unclear. For BF transformation, the
main nucleation sites are austenite grain boundaries,
and austenite deformation can only result in a very
limited increase of austenite grain boundary area. Even
worse, for BF transformation, austenite deformation
can result in a strong variant selection that the habit
planes of BF laths correspond to the active slip planes in
austenite during deformation, which ﬁnally leads to
larger eﬀective grain sizes.[52] This diﬀerence can be
noted in another investigation.[53] In that study, a wide
cooling rate range (0.1 to 100 K/s) was used, and under
low to medium cooling rates (0.1 to 20 K/s), the
austenite deformation has a beneﬁcial eﬀect on the
eﬀective grain size reduction for ferrite-pearlite
microstructures and AF-like microstructures, which
can be attributed to the increased intragranular nucleation sites. However, in the high cooling rate range (20
to 100 K/s), the beneﬁcial microstructure reﬁning eﬀect
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of austenite deformation completely disappears, and the
increase of eﬀective grain size occurs when BF becomes
the dominant phase. Therefore, the controversial inﬂuence of austenite deformation on the eﬀective grain size
of low-temperature transformation products can be
related to the diﬀerences in transformation conditions
and ﬁnal microstructures.

V.

CONCLUSIONS

In this research, the eﬀect of austenite deformation on
the microstructure evolution and grain reﬁnement of a
niobium microalloyed steel subjected to PSC and ACC
was investigated. The following conclusions can be
drawn.
1.

2.

3.

4.

With the increase of strain from 0 to 0.5, a
transition from BF to AF occurs, owing to the
introduction of intragranular nucleation sites, and
the microhardness and the overall grain boundary
density increase with the rise of AF fraction in the
transformed microstructure.
Increasing strain further from 0.5 to 0.7 leads to a
reduced microhardness and an inhomogeneous
transformation microstructure with fine AF laths
surrounded by coarse, blocky BF packets. This can
be attributed to the occurrence of DRX and
subsequent postdynamic softening with strain of
0.7, which leads to a partially recrystallized austenite and a drop of accumulated strain in austenite.
The displacive transformation characteristic of BF
and AF can be seen directly from the significantly
lower boundary densities with disorientation angles
between 21 and 47 deg. Due to the differences in the
formation mechanisms of boundaries with various
disorientation angles, the changes of boundary
densities in different disorientation angle ranges
with the increase of strain 2 are not the same.
The effective grain size measured accurately from
EBSD mapping reduces with the increase of accumulated strain in austenite. Although this is consistent with some research results, it contradicts
other investigations showing grain coarsening after
austenite deformation. This discrepancy can be
related to differences in the transformation conditions and, thus, the transformed microstructures
between these investigations. It was also found that
active intragranular nucleation sites are important
in achieving grain refinement.
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