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Abstract
Donor-doped SrTiO3 ceramics are very promising n-type oxide thermoelectrics. We show that significant improvements in the thermoelectric Power Factor can be achieved by control of the nanostructure and microstructure. Using additions of B2O3 and ZrO2, high density, high quality Sr0.9Nd0.1TiO3 ceramics were synthesised by the mixed oxide route; samples were heat treated in a single step under reducing atmospheres at 1673 K. Synchrotron and electron diffraction studies revealed an I4/mcm tetragonal symmetry for all specimens. Microstructure development depended on the ZrO2 content; low level additions of ZrO2 (up to 0.3 wt%) led to a uniform grain size with transformation-induced sub-grain boundaries. HRTEM studies showed high density of dislocations within the grains; the dislocations comprised (100) and (110) edge dislocations with Burger vector of d(100) and d(110) respectively. Zr doping promoted atomic level homogenization and a uniform distribution of Nd and Sr in the lattice, inducing greatly enhanced carrier mobility. Transport property measurements showed a significant increase in power factor, mainly resulting from the enhanced electrical conductivity while the Seebeck coefficients were unchanged. In optimised samples a power factor of 2.0×10-3 W m-1 K-2 was obtained at 500 K. This is a ~ 30% improvement compared to the highest values reported for SrTiO3–based ceramics. The highest ZT value for Sr0.9Nd0.1TiO3 was 0.37 at 1015 K. This paper demonstrates the critical importance of controlling the structure at the atomic level and the effectiveness of minor dopants in enhancing the thermoelectric response.


Introduction 
Oxide materials are promising for high temperature thermoelectric applications due to thermal and chemical stability at high temperatures in both oxidising and inert atmospheres. Candidate materials are frequently screened by evaluating the dimensionless thermoelectric figure of merit, ZT=T; where σ is electrical conductivity, S is Seebeck coefficient and κ thermal conductivity. To maximise ZT requires a simultaneous increase in electrical conductivity and decrease in thermal conductivity, although the two parameters are intimately linked. Following early work on layered cobaltites a wide variety of different oxides have been investigated with n-type thermoelectrics including SrTiO3,1 CaMnO3,2  Zn0.96Al0.02Ga0.02O,3 Magnelí phase oxides (TiO2-x,4 WO2.95 and Nb12O296), tungsten bronze structured oxides (Ba5.19Nd8.54Ti18O547) and homologous series oxides (In2O3(ZnO)m8 and Ga2O3(ZnO)m9). The most promising p-type thermoelectric oxides include Na(Co0.95Cu0.05)2O4,10 Ca3Co4O9,11 and Bi2Sr2Co2Ox12.
The n-type SrTiO3 has attracted considerable interest because of its high Seebeck coefficient and the fact that the power factor of single crystal material is comparable to that of Bi2Te31 employed in commercial thermoelectric devices. However, the high lattice thermal conductivity of polycrystalline SrTiO3 is still a drawback (κ>3 W m-1 K-1 at 1000 K),13 and the small mean-free-path of phonons (≈ 2 nm at 1000 K) limits use of nanostructuring as a route to reduce thermal conductivity.6 In general, the highest ZT values for SrTiO3 have been achieved by sintering at high temperatures for extended sintering periods under reducing atmospheres. The collected results of studies on the effects of different dopants and doping conditions (summarised in Figure S.1, supplementary information) showed that the optimum concentration for A-site doping was ~10 at.% and preferably with dopants from lanthanide series of elements.13−22 In this regard, doping SrTiO3 with lanthanides having greater ionic radii (La, Pr, etc.) tends to lead to an increased power factor as a result of reduced carrier localisation.13−17,19,20,22 In contrast, doping with smaller ionic radii lanthanides (Gd, Dy, etc.) tends to result in lower thermal conductivity because of the increase in mass and strain contrast.13,15,18,21  For example Liu et al.14 showed that Nd doping at 10 at.%  simultaneously improved the ZT value of SrTiO3 by enhancement of power factor and reduction of thermal conductivity. Subsequently Kovalevsky et al.13 and Liu et al.14 further increased the power factor of SrTiO3 by inclusion of 10 at.% Nd, and Kovalevsky et al.13 showed that annealing in a strongly reducing atmosphere (10%H2-90%N2) would lead to a further improvement in power factor. The highest power factor among Nd-doped SrTiO3 studies reported thus far is ~1.55×10‑3 W m-1 K-2 at 673 K and the highest ZT value reported is 0.39 for Sr0.9Nd0.1TiO3 at 1073 K.13 For many applications increasing the power factor is more valuable than simply increasing ZT as the power output (Pout) is directly related to the power factor (Equation 1) whereas the relationship between the efficiency (η) and ZT is not as straightforward (Equation 2).23,24 For instance, increasing the power factor by 25% leads to 25% improvement in Pout while there is only 11.1% improvement in η when ZT is improved from 0.37 to 0.42.
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where; ∆T=TH–TC, TH is the hot side temperature, TC is the cold side temperature and  is the average ZT of the module.
The objective of the present study was therefore to improve the thermoelectric properties, or more specifically the power factor, of 10 at.% Nd-doped SrTiO3 by using minor additives to control the microstructure and transport properties. We selected B2O3 to promote liquid phase sintering, thereby improving sinterability at lower temperatures. The amount of B2O3 was determined from earlier studies25 which suggested that 0.5 wt.% addition was sufficient for the preparation of dense ceramics. ZrO2 was used to modify the electronic properties of Nd-doped SrTiO3 while maintaining acceptable thermal conductivity. It was also anticipated that ZrO2 additions could improve carrier mobility.26,27 One of the few studies on the effect of ZrO2 additions27 suggested that zirconia increased carrier mobility, but reduced sinterability when the amount of ZrO2 addition was greater than 1 wt.%. By adding small amounts of both B2O3 and ZrO2 we sought to improve both microstructure development and transport properties. By the addition of 0.5 wt.% B2O3 and 0.3 wt.% ZrO2, the thermoelectric power factor was increased by nearly 30% and ZT was at least  comparable to the previously reported work on Sr0.9Nd0.1TiO3. The significant improvements were a consequence of the modification and control of microstructure and chemical homogeneity of the material. 
Experimental
Synthesis and Processing of Sr0.9Nd0.1TiO3
Samples of Sr0.9Nd0.1TiO3 were synthesised by conventional mixed oxide techniques using SrCO3 (Sigma Aldrich, >99.9%), TiO2 (Sigma Aldrich, ≥99.9%) and Nd2O3 (Π-KEM, >99.9%) powders. Nd2O3 powders were dried in air at 1173 K for 6 hours prior to weighing. The starting powders were wet-milled for 24 hours using zirconia media and propan-2-ol then dried at 363 K for 24 hours. The mixed powders were calcined in air at 1473 K for 8 hours using an alumina crucible. Dopants (0.5 wt% B2O3 and x wt% ZrO2; x=0, 0.2, 0.3, 0.4 and 0.8) were added and the same milling and drying procedures were then used to homogeneously mix the additives with calcined powders. The resulting powders were uniaxially pressed at ~50 MPa to form cylindrical pellets 20 mm in diameter and then sintered in 5%H2-95%Ar atmosphere at 1673 K between 4 and 24 hours. Since all the formulations contain 0.5 wt% of B2O3, hereafter the B2O3 content will not specified; only the ZrO2 content will be mentioned. The sample codes are listed in Table 1. 
Table 1 Sintering times, additive levels and samples codes
	Composition
	Additives
	Sintering time
	Sample Code

	Sr0.9Nd0.1TiO3±δ
	0.5 w.% B2O3
	12 hours
	0Z-12h

	
	0.5 w.% B2O3 + 0.2 wt.% ZrO2
	12 hours
	2Z-12h

	
	0.5 w.% B2O3 + 0.3 wt.% ZrO2
	12 hours
	3Z-12h

	
	0.5 w.% B2O3 + 0.4 wt.% ZrO2
	12 hours
	4Z-12h

	
	0.5 w.% B2O3 + 0.8 wt.% ZrO2
	12 hours
	8Z-12h

	
	0.5 w.% B2O3 + 0.3 wt.% ZrO2
	4 hours
	3Z-4h

	
	0.5 w.% B2O3 + 0.3 wt.% ZrO2
	24 hours
	3Z-24h



Characterisation
Phase analysis was undertaken with a Philips X’Pert diffractometer with a Cu-Kα source (λ=1.540598 Å); diffraction patterns were collected between 20o to 80o using a step size of 0.005 and a dwell time of 7 seconds/step. Diffraction patterns for selected samples were also obtained using Synchrotron X-ray powder diffraction (SXPD) on beam line I11 at the Diamond Light Source, UK.28 High resolution SXPD patterns (0.001° data binned size) were recorded using multi-analyser crystal (MAC) detectors. Structural details were obtained from data refinements using TOPAS 5.0 Software.29
The microstructures of the polished sample surfaces were investigated using a Philips XL30 FEG-SEM equipped with an energy dispersive X-ray (EDX) detector. Bar shaped samples were cut from the sintered pellets and ground using SiC papers down to 4000-grade. The surface was further polished using 1 and ¼ μm diamond paste to achieve mirror-like finish; final polishing was carried out using a colloidal solution of silica suspension (OPS). The average grain size was determined using linear intercept method of Mendelson.30 
Samples for TEM and STEM investigation were prepared by both standard crushing and ion beam thinning techniques. For the crushing method, the sintered disks were crushed to powder using an agate mortar and pestle. Grains of individual powders were dispersed in chloroform, dropped onto a copper grid covered with a holey carbon film, and then dried. For ion beam-thinning, specimens were first ground on 1200 grade SiC to reduce the thickness to ~300 μm. They were ultrasonically cut into 3 mm diameter disks (Model KT150; Kerry Ultrasonic Ltd.) then dimpled (Model D500; VCR Group, San Francisco, CA) to reduce the thickness of the centre of the disk to 30 μm. Finally, the disks were ion beam thinned (using a Gatan precision ion polishing system model 691; PIPSTM) operating at 4–6 kV. Structures were initially investigated using selected area electron diffraction (SAED) and high-resolution transmission electron microscopy (HRTEM) techniques using a FEI FEGTEM (Tecnai G2, Hillsboro, OR) operating at 300 kV. Subsequently, atomic level resolution level structural characterization was carried out using an aberration-corrected Nion microscope (UltraSTEM100; Nion Company, Kirkland, WA) located at the Daresbury SuperSTEM Laboratory in the United Kingdom.
X-ray photoelectron spectroscopy (XPS) patterns were obtained by a Kratos Axis Ultra spectrometer with monochromatic Al Kα radiation (Esource= 1486.69 eV). XPS binding energies were calibrated using C 1s peak (284.8 eV). Peak fitting was carried out using the CASA XPS program, which allowed the determination of FWHM, peak location, and optimal peak shape within the data constraints using a mix of Lorentzian and Gaussian characters.
The electrical conductivity and the Seebeck coefficients of the samples were determined simultaneously using bar shaped samples (2.5x2.5x15 mm3) with an ULVAC ZEM-3 facility between 300 and 1050 K in a low pressure He atmosphere. 
The thermal conductivity (κ=αρCp) of the samples was determined from thermal diffusivity (α), density (ρ) and the specific heat capacity (Cp) data. The thermal diffusivity was determined using laser flash method in Ar atmosphere with a NETZCH LFA-427, while the specific heat capacity was obtained by differential scanning calorimetry (DSC) with a Netzsch STA 449C in Ar atmosphere. These measurements were undertaken between 300 and 1050 K. The densities of the samples were deduced from mass and dimension measurements.
Results and Discussion
Bulk Properties
All the ceramic samples were high density (> 95% theoretical), crack-free and dark grey in colour. The incorporation of 0.5 wt% B2O3 in the starting materials enabled effective synthesis by a liquid phase sintering mechanism, and reduction in the processing temperature by 50 to 150 K compared to many earlier studies.13−15,31 Boron oxide is well established as a processing aid for electroceramics,25 but when it was used as a dopant in single crystal SrTiO3, it was shown to improve the electrical conductivity,32 hence an additional reason for its use here.
Phase Analysis 
From initial structural characterisation, using laboratory X-Ray Diffraction, all the Sr0.9Nd0.1TiO3 ceramics (0Z to 8Z) were single phase (Figure S.2, supplementary information). The effect of ZrO2 additions on the structure of the samples was examined by synchrotron X-ray powder diffraction (SXPD). The ceramics sintered for 12 hours had tetragonal structure (at ≈ √2ap and ct ≈ 2ap with space group I4/mcm) irrespective of ZrO2 content. This was apparent from the splitting of (200)p peak and the appearance of a weak reflection corresponding to anti-phase tilting of TiO6 octahedra as shown in Figure 1a. The changes in lattice parameters obtained by Rietveld refinement of the SXPD pattern are presented in Figure 1b and Table S.1 (supplementary information). With increasing ZrO2 additions, the peak positions were displaced to lower angles reflecting the net increase in unit cell volume. This could be linked to the reduction of titanium from Ti4+→Ti3+ (ionic radii: =0.605 Å and =0.67 Å, and the formation of oxygen vacancies under reducing conditions.33,34 It could also result from the substitution of Zr into the host matrix as observed in earlier studies;35 however, it is hard to estimate the degree of substitution of Zr into the perovskite lattice. As expected the unit cell volumes for Sr0.9Nd0.1TiO3 samples were smaller than for the SrTiO3 (ap=3.905 Å) base material, confirming the successful substitution of the smaller Nd for Sr on the perovskite A-site (=1.31 Å and =1.16 Å36). The lattice parameters for Sr0.9Nd0.1TiO3 (Figure 1b) are comparable to those reported previously.13,14
Our initial study showed the addition of 0.3 wt.% ZrO2 to be optimum for improving the thermoelectric properties. Thus, the effect of sintering time (4, 12 and 24 hours) on this formulation was investigated. Figures S.3 and S.4 (see supplementary information) show the Cu-radiation XRD patterns and Rietveld refinements for the samples; the variation in lattice parameter with sintering time is presented in Figure 1c. The 3Z samples sintered for less than 12 hours exhibited a mixture of cubic (Pmm) and tetragonal (I4/mcm) structures while the samples sintered for 12 and longer were single phase with tetragonal structure (I4/mcm). The cubic structure for Sr0.9Nd0.1TiO3 had previously been reported14 while the most recent studies suggested a tetragonal structure.13 Our data clarifies the apparent discrepancy between the earlier studies since a shorter sintering time leads to a cubic structure, but then changes to tetragonal with prolonged heat treatment. This change in the crystal symmetry with sintering time can be linked to the increase in oxygen deficiency content with sintering time. Gong et al.37 showed that with increasing oxygen deficiency, SrTiO3-δ crystals developed a tetragonal crystal structure.
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Figure 1 (a) Full profile Rietveld refinement of SXPD (λ=0.825939(10) Å) data for Sr0.9Nd0.1TiO3 prepared with 0.3 wt.% ZrO2 (i.e. 3Z); (b) lattice parameters as a function of ZrO2 content; (c) lattice parameters as a function of sintering time for samples 3Z. Uncertainty bars are included but are smaller than the symbol size.

Microstructure and Nanostructure
SEM back scattered electron (BSE) micrographs Sr0.9Nd0.1TiO3 samples prepared with different amounts of ZrO2 (sintered for 12 hours) are shown in Figure 2. For the 0Z-12h sample, grain inhomogeneity was observed with localised fine grain clusters (highlighted by red arrows in Figure 2a). However, increasing ZrO2 content to 0.3 wt% led to a relatively homogeneous microstructure with narrow grain size distribution and average grain size (~52 μm) as seen in Figure 2b. Further increase in ZrO2 level to 0.8 wt% inhibited the grain growth, which resulted in a much smaller grain size (~7.0 μm) but with significant variation, as highlighted by blue arrows in Figure 2c. The effect of sintering time on the microstructure was limited, with the average grain size varying between 46 and 59 μm for the samples sintered for up to 24 hours (see Figures S.5 and S.6 in supplementary information for micrographs and grain size distributions). There was no evidence of secondary phases, confirming the single phase nature of the samples. Finally, domain-like features, due to the phase transformation from high symmetry structures formed at high temperature to lower symmetry structure at room temperature,38 are shown in Figure 2d. The width of these features typically are >1μm for all the samples irrespective of ZrO2 content, which is larger than phonon mean free path for SrTiO3 (typically <10 nm).39 In order to act as phonon scattering centres and reduce thermal conductivity, it is generally suggested that maximum domain size should be ~20 nm.40 Therefore, these domain features are not expected to have a significant effect on the thermal transport properties.
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Figure 2 SEM-BSE micrographs showing the effect of ZrO2 content on the microstructure of (a) 0Z-12h, (b) 3Z-12h, (c) 8Z-12h samples. (d) Higher magnification micrograph showing the domain-like features observed in 3Z-12h sample

SAED patterns for the samples prepared with different ZrO2 content were collected along [001]p, [110]p and [111]p zone axes to confirm the crystal structure of the samples (Figure 3 for 3Z samples and Figure S.7 for 0Z, 3Z and 8Z samples). Only reflections corresponding to aristotype structure were present in the patterns along [001]p and [111]p zone axes. However, ½{ooo} type reflections (labelled as “t” on the patterns) were present in [110]p zone axis. This type of reflections is due to antiphase tilting of the TiO6 octahedra and indicates that the tilt system for the samples to be a0a0c–, according to Glazer’s notation.41 Thus the crystal structure for the samples heat treated for 12 hours was confirmed to be tetragonal with I4/mcm space group,42 consistent with XRD data (Figure 1c and Figure S.3 in supplementary information).
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Figure 3 SAED patterns along major zone axes for 3Z-12h sample

HRTEM imaging was employed to analyse the sub-grain features with respect to ZrO2 content. A high density of dislocations was present in the samples irrespective of ZrO2 content (Figure S.8 in supplementary information).The nature of the dislocations was analysed using HAADF (averaged by non-rigid registration43) techniques and by applying Inverse Fourier Transformation (IFFT) to the dislocation core (as presented in Figure 4a-c). The application of IFFT revealed lattice fringes along (100) and (011) planes (Figure 4a-b), confirming the presence of a complex dislocation core. These edge dislocations had Burgers’ vectors (BV) of ½d(110)cubic and ½d(100)cubic, respectively (Figure 4c). This is the first observation of complex dislocation cores in an oxygen deficient polycrystalline SrTiO3 based ceramic and is consistent with reports on the dislocation core structures for SrTiO3.44−48 This work has shown that in the core region there will be localised variation in site occupancies, rearrangements of Ti-O octahedra and the appearance of Ti on Sr sites due to a different configuration of edge sharing octahedra. The presence of such configurations is highlighted by the arrows in Figure 4c. This chemically composite nature of the dislocations and its possible effect on both electrical and thermal conductivity will be discussed later. 
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Figure 4 IFFT from (a) (100) and (b) (011) reflections of the dislocation core shown in (c) HAADF image along [110] zone axis of 0Z-12h sample

Another important observation from HRTEM was the presence of nano-inclusions, typically 5nm in size, in the 0Z-12h samples. Examples of the nano-inclusions are presented in the low magnification TEM image of [001]p zone axis (Figure 5a). Figure 5b-e presents [110]p zone axis HRTEM image, SAED pattern and Fourier Transformation (FFT) from the matrix and inclusion. Both the matrix and inclusions exhibit the same main reflections indicating both have a similar crystal structure. However, extra reflections around ½(11) reflections of [110]p exist in the FFT of the inclusion, arrowed in Figure 5d and in the SADP arrowed in Figure 5e. The presence of extra reflections indicated the existence of a superlattice structure in the inclusion. In contrast to the observation of nano-inclusions in the 0Z-12h samples, the HRTEM study of 3Z-12h samples showed them to be single phase with no inclusions. As highlighted above, the presence of a high density of dislocations was a significant feature of the microstructure. The dislocations could have arisen as a consequence of liquid phase formation (generated by the additives25,49) enabling grain boundary migration50,51 and resulting growth accidents.52 Therefore, 0Z-12h and 3Z-12h samples were investigated using aberration corrected STEM (SuperSTEM2, Daresbury facility).
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Figure 5  (a) HRTEM image showing the presence of precipitates in the sample for 0Z-12h sample;  (b) HRTEM image and (e) [110]p zone axis SAED showing  the extra reflections ;  (c) and (d) the FFT from matrix and inclusion sections in the samples. Additional reflections from the inclusion are highlighted by arrows in both SAED and FFT.

HAADF images were collected along [001]p and [110]p zone axis and EELS maps were obtained for both 0Z-12h and 3Z-12h samples. The [001]p data are presented in Figure 6a-j. Ti L2,3 edge map for the sample without ZrO2 addition (Figure 6c) showed that the B-site is only occupied by Ti and its distribution is homogenous. The Nd M4,5 EELS map, shown in Figure 6d, suggests that only Nd is distributed in the A-site. However, the distribution is non-uniform. This observation was the case for different areas from which data were collected. On the other hand, when 0.3 wt% ZrO2 is added,  both Nd and Ti are uniformly distributed in A- and B-sites, as shown in Figure 6h-i; in total contrast to the samples without addition of ZrO2. Furthermore, the substitution of Nd into only A-sites was also confirmed since no Nd signal was detected from Ti columns. Therefore, it can be concluded that the presence of ZrO2 in the starting formulation promotes atomic level chemical homogeneity in Nd-doped SrTiO3 ceramics. The increased solubility of the Nd-rich phase in the SrTiO3 matrix is encouraged by the formation of a liquid phase26,27 upon ZrO2 addition (Equations 3 and 4), which leads to the homogeneous distribution of Nd in the lattice.
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[bookmark: _Ref515366509]Figure 6 HAADF image along [001]p zone axis and corresponding HAADF image during data accusation and EELS maps from area of interest (green rectangle in the HAADF images) for the matrix phase of (a-e) 0Z-12h and (f-j) 3Z-12h samples

To reinforce the differences between samples prepared with and without zirconia, [110]p HAADF-EELS data for 0Z-12h samples are presented in Figure 7a-f. The area for data collection contains both the matrix phase and the inclusion (green rectangle in the HAADF image). It can be seen from the HAADF image in Figure 7b that there is no change in the ordering of atomic columns between the matrix and the inclusion. This was the case for the HAADF images collected along [001]p zone axis suggesting that the inclusion may have a perovskite type crystal structure. Alternatively, EELS maps revealed that there is difference in Ti, O and Nd signal from the matrix and inclusion, which is richer in content of these elements in the inclusion. Based on these observations the secondary phase precipitates is inferred to be a neodymium titanate based compound and probably Nd2Ti2O7 which was detected in the XRD pattern of calcined powders before the final sintering.
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[bookmark: _Ref514591961]Figure 7 [001]p HAADF-EELS data for 0Z-12h sample; (a) HAADF image from the matrix and the inclusion, (b) HAADF image during accusation of EELS (c)-(f) EELS maps from area of interest using Ti L2,3, O K and Nd M4,5 edges.

X-ray Photoelectron Spectroscopy
High resolution XPS were collected to determine the concentration of Ti3+ in the samples.   The Ti 2p spectra for the 3Z-12h sample, which is typical for all the samples, is presented in Figure 8. The Ti 2p3/2 and 2p1/2 core levels are due to 4+ and 3+ oxidation states in the samples. As expected, spin orbital splitting (∆s.o.) of 2p3/2 and 2p1/2 core levels are ~5.7 eV for all the samples;53−55 Ti 2p doublet peaks for Ti4+ are located at approximately 458.4 (Ti4+  2p3/2) and 464.1 (Ti4+  2p1/2) eV, which is similar to previous data for SrTiO3.53,56,57 The XPS results showed that the [Ti3+] content in samples prepared with with ZrO2 additions up to 0.8 wt% was 5.9±0.4 %. Analysis of the samples for the optimised composition (0.3 wt% ZrO2 addition) as a function of sintering time yielded a marginally lower, but not significantly different [Ti3+] content of 5.6±0.2 %. The variation in Ti3+ concentration is expected to have a limited effect on carrier concentrations.
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Figure 8 Ti 2p high-resolution XPS spectra of the sample with 0.3 wt% ZrO2 addition
Thermoelectric Properties
Electronic transport properties are presented in Figure 9. It is clear that electrical conductivity (Figure 9a) and power factor (Figure 9c) are sensitive to ZrO2 content, achieving maximum values for the samples prepared with 0.3 wt% ZrO2. In contrast, the Seebeck coefficients (Figure 9b) are insensitive to zirconia content. The samples, except for 0Z-12h, exhibited metallic type conduction behaviour above room temperature while semiconductor-like behaviour was observed for the 0Z-12h sample and the rest of the samples near room temperature. This type of temperature dependency is typical for Sr0.9Nd0.1TiO3 ceramics and linked to the distortion of the lattice14 and also the formation of high-ohmic depletion layers.13 At 313 K the electrical conductivity increased from 40 S cm-1 (0Z-12h) to 1420 S cm-1 with only 0.3 wt% ZrO2 addition, while it had a less pronounced effect at high temperatures (Figure S.9a in supplementary information). This suggests that grain boundary scattering is dominant at low temperatures, since the variation of electrical conductivity with microstructure (due to changes in ZrO2) content was limited to these temperatures.58 These trends are consistent with the earlier investigations of the effect of yttria stabilised zirconia (YSZ) addition on thermoelectric properties of SrNb0.15Ti0.85O3 ceramics.27,59 However, the use of much higher additions of YSZ (up to 5 mole%) led to samples of much lower density. Thus, co-doping zirconia with B2O3, which is a proven beneficial sintering aid, eliminates the densification problems and has proven very effective since low level additions of ZrO2 have enabled improvement of thermoelectric properties. Moreover, it was previously shown that the presence of dislocations can promote oxygen vacancy formation due to strain fields,48 and thereby enhance electrical conductivity through increasing the carrier concentration. As a result there was a substantial improvement in the power factor (Figure 9c). The maximum power factor increased nearly 10 fold from 0.2×10-3 to 2.0×10-3 W m-1 K-2 with only 0.3 wt% ZrO2 addition (Figure S.9b in supplementary information). However, increasing ZrO2 level to 0.8 wt% reduced the power factor to ~1.17×10-3 W m-1 K-2. The maximum power factor achieved in this study is the highest, by approximately 30% for polycrystalline SrTiO3 based ceramics prepared with conventional methods (see Table S.2 in supplementary information for more detail); previously the highest value reported was ~1.55×10-3 W m-1 K-2 for Nd-doped SrTiO3.13 Having noted the importance of power factor for selecting materials for practical applications, this is a particularly significant result.
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Figure 9 Electronic transport properties for Sr0.9Nd0.1TiO3 samples prepared with different amounts of ZrO2; (a) electrical conductivity, (b) Seebeck coefficient and (c) power factor. 

The modified Heikes formula60 for a tetragonal crystal structure (Equation 5) was used to calculate carrier concentration as a function of ZrO2 content. With this data the usual conduction relationship (Equation 6) was utilised to calculate carrier mobility. 
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where, n is carrier concentration; V is the unit cell volume; S is the Seebeck coefficient; e is elemental charge; k is the Boltzmann constant; σ is electrical conductivity and μ is carrier mobility. It was found (Table 2) that carrier concentration was independent of zirconia content, being approximately 4.2×1021 cm-3 for all the samples; this is consistent with the XPS data. However, μ changed dramatically with increasing ZrO2 content, going from 0.065 (for 0Z-12h sample) to 2.11 cm2 V-1 s-1 with only 0.3 wt% ZrO2, and then reducing to 0.91 cm2 V-1 s-1 at 0.8 wt% ZrO2. This non-linear behaviour could be linked to changes in the microstructure with ZrO2 content at both atomic and micro scale. The homogeneous distribution of Nd in the lattice means less variation in the periodic potential within the lattice, leading to reduced electron scattering and hence improved carrier mobility upon ZrO2 addition. Additionally, the increase in average grain size leads to a reduction in the concentration of grain boundaries and a net improvement in carrier mobility since grain boundaries act as scattering centres for charge carriers.61
Table 2 Carrier concentration and carrier mobility values for the samples obtained by modified Heikes formula
	Sample
	0Z-12h
	3Z-12h
	8Z-12h
	3Z-4h
	3Z-24h

	Carrier concentration 
(1021 cm-3)
	4.202
	4.205
	4.205
	4.201
	4.210

	Carrier mobility 
(cm2 V-1 s-1) 
	0.065
	2.106
	0.913
	1.402
	2.109



In view of the structural changes that occur as a function of sample processing time, the effect of sintering time on thermoelectric properties were examined, and are presented in Figure 10. These samples also exhibited a metallic conduction behaviour above 400 K, agreeing with the previous work on donor doped SrTiO3.13,62 Furthermore, electrical conductivity increased with increasing sintering time. However, this improvement was mostly limited to low temperature region (Figure 10a). On the other hand, the Seebeck coefficients   decreased linearly with temperature, varying between -80 and -220 μV K-1 (Figure 10b). The only difference was the deviation from linear decrease in S with temperature for the 3Z-4h sample, which could be linked to the presence of ionised impurities.31 The calculated values for n (~4.21×1021 cm-3) were independent of sintering time while μ increased from 1.40 to 2.11 cm2 V-1 s-1 with increasing sintering time (Table 1). This also shows that variation in the electronic properties is due to changes in the microstructure. Finally, increasing sintering time led to an increase in power factor in parallel to an improvement in σ while S was maintained (Figure 10c). The highest power factor values were 1.7, 2.0 and 1.85 ×10-3 W m-1 K-2 at ~500 K for sintering times of 4, 12 and 24 hours, respectively (Figure S.10 in supplementary information). This is approximately 10-30% improvement using lower synthesis temperatures and shorter processing times in comparison to the highest power factor values for Sr0.9Nd0.1TiO3 reported in the literature.13 The data reported were reproducible between different samples and also between heating and cooling cycles; examples are presented in Figures S.11 and S.12 (supplementary information).
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Figure 10 Electronic transport properties of 3Z samples prepared with different sintering times; (a) electrical conductivity, (b) Seebeck coefficient and (c) power factor.

The temperature dependence of total thermal conductivity (κtotal) of the optimised 3Z samples as a function of sintering time is shown in Figure 11a. At low temperatures there is a pronounced decrease in κtotal with temperature, which could be related to the boundary scattering of phonons, which tends to dominate at low temperatures.63,64 Furthermore, the presence of dislocations (highlighted in the HRTEM images, Figure S.8 in supplementary information), could also help to reduce thermal conductivity by scattering phonons at low temperatures.63−66 Overall, κtotal varies between 7.5 and 3.1 W m-1 K-1 for the samples and follows a T-1 dependency in the high temperature region due to Umklapp scattering.67 The lattice and electronic components of thermal conductivity (κlattice and κelectron) were calculated using the Wiedemann–Franz law (κelectron= LσT; L=2.44×10−8 W Ω K-2);   results are presented in Figure 11b. The electronic contribution was at maximum 30% of the total and reduced to ~15% in the high temperature region. This low temperature contribution is significant in comparison to earlier work,13 where the electronic component was less than 22% of the total. However, the presence of dislocations within grains could have helped to reduce κlattice.68
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Figure 11 Temperature dependence of (a) κtotal, and (b) κlattice and κelectronic of 3Z samples prepared with different sintering times from 4 to 24 hours

Based on the electronic and thermal transport properties, the thermoelectric figure of merit (ZT) values were calculated for the optimised 3Z samples (Figure 12). There was a significant increase in ZT as sintering time increased from 4 to 12 hours due to the noticeable decrease in |S|, but very little change for longer sintering times. The maximum ZT values achieved in this study for Sr0.9Nd0.1TiO3±δ-based ceramics (0.37 at 1015 K) are comparable with the data reported by Kovalevsky et al.13 (0.39 at 1073 K). Although marginally higher ZT values (0.41 at 973 K) have been reported for Sr0.775La0.15TiO3-δ,69 it is important to stress that the power factor increase for the present samples (30%) do represent a significant step forward. Indeed, from a practical stand point improvement in power factor by 30% is more beneficial than increasing the ZT value by 10%. While the output power of a module (Pout) is directly proportional to power factor the relationship between ZT and efficiency (η) is less direct.24 For example, increasing in power factor by 30% will result in a 30% improvement in Pout whereas increasing ZT from 0.37 to 0.42 only leads to an 11% improvement in η.
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Figure 12 Temperature dependence of dimensionless figure of merit, ZT of 3Z samples prepared with different sintering times from 4 to 24 hours

Conclusions 
This work presents important new information on the behaviour of a leading n-type thermoelectric oxide and a route to control structure and enhance transport properties. High density, high quality Sr0.9Nd0.1TiO3±δ polycrystalline samples were synthesised by single step heat treatment in a reducing atmosphere with the aid of additives: B2O3 reduced the processing temperature through development of a liquid phase; ZrO2 additions controlled the nanostructure, microstructure and thermoelectric properties. The average grain size decreased with increasing ZrO2 addition; 0.3 wt% ZrO2 provided most homogeneous grain size distribution. 
HRTEM confirmed the I4/mcm tetragonal symmetry of the samples and the presence of a high density of dislocation irrespective of ZrO2 content (0.0-0.8 wt%). In samples prepared without ZrO2 additions, neodymium-rich precipitates (inferred to be Nd2Ti2O7) were observed. However, ZrO2 additions prevented the formation of such precipitates and also promoted atom level chemical homogeneity of Nd and Sr on the perovskite A sites. Additionally, complex dislocation cores in an oxygen-deficient, polycrystalline SrTiO3 based ceramic were observed and analysed for the first time.
The incorporation of 0.3 wt% ZrO2 dramatically improved the electrical conductivity of the samples without affecting the Seebeck coefficients. This resulted from the modification of microstructure at both grain and atomic scales by inhibiting the formation of nanoinclusions and also providing a homogeneous microstructure. As a consequence there was a significant increase in electrical conductivity; carrier mobility increased by a factor of 30 while there was a limited variation in carrier concentration. This led to a maximum power factor of 2.0×10-3 W m-1 K-2 at 500 K, which is nearly a 30% improvement over previous work on SrTiO3-based ceramics. The maximum ZT was 0.37 at 1015 K. The significant (30%) enhancement of power factor achieved in the present study is more beneficial for practical applications than a modest increased in ZT value. The control of thermoelectric power factors through chemical homogeneity at the atomic level and microstructure scales could provide guidance in the routes to synthesise future target materials.
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